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Abstract 

The transition from base-load to intermittent power plant operation has led 

to the requirement for increased knowledge and more accurate prediction of 

the effects of flexible loading on plant components. This thesis is concerned 

with the experimental characterisation and novel computational modelling, 

including dislocation-mechanics based modelling, of high temperature 

cyclic plasticity and fatigue for current and next generation power plant 

materials. The modelling is designed to capture the constitutive behaviour of 

9Cr steels across a range of operating conditions, calibrated and validated 

via measured test data. Phenomenological and microstructurally-based 

models are developed at the continuum level and applied to isothermal 

fatigue, thermo-mechanical fatigue and multi-axial loading conditions 

relevant to next generation power plant. 

High temperature low cycle fatigue test programmes are conducted on P91 

steel and MarBN, a new high temperature alloy currently in development. 

The results illustrate cyclic softening due to dynamic recovery and 

dependent on the initial microstructure. A program of thermo-mechanical 

fatigue experiments is presented for P91 steel across a range of strain-rates, 

with a significant reduction in fatigue life observed for out-of-phase loading. 

This highlights the effect of thermal transients on the material performance. 

The observed strain-rate effect is incorporated within a phenomenological 

material model via a hyperbolic sine constitutive equation. The hyperbolic 

sine framework enables variable strain-rate sensitivity in the model and the 

successful prediction of the strain-rate effect at higher and intermediate 

strain-rates. A phenomenological kinematic hardening model enables 

prediction of the effect of the various strengthening mechanisms, with 

isotropic softening included to predict the cyclic softening behaviour. The 

material model is implemented in a UMAT user material subroutine, 

including consistent tangent stiffness, for use with the commercial finite 

element code Abaqus and calibrated using a step-by-step parameter 

identification methodology. The material model is successfully validated 
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against isothermal fatigue, thermo-mechanical fatigue and stress relaxation 

behaviour via comparison with experimental data, and demonstrated for 

multi-axial applications to notched specimen geometries and thin-walled 

pipes.  

A novel dislocation-mechanics based constitutive model is developed, 

including mean values of microstructural parameters related to the key 

strengthening mechanisms in 9-12Cr steels. This model includes kinematic 

hardening based on back-stresses developed due to the presence of 

precipitates, as well as the pile-up of dislocations at high-angle grain 

boundaries. A dislocation-mechanics approach is implemented to predict 

recovery in the material. The novel material model is applied to high 

temperature fatigue of P91 steel and successfully compared to experimental 

test data and measured evolutions of key microstructural parameters, viz. 

dislocation density and martensitic lath width. These results illustrate the 

ability of the microstructure-sensitive framework to capture both the 

constitutive behaviour and mean microstructural evolutions of 9Cr steels. 

This model enables successful advancement of the microstructure under 

flexible operation within a wider creep-fatigue modelling methodology at 

the macro-scale and component levels.  

The microstructure-sensitive material model developed in this work will 

allow for more accurate simulations of the constitutive behaviour of 

complex 9Cr welded connections in power plant components. This will, in 

turn, enable power plant designers to account for microstructural 

degradation during cyclic viscoplastic deformation. 
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1. Introduction 

1.1. General  

Deformation of materials via microstructural degradation remains a key 

limiting factor to more sustainable energy production. In terms of fossil fuel 

based electrical power generation, the current demand for improved plant 

efficiency and reduced emissions via increased plant operating temperatures 

(e.g. towards ultra-supercritical operation) is concomitant with a shift to 

intermittent mode operation to accommodate renewable sources of energy. 

This combination of more severe loading conditions (e.g. increased steam 

temperature and pressure) under flexible operation has led to expanding and 

increasing complexity in the mechanisms of deformation of advanced alloys 

for high temperature power generation. 

To facilitate the successful development of advanced high temperature 

materials for next generation power plants, it is important to characterise 

and understand interactions of creep, fatigue and oxidation loading in 

candidate materials. Although the creep response of the current state-of-the-

art materials is relatively well understood, the high temperature fatigue and 

thermo-mechanical loading of such materials has not received as much 

attention. Coupled with the need to characterise the next generation of 

materials for higher temperature applications, improvements to macro-scale 

material models for high temperature fatigue are required to capture 

adjustments to the mechanisms of deformation in light of recent changes 

and future challenges in electricity generation.   

The focus of this chapter is to highlight recent developments in electrical 

power generation and the requirement for advanced materials development. 

In particular, this chapter deals with the background and motivation for this 

research, including an overview of recent changes in power generation and 

the requirement for materials with improved high temperature fatigue and 

creep resistance in Section 1.2. Section 1.3 discusses the benefits of using 

9Cr steels for high temperature applications in current and next generation 
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power plants, and the concept of a design tool for the improvement of such 

steels is presented in Section 1.4. The main motivations for conducting this 

research, including the primary aims and objectives are outlined in Section 

1.5 and Section 1.6 summaries the scope of work presented in the thesis. 

1.2. The Changing Landscape of Power Generation 

Modern and next generation power plants are currently (i) in transition from 

base-load (continuous operation under constant load between standard 

scheduled maintenance with a design life of approximately 200,000 hrs) to 

intermittent-mode operation to accommodate renewable sources of energy 

and continuous mixing of energy sources, and (ii) seeking to improve 

efficiency and reduce emissions via increased steam temperatures and 

pressures. 

These changes are required to meet regulations such as the European Union 

Directive 2009/28/EC. Under this directive, for example, Ireland has set out 

targets of generating at least 16 % of its electrical power from renewable 

sources by the year 2020. As illustrated in Figure 1.1, it is proposed to 

achieve these goals predominantly using wind power generation, which is 

by nature an unpredictable source. Thus, conventional power plant, 

designed for long-term operation under constant load, must now be capable 

of starting and shutting down much more frequently. This involves complex 

attemperation cycles during start-up, where the temperature varies as per the 

measured data of Figure 1.2a, which shows a typical start-up attemperation 

cycle in Lough Ree power plant (Ireland). These complex start-up cycles 

induce thermal gradients, which in turn cause thermo-mechanical fatigue 

(TMF) of plant components. TMF is a simultaneous cyclic variation of 

temperature and pressure, leading to continuous microstructural degradation 

and deformation of materials and hence, reduction of plant life. Particularly 

susceptible to TMF are heavy wall header units, which comprise of complex 

geometrical cylinders with many welded connections as illustrated in Figure 

1.2b. 
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Figure 1.1: Measured and predicted breakdown of the energy mix in Ireland 
(courtesy of EirGrid). 

 

Figure 1.2: Lough Ree power station (a) measured steam histories during a start-up 
cycle and (b) installation of a branched header [Courtesy of Stephen Scully, ESB 
Energy International]. 

The requirement to improve plant efficiency is related to (i) more 

sustainable and cleaner energy production and (ii) the requirement to reduce 

the economic cost of fossil fuel energy production. The efficiency of a 

power plant can most simply be described in terms of Carnot efficiency, 

which states that the thermal efficiency of a fully reversible heat engine with 

no losses is: 

1     (1.1) 

where TL and TH are the lowest and highest plant temperatures, respectively. 

Hence, under the assumption that TL is a constant of approximately 293 K, 

significant gains in thermal efficiency can be achieved by raising the 

maximum plant operating temperature. Coupled with an increase in plant 
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operating pressures, current power plant components are subjected to 

increased creep deformation. Creep is time-dependent high temperature 

deformation under an applied stress in metallic materials, where the 

dominant mechanism of deformation is dependent on the material 

microstructure, loading conditions and operating temperature. 

The current generation of materials, namely the 9Cr family of steels, are 

designed for safe operation at temperatures of less than 550 °C [Fournier et 

al., 2009b]. At temperatures above this, rapid degradation of the 

microstructure occurs. As it is not economically feasible to manufacture the 

majority of plant components from expensive Ni-based superalloys, there is 

a requirement to enhance the capability of 9Cr steels and develop new 

metallic materials capable of withstanding high temperature creep-TMF 

deformation.  

An additional and possibly more important reason for improving plant 

efficiency relates to the potential for reducing CO2 emissions. Operating 

power plant at higher temperatures ensures more complete combustion of 

fossil fuels, reducing the level of CO2 emitted. As illustrated in Figure 1.3, a 

2 % increase in net plant efficiency can also lead to a 5 % reduction in CO2 

emissions. However, to prolong the life of components, many plant 

operators run their plants at subcritical loading conditions (lower 

temperatures), with plant efficiencies on the order of 38 % or less and 

operating temperatures below 550 °C. As a typical power plant outage can 

cost more than €500,000 per day [Scully, 2013], and with many outages 

requiring a significant lead time to resolve failures, the financial benefit of 

operating at higher temperatures is not clear. However, there are potential 

financial savings, efficiency gains and emission reductions to be made if 

suitable materials can be found or developed in conjunction with an accurate 

life prediction methodology, to allow safer, more reliable operation under 

ultra-supercritical conditions (i.e. plant operating temperatures in excess of 

615 °C and pressures up to 30 MPa). The requirement for improved 

materials and wider maintenance schedules is the driver for more accurate 

computational models and enhanced life prediction methodologies, 
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potentially resulting in a reduction in the number of plant outages and 

microstructural degradation during start-up cycles. 

 

Figure 1.3: The effect of increasing plant efficiency on the level of CO2 emissions 
[Abson and Rothwell, 2013]. 

A further trend for power plants is a transition to biomass co-firing to reduce 

CO2 emissions. Coupled with the higher firing temperatures however, 

biomass co-firing leads to a considerable increase in corrosion of plant 

components as illustrated on the thin-walled tubes in Figure 1.4. Coupled 

with oxidation in components, the effect of corrosion manifests itself in the 

form of a net loss of material and hence, a reduction in effective wall 

thickness. Oxidation and corrosion in candidate materials also lead to a 

depletion of the strengthening mechanisms [O’Hagan et al., 2015a], 

resulting in a further reduction of component life.  
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Figure 1.4: Corrosion of steam tubes due to ash deposits [O'Hagan et al., 2015a]. 

Thus, material performance and degradation remains a key limiting factor to 

achieving more sustainable energy production with reduced CO2 emissions. 

As a consequence, there is a continuing need for advanced materials in the 

power generation industry. The development of such materials is the focus 

of the next section. Coupled with this is the requirement for the 

development of an advanced materials capability for high temperature 

interactions of fatigue, creep and oxidation and identification of the primary 

mechanisms of deformation and degradation in candidate materials.     

1.3. Materials for High Temperature Applications  

Since the start of the 1990's, most large scale high temperature power plant 

components are manufactured from 9Cr steels. Compared to their CrMoV 

predecessors, the 9Cr family of steels has improved creep strength, 

enhanced corrosion resistance and reduced cost. Originally developed at 

Oakridge National Laboratory, the inherent high creep strength of 9-12Cr 

martensitic steels is attributed to the complex hierarchical microstructure, 

which consists of prior austenite grains, packets, blocks and martensitic 

laths as illustrated schematically in Figure 1.5. This precipitate strengthened 

microstructure enables improved creep strength via grain boundary, 

precipitate and solid solution strengthening mechanisms. Since the original 

development of Grade 91 steel, many modifications and improvements, due 
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to the incorporation of additional precipitates and solutes have been made. 

Each of these strengthening mechanisms is discussed in detail in Chapters 2 

and 3. 

 

Figure 1.5: Schematic representation of the hierarchical microstructure of 9-12Cr 
steels.  

The maximum operating temperatures of various power plant materials are 

summarised in Figure 1.6. As is evident from this comparison, the 9Cr steels 

(e.g. P91, E911 and P92 steels) and the stainless steels (AISI 316, 321 and 

347) demonstrate excellent high temperature properties. Figure 1.6 also 

highlights the importance of chemical composition – the primary difference 

between P91 and P92 steels, for example, is the presence of 1.8 wt.% 

tungsten in P92 steel. Thus, small variations in composition can have a 

substantial impact on the high temperature strength of candidate materials. 

However, Figure 1.6 only highlights the high strength performance of 

candidate materials and does not account for oxidation and corrosion 

performance, cost, flexible operation and thermal expansion of candidate 

materials. 

Prior Austenite Grain
Packet 

boundary (HAB)

Block boundary 
(HAB)
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Figure 1.6: Maximum operating temperatures of various power plant steels [Ennis 
and Czyrska-Filemonowicz, 2003]. 

Due to the large cost associated with commissioning new plant and 

retrofitting old power plants, material amounts for large-scale components 

such as plant header and piping systems must be kept at a minimum. Figure 

1.7a compares the cost of a variety of steels for high temperature 

applications. The material cost increases, almost exponentially, with 

increasing allowable temperature. For example, the inclusion of nickel, 

which can be beneficial for material toughness, significantly increases cost. 

As highlighted in Figure 1.7b, the use of 9Cr steels when compared with 

low alloy CrMoV steels enables the pipe wall thickness to be reduced by up 

to 50 %, reducing the relative cost of commissioning a power plant.  
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Figure 1.7: The dependence of material choice on (a) cost as a function of 
allowable temperature for various materials at a load of 49 MPa [Masuyama, 2001] 
and (b) potential reduction in wall thickness available using 9-12Cr steels [Abson 
and Rothwell, 2013]. 

Hence, due to their high creep strength, excellent oxidation performance and 

relative expense, 9-12Cr steels are used extensively for plant header and 

piping systems. However, as power plants move to flexible operation at 

higher temperatures, premature failures of components have been observed, 

sometimes at as little as 5 % of the design life. Hence, the thermo-

mechanical fatigue (TMF) and fatigue-creep performance of candidate 

materials must be investigated in detail. The complexity of the 

microstructure and the variations in mechanisms of deformation under 

different loading conditions for next generation power plants requires 

advanced materials modelling techniques to carefully assess the challenges 

faced.  

1.4. A multi-scale approach for the design and assessment of 

9Cr steels 

The transition to flexible plant operation at high temperatures has resulted in 

the requirement for analysis of a much broader range of loading scenarios, 

pushing the current generation of materials to their limits. Due to the large 

cost and duration involved in high temperature creep-fatigue and TMF tests, 

particularly under realistic loading conditions (e.g. slow strain-rates), a 

multi-scale modelling methodology, calibrated and validated against 

relevant test data, can facilitate the characterisation of new candidate 

(a) (b)
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materials and reduce the experimental costs involved with the verification 

process. The concept of a materials design tool (MDT) for creep-fatigue-

corrosion resistant materials and components is introduced here, as depicted 

in the flowchart of Figure 1.8. The various elements of this design tool are 

now briefly outlined and it should be noted that this thesis will focus on a 

number of key aspects; namely macro-scale model development and 

experimental testing.  

 

Figure 1.8: Proposed materials design tool for the development of advanced alloys 
for next generation power plants. 

Chemical composition and heat treatment have a significant effect on the 

performance of the material due to the complex hierarchical microstructure 

of 9Cr steels. For example, the inclusion of small amounts of boron can 

provide thermal stability with respect to precipitates [Abe et al., 2008] and 

more severe heat treatments can result in a coarser microstructure [Ennis 

and Czyrska-Filemonowicz, 2003], which may prove beneficial to high 

temperature creep, while hindering the fatigue performance. Thus, these 

effects must be addressed during the design of the materials to ensure 

optimum material performance for the potentially broad set of loading 

conditions.  

In order to characterise the material behaviour for next generation loading 

conditions, a wide range of high temperature testing is required, including 
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fatigue, fatigue-creep and corrosion testing. There is also a requirement for 

microstructural analysis including optical microscopy at the grain level, 

scanning electron microscopy (SEM) to characterise the block structure and 

fractography and transmission electron microscopy (TEM) studies to 

achieve high resolution at the martensitic lath level and to acquire critical 

information on nano-scale precipitates in the material.  

Micromechanical modelling, at the block (meso-scale) and lath (micro-

scale) levels, is important for developing physically-based models to 

simulate the microstructural degradation mechanisms in 9Cr steels. These 

models can establish a microstructure from electron backscatter diffraction 

(EBSD) measurements, for example, and can be validated against 

monotonic and fatigue tests from the experimental program. Such 

micromechanical models should be based on a set of primary 

microstructural variables, including martensitic lath width, dislocation 

density and precipitate spacing and must be capable of operating through the 

range of strain-rates observed in modern power plant. 

Central to the successful development of a materials design tool is a macro-

scale material model which provides a mechanistic link between 

micromechanical modelling and simulations at the component level. Such a 

material model is required to simulate large-scale realistic geometries 

efficiently (e.g. welded, multi-tube, heavy-wall section headers), whilst at 

the same time, be capable of predicting (i) the constitutive behaviour 

observed in mechanical tests, (ii) the effects of microstructural degradation 

and (iii) the salient mechanisms of deformation. Thus, this thesis develops a 

macro-scale material model with variable strain-rate sensitivity, as well as 

identification, incorporation and evolution of a set of key microstructural 

variables which can be implemented in the macro-scale model. The set of 

key microstructural variables will also be determined based on the primary 

strengthening mechanisms under creep and cyclic loading, in such a manner 

to advance the microstructure under fatigue loading and through the 

development of a parallel microstructure-sensitive creep model, provide 

creep deformation based on the cyclically-degraded microstructure.  
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The development of a multi-scale materials design tool is intended to have 

important applications to welded connections. As failures of power plant 

components typically occur in welded connections, the development of a 

microstructure-sensitive modelling approach at the macro-scale will enable 

more accurate modelling of the heterogeneous microstructure of welded 

connections. It is not typically possible, for computational overhead reasons, 

to simulate the weld-induced heterogeneity using micromechanical models 

due to the small length-scales associated with the latter. Hence, a 

microstructure-sensitive macro-scale material model is required for welded 

analysis and design. Furthermore, the advanced material modelling 

capability developed as part of the multi-scale materials design tool will also 

enable key microstructural parameters, such as grain size and precipitate 

spacing, to be optimised for creep-fatigue deformation under realistic 

loading conditions. Through the development of a microstructure-sensitive 

model for creep-fatigue deformation and subsequent macro-scale 

simulations of realistic geometries, the key microstructural parameters can 

be achieved via careful consideration of (i) chemical composition and (ii) 

heat treatment. 

1.5. Aims and Objectives 

The aim of this thesis is to characterise, understand and simulate the 

complex high temperature cyclic plasticity behaviour of 9Cr steels and to 

investigate the primary factors affecting the performance and structural 

integrity of such alloys, with particular attention focused on current and next 

generation power plant loading conditions. There are four key elements to 

the work: 

1. The development of a unified cyclic viscoplastic modelling 

framework for variable strain-rate sensitivity for extrapolation from 

short-term tests to longer-term (realistic plant) operating conditions 

and implementation within the commercial finite element code 

Abaqus are key objectives of this thesis. The material model needs 

to be calibrated and validated across a broad range of loading 

conditions, including varying strain-ranges, strain-rates and 
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temperatures, for application to realistic geometries under flexible 

loading conditions. 

2. Another objective is the experimental characterisation of the high 

temperature low cycle fatigue (HTLCF) and TMF behaviour of P91 

steel. This thesis will also seek to investigate and understand the 

mechanisms of deformation under high temperature fatigue loading.  

3. This research characterises, for the first time, the HTLCF 

performance of MarBN (9Cr-3W-3Co-V-Nb) steel. MarBN is a new 

9Cr steel with 3 % tungsten (by weight) and small amounts of boron 

included to improve creep strength. The high temperature cyclic 

plasticity performance of MarBN is compared with that of existing 

9Cr steels, to comparatively assess the potential for MarBN to 

operate under high temperature creep-fatigue-corrosion loading 

conditions. 

4. A dislocation-mechanics based high temperature microstructure-

sensitive modelling framework will also be developed and this can 

act as an interface between the physical mechanisms at the micro-

scale and the macro-scale. This will allow robust, effective and 

efficient modelling of the effects of microstructural variables on the 

mechanical behaviour of realistic component geometries. This is 

achieved through the identification, inclusion and evolution of a set 

of key microstructural parameters. This approach will also enable 

optimisation of initial values of the microstructural variables and can 

be potentially combined with existing creep models to allow 

microstructure-sensitive creep-fatigue life prediction of components 

using a consistent set of microstructural variables.  

1.6. Thesis Overview and Scope of Research Work 

Chapter 2 contains a detailed background and review of the literature 

relevant to this research work, incorporating descriptions of fatigue and 

creep testing and numerical modelling, as well as microstructural 

investigations of 9Cr steels. Chapter 2 also discusses the microstructure, 

strengthening mechanisms and mechanisms of deformation for 9Cr steels. 
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Chapter 3 presents the results of high temperature fatigue test programs on 

two 9Cr steels, P91 and MarBN, including HTLCF and TMF testing across 

a range of temperatures, strain-rates and strain-ranges. Chapter 3 also 

includes discussion on the effect of chemical composition and heat 

treatment on the fatigue performance of 9Cr steels. 

In Chapter 4, a novel unified cyclic viscoplastic material model, specifically 

designed for strain-rate independent material parameters is developed, and 

implemented in a UMAT user material subroutine. The UMAT is 

subsequently applied to isothermal fatigue and TMF loading conditions and 

successfully compared to P91 test data available in the literature. A step-by-

step parameter identification methodology is also presented in Chapter 4, 

including calibration and validation of the unified cyclic viscoplastic 

modelling framework against the HTLCF test results of Chapter 3.  

Chapter 5 focuses on applications of the material model to (i) TMF and (ii) 

multi-axial loading conditions, to verify the use of the UMAT user material 

subroutine for such complex situations and explore some key issues for next 

generation plant components.  

A new microstructure-sensitive unified cyclic viscoplastic modelling 

framework is presented in Chapter 6, based on a dislocation-mechanics 

framework. This model includes microstructural parameters for evolution of 

martensitic lath width, dislocation density and precipitate radii and volume 

fraction. This model is calibrated and validated against (i) experimental data 

from Chapter 3 and (ii) measured microstructural evolution data from the 

literature. Significant modifications to this model are presented in Chapter 

7, most notably, a dislocation-mechanics framework for low-angle boundary 

dislocation annihilation and the inclusion of a back-stress for dislocation 

pile-up formation at grain boundaries. 

Chapter 8 presents the main conclusions, outlines the limitations of the work 

presented and includes a set of recommendations for future work. 
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2. Background and Literature Review 

2.1. Introduction  

The design and characterisation of candidate materials for high temperature 

applications is a multi-scale process involving (i) microstructural analysis, 

(ii) experimental programs and (iii) computational constitutive and failure 

models. The type of loading and service history to which the material is 

subjected can have significant implications for the material performance and 

primary mechanisms of deformation. Furthermore, small changes to 

chemical composition or heat treatment can have a dramatic effect on the 

performance of materials.  

Due to the complex precipitate-strengthened hierarchical microstructure of 

9-12Cr steels and associated microstructural evolution and degradation 

during loading, a detailed understanding of the strengthening mechanisms is 

required, as well as knowledge of the controlling mechanism of deformation 

for a given loading condition. Such information is also required to improve 

upon the current state-of-the-art materials and hence to provide component 

and equipment designers with adequate materials knowledge for harsh and 

complex loading conditions. A comprehensive experimental program, 

including tensile testing, thermal aging and oxidation, fatigue, creep, 

fatigue-creep and creep-fatigue testing is required to obtain the information 

necessary to identify the controlling mechanisms of deformation.  

Furthermore, to complement this, there is a requirement to be able to 

simulate (i) the constitutive behaviour of candidate materials and (ii) the 

failure behaviour of realistic components. The development of material 

models from a mechanistic and physical viewpoint is crucial to generating 

more accurate simulations of realistic loading conditions and associated 

microstructural degradation. The generation of such models should consider 

effects such as heat treatment to aid with identification of optimum initial 

material microstructures to withstand complex creep-fatigue-corrosion 

loading histories.   
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The following review and discussion of the literature focuses on the primary 

factors affecting material performance as highlighted above. In particular, 

this chapter presents a theoretical background for the material models 

developed in the thesis and a review of the literature relevant to the high 

temperature degradation of 9-12Cr steels and associated mechanisms of 

deformation in such materials. Firstly, the creep of metals is reviewed in 

Section 2.2, including the primary mechanisms of creep deformation, with 

the fatigue of metals reviewed in Section 2.3. The testing and modelling of 

9-12Cr steels are reviewed in Sections 2.2.2, 2.3.1and 2.4, including thermal 

ageing, creep, fatigue and various interactions of these conditions. Section 

2.5 reviews the primary methods of strengthening in steels and Section 2.6 

highlights the contribution of chemical composition and heat treatment on 

the high temperature performance of 9-12Cr steels and the role of 

microstructure on high temperature deformation. Section 2.7 highlights how 

this thesis builds upon the current literature to improve understanding of 9Cr 

steels under flexible operation. 

2.2. Creep of steel alloys 

Creep is the time-dependent accumulation of strain under a constant applied 

load. Creep of metals typically occurs at 0.3 to 0.4 of the melt temperature, 

Tm, with the melt temperature in Kelvin [Ashby and Jones, 2012]. For 9-

12Cr steels, the melt temperature is in excess of 1800 K [Yaghi et al., 2005] 

and hence, viscous effects are expected to be important at operating 

temperatures in excess of 700 K. When viscous effects are important, the 

strain becomes a function of the applied stress, σ, time, t, and temperature, 

T: 

 Ttf ,,   (2.1) 

For a uniaxial constant load test, with an applied stress of σ, the resulting 

time-strain response is illustrated schematically in Figure 2.1. The total 

strain is the sum of the elastic and creep strain components, such that: 
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plel    (2.2) 

where εel is elastic strain and εcr is creep strain. The elastic contribution is 

simply defined using Hooke’s law (εel = σ/E(T), where E(T) is temperature-

dependent Young’s modulus). However, the creep strain is more complex, 

as it is made up of three main strain contributions, namely (i) primary creep, 

(ii) secondary or steady-state creep and (iii) tertiary creep, as highlighted in 

Figure 2.1.  

 

Figure 2.1: Time-strain response of a metal subjected to a constant load test. 

The level and duration of the primary creep stage is related to hardening of 

the material due to mechanisms such as precipitate and solid solution 

strengthening, as discussed in more detail in later sections. This results in a 

deceleration of the creep strain-rate, as shown in Figure 2.2a. The duration 

of the primary creep stage is material dependent and can be quite long for 

9Cr steels due to the complex nature and evolution of the microstructure 

[Abe, 2015]. As such, the steady-state creep region is typically of short 

duration compared to other materials.  

As highlighted in Figure 2.2a, the steady-state creep region corresponds to 

the region of minimum creep strain-rate (MSR). Figure 2.2b plots the 

typical MSR-stress response observed for metals on a log-log plot. For most 

metals, two distinct linear regions (on the log-log plot) are observed, one 

region with a slope of approximately unity and the other with a slope of 
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between 3 and 12. Thus, the constitutive relationship between the steady-

state creep strain-rate, , and the applied stress, σ, can be defined using 

the Norton steady-state creep law [Norton, 1929], presented here with an 

Arrhenius term included to provide temperature-dependence: 

  nTRQcr σAε cr e0min     (2.3) 

where A0 is a material constant, Qcr is creep activation energy, R  is the 

universal gas constant, T is temperature in Kelvin and n is the Norton creep 

exponent, the slope of the (corresponding) linear region of the log(MSR)-

log(σ) plot. The creep activation energy, Qcr, and material constant A0 can be 

identified from the slope and intercept of the natural logarithm of MSR 

plotted as a function of the inverse of temperature (see inset of Figure 2.2b).   

 

Figure 2.2: Schematic representation of (a) the variance in creep strain-rate as a 
function of time and (b) the effect of applied stress on the minimum creep strain-
rate (MSR). The inset includes a schematic representation of the variation of MSR 
with the inverse of temperature. 

As creep deformation continues, creep voids and cavities begin to appear 

along grain boundaries, as shown schematically in Figure 2.3. Creep voids 

typically initiate at the point of intersection of three grains (triple point) or at 

inclusions such as precipitates distributed along grain boundaries. The 

formation of voids results in a reduced effective cross sectional area, leading 

to a decrease in material strength and therefore structural integrity of the 

component. As the time increases, these voids begin to coalesce and form 

small cracks (across a number of grains within the material), leading to the 
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development of a macroscopic crack and eventually resulting in rapid 

failure of the specimen (i.e. due to tensile overload of the specimen as a 

result of a reduced load-bearing area). The formation of voids is termed 

creep damage and occurs alongside microstructural degradation in a given 

material. As voids usually form at grain boundaries, a larger grain size (and, 

hence, a reduced number of locations for voids to initiate) is just one 

method for improving the creep strength of a given material. Other methods 

include (i) adding favourable alloying elements and (ii) careful choice of 

heat treatment procedures to retard microstructural degradation and hence, 

improve the materials resistance to creep deformation. 

 

Figure 2.3: Creep void formation and coalescence of voids to form a creep crack in 
a creep test specimen. 

It is evident from Equations (2.1) and (2.3) that both temperature and stress 

play a pivotal role in creep deformation. As expected, increasing the stress 

or temperature leads to increased strain and hence, reduced life, as 

illustrated from the measured data in Figure 2.4 for P91 steel. Figure 2.4a 

illustrates the effect of varying the stress applied at a constant temperature 

of 600 °C, where a wide range of time to failure is observed across a stress 

range from 80 MPa to 175 MPa. An even more detrimental effect is 

observed when investigating the effect of temperature on the strain 

produced, as presented in Figure 2.4b. The data acquired at 600 °C [Panait 
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et al., 2010b] indicate a creep life of approximately 113,000 hrs, whereas 

the data at 650 °C [Hyde et al., 2006] show that the creep life has reduced to 

just over 400 hrs. It is this inability to withstand increased temperatures 

which proves to be the key limiting factor in achieving increased plant 

operating temperatures and hence, improved plant efficiencies. The reason 

for decreased performance is related to (i) microstructural instabilities and 

degradation and (ii) the mechanisms of creep deformation at varying 

stresses and temperatures. However, it should be noted that the P91 material 

presented in Figure 2.4 is a significantly weaker grade of P91 material 

(defined as Bar 257) and estimated to be approximately 6 to 10 times 

weaker than conventional P91 piping steels [Hyde et al., 2006; Magnusson 

and Sandström, 2009]. Figure 2.5 presents a comparison of Bar 257 with a 

conventional P91 material from the literature at a temperature of 650 °C and 

applied stress of 70 MPa. Taking this reduced performance of Bar 257 into 

account, a creep strength reduction factor in excess of 25 exists for 

increasing the operating temperature from 600 °C to 650 °C. The 

comparison of Figure 2.5 highlights the effect of chemical composition on 

the performance of 9Cr steels. Bar 257 has increased Al content compared 

with conventional P91 steel, resulting in reduced MX precipitate 

strengthening due to the formation of AlN nitrides [Magnusson and 

Sandström, 2009]. This result also highlights the importance of MX 

precipitates to the creep strength of 9Cr steels. The microstructure of 9Cr 

steels is discussed in more detail in Section 2.6. 

 

Figure 2.4: The effect of varying (a) applied stress at 600 °C (175 MPa and 125 
MPa – [Orlová et al., 1998], 80 MPa – [Panait et al., 2010b]) and (b) temperature 
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at a constant applied stress of 80 MPa at 600 °C [Panait et al., 2010b] and 650 °C 
[Hyde et al., 2006]. 

 

Figure 2.5: Comparison of the effect of chemical composition (Al content) on the 
creep strength of Bar 257 P91 steel [Hyde et al., 2006] and conventional P91 pipe 
material [Abd El-Azim et al., 2013] for an applied stress of 70 MPa at a temperature 
of 650 °C. 

2.2.1. Mechanisms of creep deformation 

As illustrated in the results presented in Figure 2.4, stress and temperature 

play an important role in material degradation due to creep deformation. 

Various combinations of stress and temperature will activate different creep 

mechanisms of deformation, which can be summarised using deformation 

mechanisms maps [Ashby, 1972]. A deformation mechanisms map presents 

the stress-temperature relationship in metals via plotting the ratio of shear 

stress to shear modulus (τ/μ) against the homologous temperature (T/Tm). 

Figure 2.6 presents a schematic representation of a typical deformation 

mechanisms map for a steel alloy, with bulk and grain boundary diffusion 

processes corresponding to deformation with a creep exponent, n, of 

approximately unity and dislocation creep corresponding to a material 

response with an exponent of greater than 3 (see Figure 2.2b). The primary 

mechanisms of creep deformation are described in the following sections. 
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Figure 2.6: Deformation mechanisms map. 

Diffusion-based creep mechanisms: For low stress regimes and 

intermediate to high temperatures, the primary mechanism of creep 

deformation is Coble creep [Coble, 1963], in which grain-boundary 

diffusion occurs under a constant stress, σ, i.e. atoms diffuse along one 

region of interfaces such as grain boundaries to other regions of the grain 

boundary. This creep mechanism is illustrated schematically in Figure 2.7 

and the minimum creep strain-rate is given as [Hertzberg, 1996]: 
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where DGB is grain boundary diffusivity, b is the magnitude of Burger’s 

vector, kB is Boltzmann’s constant and d is grain size.  

At higher temperatures, the diffusion of atoms occurs within the grain 

(crystal) due to bulk diffusion, as illustrated schematically in Figure 2.7. 

Atoms will diffuse through the material from boundaries experiencing 

tensile loading, via a vacancy migration process, to a boundary under 

compressive loading [Herring, 1950; Nabarro, 1948]. This is Nabarro-

Herring creep, with a minimum creep strain-rate defined as [Hertzberg, 

1996]: 
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2
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where Dv is volume diffusivity through the grain interior.  

Nabarro-Herring and Coble creep are both mass transport (diffusion) creep 

mechanisms in which deformation occurs due to the presence of point 

defects, such as vacancies, in the material. From Equation (2.4) and 

Equation (2.5), both of these mechanisms of creep deformation are strongly 

dependent on the grain size, d, with an increased grain size also reducing the 

steady-state creep strain-rate at low stresses in conjunction with decreasing 

the number of potential sites for void formation. This highlights the 

importance of microstructure on material deformation and the need to 

account for evolving microstructures during high temperature deformation. 

Coble type creep is also more sensitive to varying grain size than Nabarro-

Herring creep, such that the control of grain size during heat treatment is 

extremely important for components operating in the low stress and 

intermediate-to-high temperature regime, an important regime for power 

plant components. Furthermore, as grain boundaries have a disordered 

crystal structure, grain boundary diffusion (i.e. Coble creep) occurs at a 

much quicker rate than bulk diffusion as the activation energy barrier is 

much lower at the boundaries.  

 

Figure 2.7: Grain boundary diffusion and bulk diffusion processes during creep 
deformation with an applied stress, σ, in steels.  
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Dislocation-based creep mechanisms: At higher stresses, dislocation creep 

is the dominant mechanism of creep deformation. Under conventional 

viscoplastic deformation, a dislocation will normally glide through the 

material until it becomes immobilised by interacting with obstacles such as 

precipitates, solutes or other dislocations. Due to the diffusion of atoms 

(away from the bottom of the dislocation) at high temperatures, dislocations 

can move upward off their glide path due to a climb process, as illustrated 

schematically in Figure 2.8, resulting in further viscoplastic slip. Dislocation 

creep can be modelled using the Norton creep law of Equation (2.3) and 

represents a key mode of deformation for plant components at stress 

concentrations such as welded connections with the transition to flexible 

plant operating at high strain-rates.  

 

Figure 2.8: Dislocation glide and dislocation climb processes in metals under high 
temperature deformation. 

2.2.2. Creep testing of power plant materials 

Extensive studies on creep testing of 9-12Cr steels have been carried out to 

date, e.g. Abe and co-workers [2004; 2008], Hyde and co-workers [2006], 

Orlová et al. [1998] and Panait et al. [2010a; 2010b] have all conducted 

creep tests under various loads and temperatures on 9Cr steels. As can be 

seen from the creep test results of Figure 2.4, temperature and stress have a 

large effect on the mechanism, with increasing stress and temperature 

resulting in more rapid microstructural degradation of components and 

hence, shorter creep rupture times. Due to the combination of strengthening 
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mechanisms within the microstructure of 9Cr steels, a long primary creep 

stage is a characteristic of such steels, as can be seen in Figure 2.9a for 

MarBN steels and Figure 2.9b presents the creep rupture data for a variety 

of 9Cr steels. The wide variation in time to rupture is due to variations in 

microstructure, with the inclusion of tungsten and boron contributing 

significantly to the differences between T91 and the 9Cr-3W-3Co-VNb 

steels. Under constant strain conditions, stress relaxation occurs in 9Cr 

steels, as highlighted in Figure 2.10. Following the initial relatively rapid 

decrease in stress, a steady-state value is obtained and as illustrated in 

Figure 2.10, the relaxation behaviour is temperature-dependent. 

 

Figure 2.9: Creep testing of 9Cr steels for (a) strain-rate versus time for a MarBN 
steel with varying carbon compositions for an applied stress of 140 MPa at a 
temperature of 650 °C [Abe, 2008] and (b) creep rupture data for various high 
temperature power plant steels [Abe, 2004]. 

(a) (b)
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Figure 2.10: Stress relaxation behaviour in P91 steel [Takahashi, 2008]. 

2.3. Fatigue of steel alloys 

Fatigue is the progressive degradation of a material subjected to cyclic 

loading, leading to the generation of micro-cracks and ultimately fatigue 

crack growth, until failure by fatigue occurs. Normally, these fatigue cracks 

lead to a brittle-like failure, necking does not typically occur in cyclic 

deformation due to the strains being much lower than the material ductility. 

The two primary classifications of fatigue are high cycle fatigue (HCF) and 

low cycle fatigue (LCF). These fatigue classifications are shown 

schematically in Figure 2.11, with HCF normally constituting at least 

10,000 cycles to failure. The primary difference between high and low cycle 

fatigue failure relates to crack initiation and crack growth. Typically for 

LCF conditions, crack initiation occurs quite early in the fatigue life, 

sometimes as low as 3 to 10 % of the fatigue life, with a long crack growth 

(or propagation) period [Stephens et al., 2001]. On the other hand, HCF 

failures are normally characterised by a long fatigue crack initiation period. 

Furthermore, LCF tests illustrate both elastic and plastic (or viscoplastic) 

behaviour, where the LCF process can be divided into four main stages, (i) 

cyclic hardening (or softening), (ii) crack initiation, (iii) crack propagation 

and (iv) final fracture [Hertzberg, 1996]. As illustrated in Figure 2.11b, the 
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number of reversals, 2Nf, to failure under fatigue loading can be 

approximated by combining the strain-based fatigue life methods of Basquin 

[1910] for HCF and Coffin-Manson [Coffin, 1954; Manson, 1953] for LCF: 

   cf
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  (2.6) 

where Δε is total strain range, σf’ is the fatigue strength coefficient, εf’ is 

material ductility and b and c are material constants. 

As modern plant components are subjected to viscoplastic deformation at 

welded connections and regions of stress concentrations, LCF 

characterisation represents a key step in the assessment of candidate 

materials for power plant applications. Furthermore, although a fatigue 

crack leading to zero load-bearing capability may render the component 

failed due to fatigue, shorter-term fatigue loading can also have a major 

impact on microstructural evolution and degradation of the material, leading 

to significant implications, and possibly detrimental effects, for interactions 

with other loading mechanisms such as creep and corrosion. 

 

Figure 2.11: Representation of LCF and HCF regimes as a function of (a) stress 
amplitude and (b) strain amplitude. 

Thus, there is a requirement to understand and characterise the fatigue 

behaviour of materials subjected to either full or partial cyclic loading. To 

achieve such characterisation, a wide range of fatigue tests are available, 

including but not limited to stress relaxation, thermo-mechanical fatigue 

(TMF) and creep-fatigue tests. A fatigue test is defined in terms of its R-

ratio, the ratio of minimum to maximum strain (Rε=εmin/εmax) for a strain-
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controlled test and the ratio of minimum to maximum stress for a stress-

controlled test (Rσ=σmin/σmax).  

The fractography of fatigue failures typically highlights fatigue striations in 

materials with secondary phase particles and is illustrated on the fracture 

surface of a Chinese Low Activation Martensitic (CLAM) 9Cr steel in 

Figure 2.12a. A single striation is indicative of a localised crack during one 

cycle of loading and the distance, Δa, between striations is representative of 

fatigue crack growth during that cycle. Beach marks are another common 

observation during fractography of fatigue tested specimens and represent 

variations in loading of the system. They are caused by variations in the 

stress intensity factor range, ΔK, i.e. acceleration or deceleration of the 

crack front [Reardon, 2011]. An example of beach marks is shown in Figure 

2.12b for a railway steel.  

 

Figure 2.12: Micrograph images of (a) fatigue striations in a 9Cr martesnitic steel 
[Hu et al., 2013] and (b) beach marks in a railway steel [Source: Transportation 
Safety Board of Canada]. 

Cracking in components can be either transgranular, intergranular or 

combined, as illustrated in Figure 2.13. During fatigue loading, multiple 

fatigue cracks will typically start at the surface and propagate through the 

material with continuous loading. However, in 9Cr steels, following the 

initiation of a fatigue crack at the surface, intergranular crack propagation is 

the most common type of fatigue crack observed, due to the formation of 

micro-voids and micro-cracks at secondary phase particles dispersed along 

boundaries. This is due to the accumulation of dislocations at obstacles such 

as precipitates and high-angle grain boundaries, as illustrated schematically 

(a) (b)
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in Figure 2.14. This accumulation of dislocations generates significant back-

stresses and stress concentrations leading to cracks propagating easily along 

the boundaries [Hu et al., 2014], highlighting the importance of grain 

boundaries and defects such as precipitates in the failure of 9Cr steels. 

 

Figure 2.13: Representation of crack propagation in metals during (a) fatigue, (b) 
creep, (c) creep-fatigue with creep damage consequential and (d) creep-fatigue 
with creep damage simultaneous [Holdsworth et al., 2007]. 

 

Figure 2.14: Mechanism for dislocation pile-ups and micro-crack formation in a 
Chinese Low Activation Martensitic (CLAM) 9Cr steel [Hu et al., 2014]. 



2.   Background and Literature Review 

30 
 

In terms of power plant applications, fatigue and interactions involving 

fatigue may exist in the following capacities: 

a) Isothermal fatigue: Mechanical load varied at a constant 

temperature.  

b) Thermal fatigue: Components are subjected to thermal cycles only. 

c) Thermo-mechanical fatigue: Both the load and temperature are 

cycled simultaneously. The thermal cycle can be in-phase (TMF-IP) 

or out-of-phase (TMF-OP) with the mechanical load. As current 

power generation transitions from base-load to intermittent mode 

operation, significant thermal gradients are generated during (i) 

complex start-up and shut down attemperation cycles, as shown in 

the measured plant data of Figure 1.2a and (ii) “load following” 

cycles similar to the data presented in Farragher et al. [2013b]. Thus, 

this flexible operation of power plant has resulted in the requirement 

to account for TMF of plant components. 

d) Fatigue-creep: Cyclic loading occurs with varying dwell and 

constant load periods. 

e) Creep-fatigue-corrosion: Creep-fatigue loading with oxidation and 

corrosion of components. This type of loading is most prevalent at 

the surface of components and can be either fireside (exposure to ash 

from combustion) or steamside (exposure to high temperature steam) 

corrosion. For example, the move to biomass co-fired power plants 

and higher temperature operation leads to the requirement to 

characterise this potential failure mechanism.  

For intermittent mode operation of power plants, cyclic loading is 

commonly neither stress-controlled (leading to ratchetting) nor strain-

controlled (leading to cyclic softening of 9Cr steels). However, due to 

geometrical constraints imparted on components, strain-controlled loading 

with dwell or constant load periods possibly represents the most realistic 

loading scenario, highlighting the requirement and importance of carrying 

out cyclic-dwell and creep-fatigue strain-controlled experiments. The 
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following sections discuss briefly fatigue testing and the various aspects 

involved, with a particular focus on fatigue tests carried out on 9Cr steels. 

2.3.1. Fatigue testing of 9Cr steels 

Although creep testing of 9Cr steels is widespread in the literature, the 

fatigue testing of 9Cr steels has received limited attention by comparison. 

Conventional LCF tests have been carried out by Fournier et al. [2011], 

Mannan and Valsan [2006], Nagesha et al. [2002; 2012] and Saad and co-

workers [2011a; 2011b] on P91 steel and by Giroux [2011] and Saad et al. 

[2013] for P92 steels. Figure 2.15 illustrates a selection of the stress-strain 

responses for various cycles and the results presented in Figure 2.16 

illustrate the cyclic evolution of the various materials. As is evident from 

Figure 2.15 and Figure 2.16, 9Cr steels are susceptible to cyclic softening 

and also the Bauschinger effect is clearly visible in Figure 2.15. The 

strengthening observed is due to the presence of precipitates, solutes and a 

hierarchical grain microstructure in 9Cr steels. Cyclic softening is as a result 

of recovery in the material, as discussed in more detail in Section 2.6. TMF 

tests have been carried out on P91 steel by Mannan and Valsan [2006] and 

Saad et al. [2011a], with a sample of P91 TMF results presented in Figure 

2.17, where once again cyclic softening is observed as a primary mechanism 

of deformation.  

 

Figure 2.15: Comparison of the measured stress-strain response in P91 and P92 
steels for the (a) initial and (b) failure cycle at 600 °C and a strain-rate of 1×10-1 
%/s [Saad et al., 2013]. 

(a) (b)
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Figure 2.16: Evolution of maximum tensile stress as a function of cycles for (a) 
P91 steel at 600 °C and applied strain-rate of 3×10-1 %/s [Negesha et al., 2002] and 
(b) various 9-12Cr steels at 550 °C and applied strain-rate of 2×10-1 %/s [Fournier 
et al., 2011]. 

 

Figure 2.17: Measured and FE predicted TMF behaviour for P91 steel under (a,b) 
TMF-IP and (c,d) TMF-OP loading conditions for an applied strain-rate of 0.1 %/s 
[Saad et al., 2011a]. 

Creep-fatigue (CF) testing has been carried out by Fournier and co-workers 

[2009a; 2009b; 2010], and the same group has also carried out a program of 

creep-fatigue-oxidation testing on 9Cr steels [Fournier et al., 2008a; 

Fournier et al., 2008b; Fournier et al., 2008c]. The constitutive behaviour 

(a) (b)

(c) (d)
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of such tests is presented in Figure 2.18a, highlighting the cyclic softening 

in the material. Although the constant stress hold periods are quite short in 

duration here, the primary effect observed is a considerable reduction in the 

number of reversals to failure due to the interactions of fatigue and creep, as 

highlighted in Figure 2.18b. To the author’s knowledge, the only HCF tests 

carried out on 9Cr steels at high temperature are those of Mrozinski and co-

workers [2013; 2014]. 

 

Figure 2.18: Creep-fatigue testing of 9-12Cr steels at 550 °C for (a) cyclic stress-
strain response in P92 steel and (b) comparison of creep-fatigue and pure fatigue in 
P92 steel [Giroux, 2011]. 

2.3.2. Influence of strain-rate 

A strain-rate effect in metals is expected to occur once viscous behaviour 

becomes important, i.e. for T > 0.3 Tm or 0.4 Tm. Hence, at temperatures 

above 400 °C in power plant materials, strain-rate and viscous effects can 

become important. This effect manifests itself as a decrease in working 

stress-range for a decreasing strain-rate, as illustrated schematically in 

Figure 2.19. The results presented in Figure 2.15 are carried out at a 

constant strain-rate, and hence, omit this important phenomenon. The work 

of Mannan and Valsan [2006] and Giroux [2011] however, have captured 

this effect for P91 and P92 steels respectively, as illustrated in Figure 2.20 

for example. The measured MSR-stress response for P91 steel, presented on 

a logarithmic plot in Figure 2.21, highlights the importance of investigating 

the strain-rate effect in 9Cr steels. There is a requirement to interpolate and 

extrapolate reliably from higher strain-rate loading conditions (where 

laboratory tests are normally conducted) to realistic operating conditions at 

(b)(a)
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much lower strain-rates. The change in stress-range observed is dominated 

by time-dependent effects and the evolving microstructural strengthening 

mechanisms.  

 

Figure 2.19: Schematic illustration of the effect of strain-rate on resulting stress-
range in metals. 

 

Figure 2.20: Strain-rate effect in P92 steel at 550 °C for (a) monotonic tensile tests, 
(b) evolution of maximum stress with cycles, carried out at an applied strain of 
±0.35 % [Giroux, 2011].  
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Figure 2.21: Measured minimum creep strain rate (MSR) as a function of applied 
stress in P91 steel at 600 °C. 

As the creep-fatigue-corrosion behaviour of 9Cr steels is strongly dependent 

on the material microstructure, and more importantly, the evolved material 

microstructure at a specific point in time, the following sections are devoted 

to (i) a discussion on the current state-of-the-art material models for cyclic 

viscoplasticity under high temperature deformation including 

microstructurally-driven models in Section 2.4, (ii) briefly describing the 

core strengthening mechanisms in metals (Section 2.5), and (iii) the 

microstructure and microstructural evolution and degradation of 9Cr steels 

(Section 2.6).  

2.4. Modelling inelastic deformations in materials 

Computational modelling of the constitutive behaviour of 9-12Cr steels 

represents a key part of the design and development of components for next 

generation power plants.  In particular, such models must be capable of 

accurately predicting the stress and inelastic strain responses to a given 

loading history, as these quantities represent key variables for both fatigue 

and creep life prediction.  

Inelastic deformations are irreversible deformations in a material and are 

characterised as either viscoplastic or creep deformations in metals. As 
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illustrated in the deformation mechanisms map of Figure 2.6, elastic 

behaviour only exists at low temperatures and low stresses, with creep 

behaviour dominating in metals for high temperature deformation under low 

applied stress. For a non-negative dissipation potential, Ω, and stresses in 

excess of the yield stress, viscoplastic behaviour exists, with plasticity a 

specific case of viscoplastic deformation. The limit of the elastic and creep 

domain is demarcated by the equipotential surface of 0Ω , as illustrated in 

Figure 2.22a, with a viscous or over stress, σv generated under viscoplastic 

deformation. Thus, the total strain, in multi-axial form, is defined as: 

thinel εεεε   (2.7) 

where εel, εin and εth are the elastic, inelastic and thermal strain tensors, 

respectively, with the rate of inelastic deformation simulated using a flow 

rule. Flow rules are either phenomenological or physically-based, with 

numerous computational models, with varying benefits, already applied to 

simulate inelastic deformations in steel alloys. The following section 

describes a number of material models for simulating inelastic deformations 

at high temperatures, with a particular focus on applications to 9-12Cr 

steels. 

 

Figure 2.22: Representation of (a) translation and (b) expansion of the equipotential 
flow surface. 

2.4.1. Phenomenological models for high temperature fatigue 

The unified cyclic viscoplastic model of Chaboche [Chaboche and 

Rousselier, 1983a; Chaboche and Rousselier, 1983b] is one of the most 
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commonly used phenomenological models for cyclic viscoplastic 

deformation in metals. The Chaboche model uses a unified approach to 

describe both the viscous and plastic behaviour of metals through a power 

law flow rule, effectively an extension of the power law model of Norton 

(see Equation (2.3)) to cyclic viscoplasticity. For this model, the constitutive 

equation defining the accumulated effective plastic strain-rate is defined as: 
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  (2.8) 

where n is the cyclic viscoplastic exponent, Z is a material constant, s and x 

are the deviatoric stress and back-stress (associated with kinematic 

hardening) respectively, R is isotropic hardening stress and k is cyclic yield 

stress. The unified Chaboche model has been successfully applied to steels 

in the higher strain-rate regime, including 9Cr steels in the work of Koo and 

co-workers [2007; 2011] and Saad and co-workers [2011a; 2011b], as 

illustrated in Figure 2.17 for example. 

The kinematic back-stress accounts for the Bauschinger effect in materials, 

i.e. a lower yield stress in compression following a tensile loading and vice 

versa, and is modelled using a kinematic hardening model. Physically, the 

back-stress is due to the presence of internal stresses in the material 

generated at obstacles such as precipitates and grain boundaries. The 

kinematic back-stress denotes the centre of the elastic domain in 3D stress 

space as illustrated in Figure 2.22a.  

The kinematic hardening variables can be linear or non-linear in nature, 

with the Prager [1956] and Prager-Ziegler [Ziegler, 1959] models 

commonly used linear models. However, to predict the constitutive 

behaviour of 9-12Cr steels, non-linear kinematic hardening (NLKH) models 

are required. The most commonly used model is the Frederick-Armstrong 

NLKH model [Frederick and Armstrong, 2007], given by: 

pC in  xx  ε
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where C is the hardening modulus and γ is the non-linear material 

parameter. Various modifications to this model have been made, including 

the incorporation of recovery [Lemaitre and Chaboche, 2000] and 

temperature-rate terms [Chaboche, 2008]. Other phenomenological NLKH 

models include the Ziegler [1959] and Ohno and Wang [1993a; 1993b] 

models, for example. Either of these models could be incorporated in the 

Chaboche modelling framework to simulate the NLKH back-stress, e.g. the 

Ohno and Wang model has been used by Yaguchi and Takahashi [2005b] to 

capture ratchetting behaviour in 9Cr steels, within the constitutive flow rule 

of Chaboche (Equation (2.8)). 

Cyclic hardening in many steels can be approximated as isotropic 

behaviour, such that the equipotential flow surfaces expand homogeneously 

in all directions in 3D stress space, as illustrated in Figure 2.22b. This 

isotropic hardening is incorporated in the Chaboche material model using 

the isotropic stress, R. The evolution of this variable is a function of plastic 

deformation and typically modelled using a non-linear isotropic hardening 

(NLIH) model, e.g. the NLIH model of Chaboche and Rousselier [1983a; 

1983b]:  

 pRQbR    (2.10) 

where Q is the saturated value of isotropic hardening (see Figure 2.23) and b 

is the isotropic hardening rate exponent.  
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Figure 2.23: Schematic representation of isotropic hardening. 

A less commonly-used material model is the two-layer viscoplastic model, 

developed by Kichenin et al. [1996]. Unlike the unified approach of 

Chaboche, the two-layer viscoplastic model uses decomposed elastic-plastic 

and elastic-viscous networks, as illustrated in Figure 2.24, such that the total 

strain is: 

  crplel 1 εεεε FF   (2.11) 

where εpl is the plastic strain tensor and the parameter, F, determines the 

level of the viscous network contribution to the total strain, i.e. the higher 

the value of the user defined function, F, the greater the viscous component 

of strain. The parameter, F, is defined as the ratio of the elastic modulus of 

the viscous network, Kv, to that of the overall elastic modulus, Kv+Kp, such 

that: 
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where Kp is the modulus of the elastic-plastic network, as per Figure 2.24. 

The viscous strain is defined using the Norton power law creep model of 

Equation (2.3).  
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Figure 2.24: Setup for the viscous and plastic networks in the two-layer 
viscoplastic model [Deshpande, 2009]. 

The two-layer viscoplastic model of Kichenin et al. was adopted by 

Farragher et al. [2013a, 2013b] for TMF simulations of P91 steels, where 

the two-layer viscoplastic model was calibrated and validated under 

anisothermal, cyclic loading conditions. Farragher and co-workers have also 

extended this approach to (i) identify the relevant material parameters to 

simulate the constitutive behaviour of parent, weld and cross-weld test 

specimens [Farragher et al., 2014] and (ii) predict the 3D stress state in 

realistic components, such as the header unit illustrated in Figure 2.25. This 

3D modelling methodology uses a sequential thermo-mechanical model 

firstly to calculate the transient temperature distribution in the header, via 

conduction and convection, and secondly to calculate the associated 

transient elastic-plastic-creep cyclic stress-strain response due to varying 

temperature and pressure conditions. These conditions were representative 

of measured plant (i) hot and cold start-up and (ii) load trip sample 

conditions. The predicted stress-strain and strain-time responses for both 

cases are presented in Figure 2.26. From these results, it is evident that plant 

components are subjected to asymmetric TMF cycles, with a higher load 

observed in tension. These numerical simulations of flexible plant operation 

also exhibit cyclic viscoplastic deformation at intermediate strain-rate 

values of less than 110-4 %/s. The largest stresses are also observed at 

regions of welded connections in the header unit. As the weld and HAZ 

material properties were omitted from these simulations, the level of 
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viscoplasticity could be higher due to material mismatch and hence, 

highlighting the potential viscoplasticity experienced by components during 

flexible operation.  

 

Figure 2.25: Component level modelling of a plant header unit (a) thermal loading 
and (b) stress contour plot [Farragher, 2013]. 

 

Figure 2.26: FE predicted (a) stress-strain response in the inner bore saddle 
position of a header unit [Farragher, 2013] and (b) creep and plastic strain 
histories (hoop) as a function of time following a load trip [Farragher et al., 
2013b]. 

Although the framework for the above models satisfies the first and second 

laws of thermodynamics, the phenomenological aspect of these models can 

result in difficulties in identifying a set of unique material parameters with a 

physical basis. The Chaboche unified cyclic viscoplastic material model has 

upwards of twelve parameters per temperature to be identified. The use of 

data fitting methods, such as the genetic algorithm of Mahmoudi and co-

workers [2011], for example, can significantly simplify the parameter 

identification process but may lead to a non-unique set of parameters. This 
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leads to the opportunity for inaccuracies when extrapolating the constitutive 

behaviour to other loading conditions, resulting in quantitative errors and 

hence, potentially non-conservative and unsafe results. Thus, to ensure more 

accurate modelling for realistic loading conditions, this approach requires 

careful identification of the material parameters and a wide set of validation 

simulations across a broad range of loading conditions.  

Furthermore, such models have only been applied to cyclic viscoplastic 

deformation at the higher rates typically observed under experimental 

laboratory conditions to date. However, at intermediate to low strain-rates, 

the power law exponent, n, transitions from a relatively high value of 3 to 

12 to a value of approximately unity. Thus, as this transition region is the 

regime at which flexible plants operate, caution must be exerted when 

extending and applying these power law models to viscoplastic deformation 

under realistic loading conditions.  

2.4.2. Simulating inelastic deformations from a physical basis 

The parameter identification limitations of the phenomenological 

approaches discussed above can be overcome by the introduction of models 

derived from a physical basis. The main approaches used in the literature for 

incorporating microstructurally driven parameters include (i) continuum 

damage mechanics (CDM), (ii) dislocation-mechanics frameworks and (iii) 

micromechanical or crystal plasticity (CP) modelling. 

In relation to models for high temperature deformation, the Hayhurst CDM 

model is used for both 9-12Cr and Cr-Mo-V alloys. This model includes 

three state variables, namely H for primary creep, Φ for particle coarsening 

and ω describing tertiary creep. The constitutive law and subsequent 

evolutionary models for the three state variables are: 
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where αcr and β are the creep constants, h and H* are primary creep 

constants, Kc is carbide coarsening rate and C is a cavitation constant. The 

Hayhurst CDM model has been successfully applied to Cr-Mo-V steels 

[Perrin and Hayhurst, 1996] and to 9Cr steels by Hyde and co-workers 

[2006], as illustrated in Figure 2.27 for creep tests under various stresses at 

625 °C and 650 °C. The benefit of the Hayhurst CDM model in relation to 

modelling 9Cr steels is the inclusion of carbide coarsening through the 

Ostwald ripening based damage term, Φ, and cavitation damage to predict 

tertiary creep. However, this model does not account for the effect of the 

hierarchical martensitic lath microstructure and the MX carbonitrides in the 

lath interiors. The Hayhurst CDM model was improved upon by Oruganti et 

al. [2011], to include the effects of MX carbonitrides. More importantly, the 

primary creep modelling approach was modified to a more physical 

approach, incorporating the key effects of the hierarchical microstructure of 

9-12Cr steels. Comparisons were made with measured microstructural 

evolutions of MX particle coarsening, as illustrated in Figure 2.28a. Figure 

2.28b illustrates a comparison of the rupture stress for various temperatures, 

with excellent agreement predicted.    
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Figure 2.27: Comparison of the Hayhurst CDM model with experimental data for 
temperatures of (a) 625 °C and (b) 650 °C [Hyde et al., 2006]. 

 

Figure 2.28: Prediction of (a) MX coarsening and (b) rupture stress for 9-12Cr 
steels [Oruganti et al., 2011]. 

Although Dyson and co-workers [2000] have included dislocation density 

within a CDM approach, the concept of dislocation-mechanics offers an 

attractive method for the evaluation of the constitutive behaviour as the 

motion of dislocations constitutes inelastic deformation. The dislocation-

mechanics approach uses the evolution of dislocation density and the 

interaction of dislocations with physical models for the key strengthening 

mechanisms to determine the constitutive behaviour of the material. The 

dislocation density, ρ, evolves via the growth and annihilation of 

dislocations, using evolutionary equations such as the Kocks-Mecking 

model [Kocks and Mecking, 2003; Mecking and Kocks, 1981] to quantify 

dislocation density evolution: 

(a) (b)

(b)
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where k1 and k2 are material constants to be identified via comparison with 

measured data. However, the Kocks-Mecking approach does not account for 

hierarchical microstructures, such as the dislocation network and 

contribution of the low angle boundary dislocation substructure found in 9-

12Cr steels. The approach of Roters and co-workers [2000] incorporates the 

effects of grain boundaries via a volume fraction approach, where the 

dislocation density is defined by considering the density of mobile and 

immobile dislocations: 

  wwwwm ff   1     (2.15) 

where fw is the volume fraction of grain boundaries and ρm, ρw, and ρi are the 

densities of mobile, cell wall immobile and cell interior immobile 

dislocations, respectively. The model of Roters and co-workers uses the 

Orowan equation and the probability of a dislocation annihilation event 

occurring to evolve dislocation density. Magnusson and Sandström [2007] 

have successfully applied this approach to 9Cr steels within a Norton-based 

power law model, focusing on primary creep behaviour. The dislocation-

mechanics framework of Roters et al. [2000] was adapted to account for 

contributions from the lath boundaries and lath interiors. The model 

captured the evolution of various microstructural parameters and a 

comparison with measured data for constant load conditions is presented in 

Figure 2.29a. 
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Figure 2.29: Comparison of creep simulations with measured data for (a) creep 
strain evolution [Magnusson and Sandström, 2007] and (b) stress rupture 
[Spigarelli, 2013]. 

Spigarelli [2013] has also implemented a Norton power law-based model 

for microstructure-based rupture in 9Cr steels. This model used a back-

stress to account for the influence of the M23C6 and MX precipitates on the 

creep behaviour of 9Cr steels, as well as including contributions due to the 

other key microstructural parameters, including martensitic lath width. The 

important contribution in the work of Spigarelli relates to the inclusion of 

the formation of the Laves phase particles (at the expense of solute 

strengthening mechanism) using computational simulations on the kinetics 

of Laves phase precipitation in conjunction with a volume fraction 

approach. The typical correlation achieved with experimental stress rupture 

data is presented in Figure 2.29b.  

The dislocation-mechanics approach is also used extensively in CP 

modelling. The dislocation-mechanics CP model of Cheong and Busso 

[2004; 2005], has been successfully adapted from f.c.c. to b.c.c. and 

modified to incorporate the effects of precipitates and the hierarchical 

microstructure of 9Cr steels by Li and co-workers [2013b; 2014; 2015]. 

This model uses the exponential flow rule: 
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where F is thermal activation energy, τ0 is critical shear stress, p, q and 0γ

are constants and τα, Bα and Sα are the shear stress, back-stress and slip 

resistance on slip system α, respectively. In this model, the back-stress, Bα, 

is quantified using the Frederick-Armstrong NLKH model and the slip 

resistance term, Sα, accounts for the evolution of dislocation density. Li and 

co-workers [2013b; 2014; 2015] have successfully developed a CP multi-

scale modelling methodology for the hierarchical microstructure of P91 

steel, using a measured microstructure model to simulate the block level and 

a periodic unit cell model to simulate the martensitic lath microstructure. 

The CP simulations at the martensitic lath scale model the effects of M23C6 

precipitates at lath boundaries, with a smaller precipitate radius giving a 

stronger material for the same volume fraction of M23C6 precipitates. A 

stronger material is also predicted for decreasing martensitic lath width 

using this model. Both the block level model from the measured 

microstructure (using an EBSD scan of P91 steel) and the martensitic lath 

level models are predicted to give similar monotonic stress-strain response 

at the macro-scale and both models show excellent comparison with 

experimental data. 

As mentioned above, one of the other benefits of the CP approach is the 

ability to simulate measured microstructures of 9Cr steels [Golden et al., 

2014] and to incorporate length scale effects, e.g. using a strain gradient 

approach similar to that of Sweeney and co-workers [2014] for a CoCr 

alloy. The strain-gradient model of Sweeney et al. is based on the 

dislocation-mechanics flow rule developed by Dunne and co-workers 

[2007], where the plastic slip-rate on the slip system α is defined as: 
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where ρSSD and ρGND are the densities of statistically stored and 

geometrically necessary dislocations, v is attack frequency, ΔH is Helmholtz 

free energy, τc is critical resolved shear stress and R is an isotropic 

hardening parameter. The strain gradient approach has also been 

incorporated in the recent work of Li et al. [2014, 2015] for CP simulations 
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of 9Cr steels. The hyperbolic sine material model of Dunne and others 

would also allow for a smooth transition from dislocation to diffusion 

mechanisms, e.g. as per data similar to that of Figure 2.21, resulting in less 

extrapolation errors when simulating lower strain-rates. A similar benefit is 

observed using the hyperbolic sine model of Hayhurst [Vakili-Tahami et al., 

2005]. 

However, there are temporal and geometric limitations associated with the 

CP modelling methodology. Owing to computational expense, it is only 

feasible to simulate a small number of cycles and a very limited volume of 

material, with a typical representative volume element on the order of 

microns compared to metres corresponding to realistic components. Thus, 

there exists the requirement for multi-scale modelling methodologies to, on 

the one hand simulate realistic geometries of plant components under 

representative timescales, whilst also accounting for microstructural 

evolution and degradation during deformation. Bardel and co-workers 

[2015] have recently developed a microstructure-sensitive macro-scale 

model for a 6061 aluminium alloy, with the constitutive equation defined as: 
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where R is an isotropic stress incorporating the contribution of dislocation 

density and solutes, XG is the back-stress due to dislocation pile-up at 

boundaries, Xppt is the precipitate back-stress and pptG XXσξ   is the 

effective stress. The back-stress accounts for strengthening due to 

precipitates and dislocation pile-up formation at the grain boundaries, and 

the evolving dislocation density enables the viscoplastic domain to be 

updated as a function of time. Evolutionary equations are developed here to 

incorporate and advance the microstructure in the material model.  

Due to the complex nature of the hierarchical microstructure, only limited 

modelling from a physical basis has been carried out for cyclic 

viscoplasticity of 9-12Cr steels to date. Sauzay and co-workers [2005; 2008] 
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have developed a physically-based macro-scale model for cyclic softening 

of 9-12Cr steels, based on the evolution of the density of low-angle 

boundary dislocations as a function of cycles. Although this group have 

carried out micromechanical modelling incorporating terms for dislocation 

bowing and subgrain growth within a dislocation-mechanics framework 

[Giordiana et al., 2012; Giroux, 2011], no complete model accounting for 

the evolution of the hierarchical microstructure of 9-12Cr steels, inclusive of 

precipitate and solute strengthening mechanisms, has been developed to 

date for the efficient simulation of microstructural evolution at the macro-

scale. 

A further argument for the development of a multi-scale modelling 

framework for 9-12Cr steels relates to the simulation of multi-material 

welded connections. The welding process results in the formation of a 

narrow heat affected zone (HAZ) region between the weld metal and parent 

material. As it is difficult to carry out experimental characterisation of the 

HAZ region independently (with the goal of identifying relevant material 

constants), the concept of a microstructure-sensitive material model and 

associated multi-scale modelling framework lends itself well to the 

prediction of the constitutive behaviour of the heterogeneous HAZ 

microstructure. 

2.5. Strengthening mechanisms in steel alloys 

Metals have a crystalline structure made up of ordered repeating units which 

are typically body-centred cubic (b.c.c.) or face-centred cubic (f.c.c.), as 

illustrated in Figure 2.30. There are 48 slip systems in b.c.c. materials, 

yielding more ductile behaviour than f.c.c. systems, where there are 12 slip 

systems and hence fewer paths for the motion of mobile dislocations and 

hence, plastic deformation. The post heat treatment crystalline structure of 

9-12Cr steels is b.c.c. Plastic deformation in crystalline materials is 

manifested in the form of plastic slip, i.e. sliding of atoms along the 

crystallographic or slip plane as illustrated in Figure 2.30c. Plastic slip 

occurs along the most densely packed crystallographic plane in the closest-
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packed direction, as highlighted in Figure 2.30a and Figure 2.30b for b.c.c. 

and f.c.c. crystals respectively. As the slip planes in b.c.c. materials are not 

as close packed as f.c.c. crystals, b.c.c. materials typically have a higher 

critical shear stress.  

 

Figure 2.30: Schematic representation of (a) a body-centred cubic (b.c.c.) crystal 
structure, (b) a face-centred cubic (f.c.c.) structure and (c) plastic slip occuring in a 
crystalline structure once the applied shear stress exceeds a critical value. 

Although an ordered crystalline structure exists in metals, flaws and 

crystallographic defects are dispersed throughout the microstructure. The 

primary flaws in materials include (i) intrinsic (vacancies and interstitial 

atoms) or extrinsic (solutes and impurities) point defects, (ii) line defects, 

i.e. dislocations, (iii) planar defects such as grain boundaries and stacking 

faults (defect typically in closely-packed crystal structures (f.c.c. or h.c.p.) 

where the sequence of layers is non-uniform, for example i.e. a twin 

boundary is an example of a stacking fault) and (iv) bulk defects such as 

voids, inclusions and precipitates. These crystallographic defects can be 

detrimental to fatigue and creep life as they are potential sites for crack 

initiation, propagation and hence, failure. However, they can also be 

advantageous by providing strengthening in materials and modifying the 

flow stress. The flow stress, i.e. the stress required to maintain plastic 

deformation, is defined as: 

 111011

 101111  112111  123111
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f      (2.19) 

where τa is the athermal component and  ,Tγτ pl  is the strain-rate and 

temperature-dependent component of flow stress. This flow stress is also 

dependent on the various strengthening mechanisms present in the material. 

The following sections describe the effect of different strengthening 

mechanisms on the flow stress in metals. As plastic slip is controlled by the 

movement of dislocations, potential strengthening mechanisms are 

discussed primarily in terms of their interactions with dislocations and their 

ability to retard the motion of mobile dislocations.  

2.5.1. Dislocation strengthening 

Dislocations are either of edge, screw or mixed type and are split into two 

primary categories, (i) mobile dislocations and (ii) immobile dislocations. 

Mobile dislocations are effectively the carriers of plastic deformation and 

represent the propagation of plastic slip through a material. Orowan’s 

equation [Orowan, 1940] describes the relationship between plastic slip, 

plγ , and dislocation density, ρ: 

bv pl  (2.20) 

where b is the magnitude of Burger’s vector and v is dislocation velocity. 

Immobile dislocations, on the other hand, are effectively trapped 

dislocations, such as dislocation pile-ups at grain boundaries or dislocation 

entanglements in the microstructure, for example, leading to mechanisms 

which resist plastic slip and hence, strengthen materials. The contribution of 

dislocation entanglements to the material strengthening can be described in 

terms of the Taylor hardening equation [Taylor, 1938], which relates the 

flow stress to dislocation density and is defined as follows: 

ρμbαττ f 10      (2.21) 

where μ is shear modulus, τ0 is the friction stress and α1 is a material 

parameter, typically with a value between 0.2 and 0.5. The friction stress is 
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the stress required to overcome lattice resistance (intrinsic strength of the 

material due to the bonds between atoms) to dislocation motion. This 

parameter can be affected by the presence of solid solution strengthening 

mechanisms, for example.  

2.5.2. Precipitate strengthening 

The inclusion of solutes within a chemical composition can form (i) a 

homogeneous solid solution, where dispersed solutes form either 

substitutional atoms or interstitials within the crystal lattice (see Section 

2.5.3) or (ii) secondary phase particles (or precipitates). The latter are new 

compounds typically formed locally in the microstructure during tempering 

at lower temperatures or quenching (second phase is soluble at the higher 

heat treatment temperature, with less solubility at the lower tempering 

temperature [Dieter, 1986]). Both can lead to increased strengthening by 

restricting the motion of mobile dislocations and hence, retarding plastic 

slip. 

Second phase particles can be coherent or incoherent. Coherent particles are 

normally quite small and are a continuation of the lattice structure. They are 

susceptible to particle shearing, as a dislocation cuts through or ‘shears’ the 

particle. An increased particle strengthening effect exists for larger 

precipitate radii. When secondary phase particles are larger (or overaged), 

the precipitates retard the motion of the mobile dislocations, leading to a 

bowing out mechanism. Once the mobile dislocation reaches the precipitate, 

the dislocation starts to bow out away from the pinning positions at the 

obstacles, leading to the formation of Orowan loops. The strengthening 

produced by the Orowan bowing mechanism can be defined using the 

following relationship [Orowan, 1948]: 


 b

Or  (2.22) 

where λ is interparticle spacing. Hence, the Orowan stress reduces for 

increasing particle spacing, i.e. it is easier for a dislocation to ‘bow’ through 

the increased dimension, λ. As the precipitate radius increases, the 
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precipitate strengthening mechanism decreases, i.e. the interparticle spacing, 

λ, is directly proportional to precipitate radius. 

2.5.3. Solid-solution strengthening 

Solid-solution strengthening in metals is due to the inclusion of impurities in 

the microstructure and exists in two forms, (i) substitutional solid solution, 

where the solute takes up a lattice position and (ii) interstitial solid solution, 

where the solutes take up interstitial positions in the crystal. The type of 

solid-solution strengthening obtained is dependent on the solute size and 

both of these mechanisms are highlighted in Figure 2.31.  

 

Figure 2.31: Schematic representation of (a) substitutional and (b) interstitial solid 
solution strengthening in metals. The blue circles represent substitutional atoms 
and the red circles represent interstitial atoms. 

The inclusion of solutes contributes to the material (i) yield stress and (ii) 

strengthening mechanisms in steel alloys and both are a function of solute 

atomic concentration, c. In substitutional solid solution strengthening, the 

solutes take up lattice positions in the crystal lattice, forcing the 

neighbouring lattice atoms to push out and hence, generate a stress. In turn, 

the slip plane is now coarser, making it more difficult for dislocations to 

move, and hence, increasing the resistance to plastic deformation. Thus, for 

a solute strengthened material, the yield stress can be rewritten as: 

cBττ y  0     (2.23) 
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where B is a material constant. The presence of solutes in the material can 

also lead to a bowing type strengthening mechanism. In a similar manner to 

the strengthening mechanism of a pinned mobile dislocation bowing out at a 

precipitate, solutes can provide strengthening based on spacing [Dieter, 

1986]:  

31c

a
  (2.24) 

where a is interatomic spacing. Hence, the resulting stress can be computed 

using an approach similar to Equation (2.22).  

2.5.4. Grain boundary strengthening 

Grain boundaries provide strengthening as dislocations pile-up at regions 

where there is a large angle of misorientation, i.e. the grain boundary acts as 

an obstacle to mobile dislocation motion. High-angle grain boundaries 

(HAGBs) are boundaries considered to have an angle of misorientation of 

15° or greater between adjacent grains. HAGBs can retard the motion of 

mobile dislocations due to the high level of disorder at the boundary, 

resulting in dislocation pile-ups. A dislocation immobilised at a HAGB can 

become mobile again if the force per unit length of boundary exerted on the 

dislocation, F, exceeds a critical value, FGB. The force per unit length 

exerted on a HAGB by a single dislocation is τbF  , where τ is the applied 

stress. However, as more dislocations begin to pile-up, the force per unit 

length exerted by the dislocation pile-up is a function of the number of 

dislocations piled-up, ng, such that τbnF g . As a larger number of 

dislocations can pile-up in a material with a larger grain size, remobilisation 

of dislocations trapped at grain boundaries occurs more easily, leading to a 

lower yield stress. This is the Hall-Petch effect [Hall, 1951; Petch, 1953], 

where the yield strength is inversely proportional to the square root of grain 

size as there are more boundaries to impede the motion of dislocations. The 

Hall-Petch relationship is defined as follows: 
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 dkyy      (2.25) 

where ky is a material constant and d is grain size.  

2.6. Microstructure of 9-12Cr steels 

Unlike conventional metals and steel alloys, 9-12Cr martensitic-ferritic 

steels have a hierarchical microstructure, as illustrated schematically in 

Figure 2.32. During the austenitisation stage of a two stage austenitisation-

tempering heat treatment process, austenitic grains are formed with a mean 

angle of misorientation between adjacent grains of approximately 60°, with 

a typical dimension in the  range of 20 to 150 μm [Das et al., 2009]. 

Following heat treatment, martensitic transformation takes place during 

rapid cooling to temperatures below 300 °C, leading to a hierarchical 

microstructure consisting of prior austensite grains (PAGs), packets and 

blocks, all of which have high-angle boundaries. Blocks are regions 

demarcated by an angle of misorientation of approximately 45° between 

neighbouring blocks and with a typical dimension of approximately 3 to 4 

μm [Sauzay et al., 2005].    

 

Figure 2.32: Schematic representation of the hierarchical microstructure in 9-12Cr 
steels. 

Martensite forms in 9Cr steels during the rapid cooling phase following 

austenitisation, resulting in a material with high hardness and high strength 

[Krauss, 1999]. The martensite can form either martensitic laths or plate 

martensite as illustrated in the micrographs of Figure 2.33. The type of 

Block

Packet

Martensitic lath

Prior Austenite Grain
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martensite that forms is a function of the carbon content in the material, as 

illustrated in Figure 2.34. 9-12Cr steels are characterised by a martensitic 

lath substructure with a high density of dislocations. Martensitic laths are 

low-angle boundary (LAB) regions separated by walls of LAB dislocations. 

In 9Cr steels, martensitic laths have a typical width in the region of 0.3 to 

1.0 μm [Abe, 2008; Giroux, 2011; Saad et al., 2011b; Sauzay et al., 2005; 

Sauzay et al., 2008]. However, if the austenitisation temperature is too low, 

a subgrain substructure exists in place of the lath martensite in 9Cr steels 

containing no boron [Das et al., 2013a], leading to a reduction in creep 

strength of the material. Following martensitic transformation, a tempering 

process is undertaken, leading to the precipitation of M23C6 carbides 

dispersed along boundaries and MX carbonitrides within the martensitic lath 

interiors. The structure of 9-12Cr steels is further strengthened by solutes, in 

particular Mo and W solutes.  

 

Figure 2.33: Micrographs of (a) lath martensite and (b) plate-like martensite 
[Krauss, 1999]. 

(a) (b)
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Figure 2.34: Martensitic transformation temperature as a function of carbon content 
[Marder and Krauss, 1967]. 

2.6.1. Chemical composition and effect of element content 

The chemical compositions of various 9Cr steels are presented in Table 2.1. 

P91, P92 and MarBN are grades of 9Cr steels with alloying elements 

including molybdenum, nitrogen, vanadium and cobalt. The primary 

difference between P91 and P92 steel relates to the addition of tungsten in 

P92. Increased tungsten, the addition of boron and cobalt and decreased 

nitrogen content represent the key difference between MarBN and P92 

steels. The various alloying elements in 9-12Cr steels are included 

predominantly to (i) improve oxidation and corrosion resistance, (ii) 

increase creep rupture strength and (iii) allow a stable precipitate-

strengthened, martensitic lath microstructure form during heat treatment. 

The following section describes the primary function of the various alloying 

elements in 9-12Cr steels.  
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Table 2.1: Chemical composition of various 9Cr steels by wt.%. The P91 steel 
composition is from Saad [2012] and P92 and MarBN is taken from Abe [2008]. 
The balance is made up of Fe. 

*Denotes by mass (%) as opposed to by weight(%) 

Chromium and silicon: Cr is a ferrite stabiliser providing oxidation 

resistance [Dawson, 2012; Klueh, 2004; Maruyama et al., 2001; 

Masuyama, 2001] in 9-12Cr steels, with 12Cr steels hence offering more 

(fireside and steamside) oxidation protection than 9Cr steels [Viswanathan 

et al., 2005]. However, in terms of creep strength, as illustrated in Figure 

2.35a, 9 % chromium is identified as the optimum Cr content as it yields the 

highest creep rupture strength of the 2Cr to 15Cr steels [Abe, 2008; Miki et 

al., 2002], while maintaining a sufficiently low enough ductile-to-brittle 

transition temperature and limiting δ-ferrite formation (15Cr-2W steels are 

found to have 60 % δ-ferrite [Abe et al. 2008]). The formation of δ-ferrite 

precludes the formation of carbides, martensitic laths and subgrains and 

causes reduced dislocation density [Abe et al. 2008], thus lowering the 

creep-fatigue life of the material. 

Chromium also plays a pivotal role in the formation of precipitates during 

tempering. Cr interacts with carbon to form Cr23C6 precipitates (the 

dominant M23C6 precipitate type in 9-12Cr steels), which are dispersed 

along HAGBs and LABs. Furthermore, in steels with nitrogen present (i.e. 

9-12Cr steels), Cr2N precipitates may also form during heat treatment 

[Dawson, 2012; Klueh, 2004]. However, due to the unstable nature of this 

precipitate under high temperature loading, the Cr2N precipitates are 

replaced by more stable MX precipitates [Götz and Blum, 2003] during 

tempering.  

Si is also a ferrite stabiliser, included in 9-12Cr steels to provide oxidation 

resistance [Huntz et al. 2003, Maruyama et al., 2001; Yang et al., 2008]. 

 Al B* C Co Cr Mn Mo N Nb P Si V W 
P91 0.007 - 0 .12 - 8.60 - 1 .02 0.06 0.07 0.017 0.34 0.24 0.03 

P92 - 0.002 0.09 - 8.72 0.47 0.45 0.050* 0.06 - 0.16 0.21 1.87 
MarBN 
(Min) 

- 0.005 0.074 2.91 8.77 0.48 - 0.001* 0 .046 - 0.30 0.18 2.85 

MarBN 
(Max) 

- 0.018 0.081 3.10 9.08 0.51 - 0.065* 0 .055 - 0.31 0.20 3.13 
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However, Si decreases toughness via increased Laves phase precipitation 

[Agamennone et al., 2006; Guan et al., 1980; Masuyama, 2001]. 

 

Figure 2.35: Effect of (a) %Cr on creep rupture strength, (b) %W on the creep 
rupture strength and (c) %W on martensitic lath width evolution and (d) %W on 
M23C6 precipitate size evolution with creep loading [Abe, 2008]. 

Molybdenum and tungsten: The primary purpose for including 

molybdenum and tungsten is (i) to enable the formation of solid solution 

strengthening mechanisms in 9-12Cr steels and (ii) promote the 

precipitation of M23C6 (i.e. Mo23C6 and W23C6) particles. The M23C6 

carbides are dispersed along grain and lath boundaries, and hence, the 

inclusion of Mo and W in 9-12Cr steels leads to a reduced martensitic lath 

width (see Figure 2.35c) – increasing the low-angle boundary strengthening, 

which is proportional to the inverse of martensitic lath width. However, it 

has been found that Mo increases the rate of coarsening of M23C6 

precipitates, whereas, as shown in Figure 2.35d, W is found to retard the 

growth of M23C6 precipitates [Maruyama et al., 2001]. The coarsening of 

(a) (b)

(c) (d)
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M23C6 carbides is a key microstructural degradation mechanism in 9-12Cr 

steels and hence, thermally stable M23C6 precipitates are highly desirable in 

9-12Cr steels. 

During long-term creep, Laves phase particles (Fe2Mo and Fe2W particles) 

are known to form at the expense of the solid solution strengthening 

mechanism [Hald, 2008]. These precipitates form at a relatively large 

spacing [Abe, 2008] and their contribution to the creep strength of the 

material is still under investigation. Tungsten is also found to slow down 

recovery and Laves phase formation in 9-12Cr steels [Klueh, 2004]. 

However, the level of Mo and W in 9-12Cr steels must be controlled to 

ensure that excess δ-ferrite does not form [Klueh, 2004]. Above 3% W, 9Cr 

steels transform from 100% tempered martensite to tempered martensite 

with δ-ferrite (the level of δ-ferrite increasing as the %W increases) [Abe, 

2008]. As precipitates are not present in δ-ferrite, it is imperative that this 

important strengthening mechanism is maintained. Figure 2.36 illustrates 

the effect of varying the Mo and W content in 12Cr steels. From Figure 

2.36a, there is a limit to the amount of Mo which is beneficial to creep 

rupture strength and the combined level of Mo+W must be controlled to 

ensure optimum creep strength. Increasing the W content towards 3 % is 

found to greatly improve the creep rupture strength. However, the ductility 

of the material is affected as the W content is increased (see Figure 2.36b). 

The presence of Mo and W also lowers the Ms point (martensitic 

transformation temperature) and increases the A1 temperature (lower critical 

temperature – below this point, austenite does not exist) [Maruyama et al., 

2001]. 
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Figure 2.36: Effect of varying the composition of Mo and W on the creep rupture 
strength of 12Cr steels [Masuyama, 2001]. 

Carbon and nitrogen: C and N are soluble elements in austenite formation 

and precipitate out during the tempering process to form secondary phase 

M23C6 and MX precipitates. Thus, the presence of the C and N alloying 

elements are extremely important in providing a precipitate strengthening 

mechanism in 9-12Cr steels. Figure 2.37 illustrates the effect of including 

precipitates and solutes on the MSR for ferritic and bainite steels. The work 

of Abe et al. [2007a] has also concluded that excess addition of nitrogen can 

result in MX particle coarsening and the promotion of Z-phase particles at 

the expense of MX precipitates. This work also concluded that the addition 

of small amounts of titanium to form TiC particles can have a beneficial 

impact on the creep life by retarding lath recovery.   

 

Figure 2.37: Effect of including (a) precipitates (+P) and solutes (+S) on bainite 
(B) and ferrite (F) steels and (b) V-Nb-C elements in ferritic steels [Maruyama et 
al., 2001]. 

(a) (b)

(a) (b)
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Vanadium and niobium: V and Nb play a key role in forming the nano-

scale MX particles (primarily VN and NbC particles but other elements 

including titanium and tantalum may also be present), providing a very 

stable precipitate strengthening mechanism at high temperatures. The 

typical dimension of these precipitates is in the 10 to 40 nm diameter region 

[Abe, 2008; Ennis and Czyrska-Filemonowicz, 2002; Panait et al., 2010b], 

with the Nb particles spherical in shape and the VN precipitates plate-like 

particles. Figure 2.37b illustrates the beneficial effect of including V and Nb 

precipitates on the creep performance of various steels at a temperature of 

600 °C and Figure 2.38 highlights the effect of various combinations of V 

and Nb compositions on the creep rupture strength in a 12Cr steel. 

However, large amounts of Nb are to be avoided as they promote the 

precipitation of Z-phase particles [Dawson, 2012]. The Z-phase particles are 

complex Cr(Nb,V)N particles which form at the expense of the thermally 

stable MX precipitates and their precipitation is found to reduce the creep 

strength of the material [Abe, 2008]. 

 

Figure 2.38: The effects of varying V and Nb composition on the creep rupture 
strength of 12Cr steel at a temperature of 600 °C [Masuyama, 2001]. 

Cobalt, copper, manganese, and nickel: Co, Cu and Ni are all elements 

which aid austenite formation and hence, inhibit δ-ferrite formation 
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[Masuyama, 2001; Oñoro, 2006] in a similar manner to carbon and 

nitrogen. Co, Cu and Ni ensure that the material is fully austenitic following 

the austenitisation process to allow complete martensitic transformation 

during cooling. Ni (and Mn to a lesser extent) can accelerate precipitate 

coarsening [Klueh, 2004], and hence reduce creep rupture strength 

[Maruyama et al., 2001; Viswanathan and Bakker, 2001] but Ni and Co are 

beneficial to material toughness [Klueh, 2004]. Although Mn can improve 

toughness [Masuyama, 2001] and material ductility by mitigating sulphur 

enrichment of grain boundaries [Dawson, 2012] whilst also providing a 

small solute strengthening mechanism, the Mn content (as well as the Si 

content) must be minimised to improve creep strength [Maruyama et al., 

2001; Masuyama, 2001]. As both Mn and Ni are austenite stabilisers 

[Dawson, 2012], excessive Mn+Ni (> 1 wt.%) can lead to retained austenite 

during welding [Santella et al., 2001] and hence, reducing the ferrite-

austenite ( ↔ ) transition temperature and narrowing the post weld heat 

treatment (PWHT) window of operation [Swindeman et al., 2004]. 

Boron: Boron is added in small amounts to 9-12Cr steels to retard 

precipitate coarsening of the M23C6 precipitates and hence, maintain the 

martensitic lath structure during creep deformation [Abe et al., 2007b; Abe 

et al., 2008; Hofer et al., 2000a]. Boron is also found to interact with MX 

precipitates and Laves phase particles [Hofer et al., 2000b]. However, boron 

may reduce the impact toughness of the material [Maruyama et al., 2001]. 

2.6.2. Heat treatment 

The heat treatment process for 9-12Cr steels is extremely important to 

ensure that full martensitic transformation occurs and the level of δ-ferrite is 

minimised to less than 8 % [Brett, 2014]. The heat treatment is a two-stage 

process involving austenitisation followed by tempering, as illustrated 

schematically in Figure 2.39. The initial austenitisation stage is carried out 

at temperatures high enough for austenite to form, e.g. 900 °C to 1400 °C as 

illustrated in the phase transformation maps of Figure 2.40, a material with 

an equi-axed grain structure. Rapid cooling (which must be carefully 
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controlled for large components) to temperatures below 400 °C (see Figure 

2.40b) yields martensitic transformation and the formation of a hierarchical 

microstructure with a very high density of dislocations. M23C6 particles, 

initially in the material, are replaced with needle-like M3C precipitates, as 

well as Nb(C,N) particles [Ennis and Czyrska-Filemonowicz, 2002].  

 

Figure 2.39: Heat treatment process in 9-12Cr steels. 

 

Figure 2.40: Phase transformation maps for (a) steels containing 0.1% C 
[Pickering, 1997] and (b) martensitic transformation temperatures [Ennis and 
Czyrska-Filemonowicz, 2002]. 

Figure 2.41 illustrates the effect of austenitising temperature on the size of 

austenite grains and martensitic laths formed in P92 steel, with an increasing 
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austenitisation temperature resulting in an increased martensitic lath width. 

This differs to the martensitic structure formed in an Fe-0.2C-Mn(-V) low 

carbon alloy, from the work of Morito and co-workers [2005], who 

observed that decreasing the prior austenite grain size significantly reduced 

the packet and block dimensions, but observed little effect with respect to 

martensitic lath width. 

 

Figure 2.41: Variation of prior austenite grain and martensitic lath width as a 
function of austenitisation temperature for P92 steel (data from the work of Ennis 
and Czyrska-Filemonowicz [2002]). 

Lath martensite is a brittle material with a high dislocation density and 

thermally-unstable M3C precipitates. Hence, to improve ductility and 

promote the precipitation of more stable particles, 9-12Cr steels undergo a 

tempering process, at a lower temperature, typically in the 700 °C to 850 °C 

temperature range. This tempering process promotes (b.c.c.) ferrite 

formation. As shown in Figure 2.42, a higher tempering temperature causes 

a large reduction in hardness and dislocation density; the observed decreases 

are dependent on tempering temperature and tempering time. Recovery 

during tempering lowers the dislocation density and also forms dislocation 

networks [Ennis and Czyrska-Filemonowicz, 2002]. Excess tempering can 

lead to the formation of more equi-axed subgrains in place of martensitic 

laths [Sawada et al., 2003], as discussed in more detail in Section 2.6.4.2.  

Tempering also results in the conversion of M3C precipitates into more 

stable carbide and carbonitrides, which are dispersed along boundaries and 

0

0.2

0.4

0.6

0.8

0

20

40

60

80

950 1000 1050 1100 1150 1200

M
ar
te
n
si
ti
c 
La
th
 w
id
th
 (
µ
m
)

P
ri
o
r 
A
u
st
e
n
it
e
 G
ra
in
 w
id
th
 (
µ
m
)

Austenitisation Temperature (°C)

PAG

Lath



2.   Background and Literature Review 

66 
 

within the martensitic lath interiors. M23C6 precipitates form along high 

angle grain boundaries and are also dispersed along the martenstic lath and 

subgrain boundaries, with Nb(C,N) particles (spherical in shape) and VN 

nitrides forming in the martensitic lath interiors [Ennis and Czyrska-

Filemonowicz, 2002; Panait et al., 2010a; Panait et al., 2010b].   

 

Figure 2.42: Effect of (a) austenitisation temperature on the material hardness for a 
2 hr austenitisation process followed by a 2 hr tempering process at 775 °C and (b) 
comparison of various heat treatment processes on dislocation density [Ennis et al., 
1997]. 

The work of Aghajani et al. [2009b] investigated the effect of post 

austenitisation cooling rates on the microstructural evolution and creep 

performance of T24 steel. In this study, air-cooling and water quenching 

techniques were compared, with a reduced rupture life observed for the air-

cooled specimens under short-term creep loading conditions and no obvious 

effect observed for long-term creep behaviour. This difference is related to 

the material microstructure and the ability of the water quenched specimen 

to retain its fine martensite structure following long-term creep deformation, 

illustrating the importance of (i) the creep strength obtained from the 

martensitic lath structure and (ii) the requirement for a stable microstructure 

during long-term creep deformation. 

This requirement for long-term higher temperature creep strength and 

microstructural stability has led to the development of the MarBN grade of 

9-12Cr steels (9Cr-3W-3Co-V-Nb steels). MarBN is a 9Cr steel with boron 

added to improve creep strength via the formation of more thermally stable 

M23(CB)6 carbides along boundaries in place of the more conventional 

M23C6 carbides present in P91 and P92 steels [Li et al., 2013a]. However, to 

(a) (b)
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ensure that unstable BN precipitates do not form, the nitrogen content must 

be controlled. Hence, this reduction leads to a decrease in the dispersion of 

the fine MX particles in the martensitic lath interiors, precipitates which are 

stable under long-term creep [Abe, 2004] and improve the precipitate 

strengthening, leading to improved creep strength. Abe and co-workers 

[Abe, 2008; Sakuraya et al., 2006] have suggested limiting the level of 

nitrogen to less than 100 ppm to help reduce the formation of BN particles. 

However, this is quite difficult to achieve for larger castings [Li et al., 

2013a] and hence, this process has limited benefit for realistic development 

of components. To overcome this limitation, the IMPACT1 project have 

developed a heat treatment procedure, based on ThermoCalc predictions and 

experimental investigations, which eliminates the formation of BN 

precipitates by austenitising the material at temperatures of 1175 °C to 1200 

°C for periods of 1 to 7 hours [Li et al., 2013a]. This high austenitisation 

temperature also ensures that any BN precipitates which form during 

manufacture of the pre heat-treated material are eradicated. The work of 

Abe [2004] also highlights the need to minimise carbon content to promote 

the formation of MX particles in place of excess formation of M23C6 

precipitates along boundaries. This is beneficial as MX particles are much 

more thermally stable than M23C6 carbides [Klueh, 2004] and minimising 

the number of inclusions along boundaries will also limit the potential 

number of sites for voids to form. The benefits of introducing boron on the 

creep performance of MarBN over conventional 9Cr steels are summarised 

by the schematic representations presented in Figure 2.43.  

                                                 
1 The IMPACT project was a TSB funded project involving project partners from 
Loughborough University, The Open University, NUI Galway, University of Limerick, E-
ON New Build and Technology, Alstom, Doosan Power, Goodwin Steel Castings, National 
Physical Laboratory and Tata Steel. The industry funded IMPEL project is the follow-up 
project to continue the development of MarBN. 
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Figure 2.43: Schematic representation of the effect of including (a) boron and (b) 
additional boron and nitrogen on the creep performance of 9Cr steels [Abe, 2011a]. 

MarBN steel has a much larger prior austenite grain size [Albert et al., 

2005] when compared to P91 and P92 steels as a result of the higher 

austenitisation temperature. This leads to improved creep performance as 

there are a reduced number of sites for voids to form along grain 

boundaries. MarBN also has an increased level of tungsten when compared 

to P91 and P92 steels, leading to greater solute and precipitate strengthening 

effects. The work of Albert et al. [2005] also illustrated that little carbide 

coarsening was observed, the fine grain heat affected zone (FG-HAZ) 

region was absent in a welded connection and no Type IV cracking was 

observed for 9Cr-3W-3Co-NbV steels with 90 to 130 ppm boron included 

and tested at 923 K in the 140 to 180 MPa stress range.  

 

Figure 2.44: Schematic representation of the mechanism of boron enrichment of 
grain boundaries in MarBN materials [Abe, 2011a]. 

(b)
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To date, a large amount of work has been carried out to assess the creep 

behaviour of MarBN, with significant improvements over the current state-

of-the-art materials already achieved. However, for the material to be 

successful under realistic plant operating conditions, further investigation is 

required. The material needs to be tested under long-term creep loading 

conditions at lower stresses (<100 MPa) and the performance of the material 

under cyclic loading conditions must be assessed as plant move towards 

more flexible operation. Chapter 3 of this thesis investigates the cyclic 

performance of MarBN and presents, for the first time, high temperature 

fatigue results. 

2.6.3. Cracking of welded connections 

Failures in power plant components are commonly related to welded 

connections, which are multi-material regions with heterogeneous 

microstructures. A welded connection can be split into parent material 

(PM), weld metal (WM) and heat affected zone (HAZ), with the various 

types of failures illustrated schematically in Figure 2.45. The most common 

type of failures for 9-12Cr steels are Type IV cracks, at the interface 

between the HAZ and PM. Images of Type IV cracks are presented in 

Figure 2.46a. The HAZ, which is considerably softer than the parent 

material, is made up of three distinct regions, namely the coarse-grain 

region (CG-HAZ) at the interface with the WM, a fine-grained region (FG-

HAZ) and the intercritical HAZ (IC-HAZ) region at the interface between 

the HAZ and PM (see Figure 2.46b). Type IV failures occur in the IC-HAZ 

region and are primarily related to the microstructure, which does not have 

the hierarchical structure of the parent material (PM), as shown in Figure 

2.46c.  
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Figure 2.45: Types of failures in welded components [Abson and Rothwell, 2013]. 
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Figure 2.46: Welded connections in 9-12Cr steels: (a) Type IV failure in the IC-
HAZ region, (b) schematic representation of a welded connection and cross-weld 
specimen and (c) TEM images of the different regions in a welded connection 
[Watanabe et al., 2006] 

Figure 2.47 presents an EBSD scan of the microstructure of (i) P92 steel and 

(ii) 9Cr-3W steel with 90 ppm boron addition for base and HAZ materials. 

Although the prior austenite grain size in the base materials are quite similar 

(and relatively similar hierarchical microstructure), significant differences 

exist in the HAZ regions. The addition of 90 ppm boron has led to a 

significantly modified HAZ microstructure. The new HAZ is not fine-

grained and has a hierarchical microstructure akin to that of parent metal. 

This hierarchical microstructure results in higher weld creep strength, as 

illustrated in Figure 2.48, and prevention of Type IV cracking.  
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Figure 2.47: EBSD image of the microstructure of base metal and HAZ material in 
P92 and NIMS-90ppmB (9Cr-3W steel with 90 ppm boron addition) [Abe et al., 
2007b]. 
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Figure 2.48: Comparison of the time to rupture of welded P92 steel and 9Cr-3W 
steel with 130 ppm addition of boron at a temperature of 650 °C [Abe et al., 
2007b]. 

2.6.4. Microstructural evolution in 9-12Cr steels 

The long-term high-temperature stability of the precipitate-strengthened 

hierarchical microstructure in 9-12Cr steels is essential in preventing 

premature failure of power plant components. The following sections 

discuss the evolution of the key strengthening mechanisms of precipitates, 

solid solution strengthening, martensitic lath structure and dislocation 

density evolution. 

2.6.4.1. Precipitate and solute strengthening in 9-12Cr steels 

In the initial microstructure of 9-12Cr steels, M23C6 and MX precipitates, as 

well as Mo solutes (and W solutes for P92 and MarBN steels) are the 

primary interstitial and substitutional obstacles present to enable 

strengthening. Under cyclic viscoplasticity and creep loading, the 

mechanism for hardening via these obstacles has been identified by Sauzay 

and co-workers [2005; 2008] and also Panait and co-workers [2010a; 

2010b] as bowing out of mobile dislocations pinned at obstacles. As plastic 

strain (viscoplastic strain for high temperature loading) accumulates, the 

force on the mobile dislocation pinned at its ends increases and the 
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dislocation starts to bow out. This bowing out mechanism is depicted in 

Figure 2.49 from TEM studies for both fatigue and creep loading conditions. 

Under fatigue loading, the pinning mechanism results in a back-stress which 

is responsible for the Bauschinger effect and under creep, the pinning 

mechanism produces the back-stress necessary for hardening primarily 

observed during primary creep. 

 

Figure 2.49: Micrographs of martensitic lath interiors in (a) P92 steel [Giroux, 
2011] and (b) P91 steel [Panait et al., 2010b]. The red arrows point to dislocations 
pinned at MX precipitates and white arrows point to lath boundaries.  

The stability of these strengthening mechanisms is dependent on the 

coarsening of the precipitates. Prolonged high temperature exposure results 

in particle coarsening and precipitation of new secondary phases. The work 

of Abe [2008], Hald and Korcakova [2003], Panait and co-workers [2010a; 

2010b], and Ghassemi-Armaki and co-workers [2009; 2011; 2013] have 

measured the increase in mean diameter of M23C6 and MX particles with 

creep loading, e.g. as shown in Figure 2.50 for various Cr concentrations 

and the increase in particle spacing with creep aging time. For high 

temperature operation, the dominant mechanism of particle coarsening is the 

thermodynamically driven Ostwald ripening process. According to the 

Ostwald ripening process, the requirement to lower the overall energy of the 

system results in smaller particles, with a higher surface energy, detaching 

and diffusing through the solution to combine with larger particles, leading 

to a reduction of surface energy. Thus, the mean particle radius increases 

0.2 μm(a) (b)
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with an approximately constant volume fraction of particles. The increase in 

particle spacing via Ostwald ripening can be described using the well-

known kinetic equation derived by Lifshitz and Slyozov [1961], which 

describes the evolution of the mean precipitate diameter, di: 

tKdd ii,i  3
0

3     (2.26) 

where di,0 is the initial mean diameter, t is time and Ki is the coarsening rate 

of a precipitate of type i and defined as [Lifshitz and Slyozov, 1961]: 

TR

DνγC
Ki 9

8 2
 (2.27) 

where γ is surface energy, C∞ is particle solubility, v is molar volume and D 

is the diffusion coefficient. Typical values of the coarsening rates, Ki, are 

presented by Spigarelli [2013a] for 9-12Cr steels, for example. As Ostwald 

ripening is a rate (and temperature) dependent process, particle coarsening is 

of primary concern to creep loading and hence, under fatigue loading 

conditions, it is assumed that only minimal coarsening occurs. The effect of 

particle coarsening on precipitate spacing due to long-term creep loading in 

9-12Cr steels is presented in Figure 2.50, resulting in a decrease of the 

precipitate strengthening mechanism and hence, an overall decrease in 

strength. 
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Figure 2.50: Effect of creep loading time on the spacing of M23C6 and MX 
precipitates [Ghassemi-Armaki et al., 2011]. 

One of the major benefits of MarBN steels is related to the stability of 

M23C6 precipitates. The addition of boron atoms produces M23(CB)6 

precipitates. These precipitates are much more stable during high 

temperature loading [Abe et al., 2008; Li et al., 2013a] and hence, result in 

increased strength [Abe et al., 2008] as the martensitic laths and LAB 

dislocation substructure is less susceptible to deformation via migration of 

martensitic lath boundaries [Sawada et al., 2003; Yan et al, 2013] (see 

description below). 

The Ostwald ripening law of Equation (2.26) describes the temperature- and 

time-dependent coarsening of precipitates only, and is valid for long-term 

coarsening of precipitates under thermal aging. However, as measured in the 

work of Hu and co-workers [2014], coarsening of precipitates under fatigue 

in 9-12Cr steels can also occur. This work investigated the effect of fatigue 
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loading on the microstructure of the China Low Activation Martensitic 

(CLAM) steel and observed an increase in M23C6 size following short-term 

LCF tests. The mechanism for the increased coarsening rate is strain-

dependent coarsening related to the diffusion term of Equation (2.27), with a 

significant increase in the diffusion coefficient for dislocation diffusion 

(viscoplastic-strain dependent diffusion) when compared to lattice diffusion 

[Taneike et al.,2001]. The work of Taneike and co-workers [2001] also led 

to the development of a modified Ostwald ripening model to include strain-

dependent precipitate coarsening: 

 21
3
0,

3 ataCdd ii       (2.28) 

where a1 and a2 are constants related to diffusion, similar to that of Equation 

(2.27). The coarsening of precipitates, either via Ostwald ripening or strain-

dependent, results in a decrease in the strengthening provided by the 

precipitates as the mean spacing between particles is increased. Hence, the 

Orowan stress is decreased as the ability of the obstacles to impede the 

motion of mobile dislocations is reduced. Long-term, high temperature 

exposure also leads to the formation of new secondary phase particles, 

namely Laves phase and Z-phase particles. The formation of these new 

precipitates occurs at the expense of other mechanisms of strengthening, as 

discussed briefly in the following sections. 

During long-term thermal aging, Laves phase particles form in 9-12Cr steels 

at the expense of the solid-solution strengthening mechanism. The 

formation of these large Fe2Mo and Fe2W particles, with a mean diameter in 

the range of 200 to 800 nm [Panait et al., 2010a], occurs due to long-term 

high temperature exposure and affect the strengthening available due to two 

mechanisms. Firstly, as the volume fraction of Laves phase particles 

increases, precipitate strengthening increases due to the Orowan 

mechanism. However, after a period of time, the newly formed precipitates 

will start to coarsen, resulting in a decrease of the strengthening obtained, as 

illustrated schematically by the blue line in Figure 2.51. This initial dynamic 

increase of strengthening contributes to the long primary creep phase in 9-

12Cr steels [Abe, 2015]. The second mechanism is the decrease in solid-
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solution strengthening as the Mo and W solutes are consumed to form the 

Laves phase particles, as highlighted by the red line in Figure 2.51.  

 

Figure 2.51: Effect of volume fraction of Laves phase on strengthening in 10Cr 
steel [Hu et al., 2011]. The blue line represents creep strengthening due to Laves 
phase formation, red line represents decrease in creep rupture strength owing to 
Laves phase formation at the expense of solutes and the black line represents the 
overall effect of Laves phase formation. 

The second particle type to precipitate during long-term thermal aging are 

the complex modified Z-phase precipitates, precipitates of the type 

Cr(Nb,V)N. Due to their structure, modified Z-phase particles consume 

smaller MX type precipitates following long-term thermal aging. The 

precipitation of Z-Phase particles is detrimental to the structural integrity of 

welded connections [Abe, 2008]. The overall evolution of mean precipitate 

diameters in a 10Cr steel is summarised in Figure 2.52, with the coarsening 

and precipitation of new secondary phases adversely affecting the 

performance of 9-12Cr steels under fatigue and creep deformation.  
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Figure 2.52: Evolution of mean precipitate diameters and formation of new 
secondary phases in 10Cr-1W-1Mo-VNb steel [Maruyama et al., 2001]. 

2.6.4.2. Martensitic lath growth and subgrain formation 

During creep loading, martensitic laths do not coarsen, but their respective 

boundaries can migrate [Sawada et al., 2003; Yan et al, 2013] and new 

dislocation networks can form [Keller et al, 2010], resulting in the 

establishment of more equi-axed subgrain structures. This martensitic lath to 

subgrain transformation occurs throughout the three stages of creep 

deformation and predominately during the tertiary phase of creep [Abe, 

2008; Abe, 2011b], under the accumulation of creep strain and evolution of 

dislocation density, resulting in a transformation of the martensitic lath 

microstructure to a more equi-axed subgrain microstructure. Panait and co-

workers [Panait et al., 2010b] have shown that pure thermal aging (at a 

temperature of 600 °C), via analysis of the heads of crept specimens, results 

in minimal martensitic lath coarsening. Figure 2.53 compares the effects of 

thermal aging and load-dependent martensitic lath (subgrain) evolution via 

comparison of lath width distribution in the specimen head (thermally aged 

only) with the distribution on the gauge length (crept material). As is 

evident from the distributions shown in Figure 2.53, thermal aging at 600 °C 

has little effect on lath evolution and hence, it can be concluded that lath 

coarsening is primarily dominated by inelastic deformation. Figure 2.53 also 

shows the initial and final measured distribution of martensitic lath width in 

a P91 steel, which was subjected to a creep load of 80 MPa for 113,000 hrs. 
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The insignificant dependence of martensitic lath evolution on thermal aging 

is related to the thermal stability of martensitic laths [Sawada et al., 2003], 

which are reinforced by the presence of M23C6 precipitates dispersed along 

LABs. It is the coarsening of these M23C6 carbides with time which results 

in the migration of the LABs [Ennis and Czyrska-Filemonowicz, 2002], 

illustrating the importance of minimising the coarsening of M23C6 carbides 

during long-term creep deformation. The transformation of martensite lath 

boundaries into more equi-axed subgrains is as a result of this migration 

mechanism [Panait et al., 2010b; Orlova et al., 1998].  

 

Figure 2.53: Comparison of the initial and final martensitic lath-subgrain width in 
crept P91 steel [Panait et al., 2010b]. The specimen was crept at 80 MPa for 
113,000 hrs at 600 °C. 

However, under fatigue loading, martensitic laths widen through the loss of 

the LAB dislocation substructure [Fournier et al., 2005; Giroux, 2011; 

Sauzay et al., 2005; Sauzay et al., 2008]. Martensitic laths are defined as 

regions bounded with LAB dislocations, as illustrated in Figure 2.54 from 

the work of Hu and co-workers [2013] on CLAM steel. Hence, as discussed 

by Sauzay and co-workers [2005], the loss of this LAB dislocation 

substructure occurs due to a glide mechanism, in which mobile dislocations 

interact with LAB dislocations resulting in the annihilation of the two 

dislocations. It should also be noted that, while not the primary mechanism 
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for widening of martensitic laths under creep loading, LAB dislocation 

annihilation should also be considered.  

 

Figure 2.54: Martensitic lath and LAB dislocation microstructure of 9-12Cr steels 
for (a) the overall martensitic lath structure with M23C6 precipitates dispersed along 
boundaries and MX particles within the lath interiors and (b) the LAB dislocation 
substructure with M23C6 carbides dispersed along lath boundaries for a CLAM steel 
[Hu et al., 2013].   

As the density of LAB dislocations decreases, M23C6 carbides, which were 

originally dispersed along the LABs, are left behind in the lath interiors as a 

lath interior strengthening mechanism (along with MX particles and Mo and 

W solutes). This trait of 9-12Cr steels has been identified by Giroux [2011] 

and Sauzay et al. [2008], as is evident in Figure 2.55. The overall effect of 

the loss of the LAB dislocation substructure is (i) a decrease in mobile 

dislocation density, (ii) widening of martensitic laths (via the merging of 

two adjacent laths as their LAB interface disappears) and (iii) reduced 

strength [Dubey et al., 2005]. Hold periods, i.e. during stress relaxation 

dwell tests, have also been shown to increase the rate of softening in 9-12Cr 

materials [Dubey et al., 2005]. 

(a) (b)
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Lath boundary
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Figure 2.55: TEM images of the martensitic lath microstructure following cyclic 
deformation in (a) P91 steel [Sauzay et al., 2008] and (b) P92 steel [Giroux, 2011]. 
The arrows point to M23C6 precipitates, which were originally aligned along 
martensitic lath boundaries, and now form part of the lath interiors. 

The widening of laths, either via migration of boundaries, martensitic lath to 

subgrain transformation and subsequent subgrain coarsening or loss of LAB 

dislocations, results in a reduction of the strength of the material. Primarily, 

this results in a decrease in the yield stress of 9-12Cr steels, as typified by 

the following equation [Nes, 1998; Pedersen et al., 1981]: 

w

Mb
y


 2  (2.29) 

where α2 is a material constant, M is Taylor factor, μ is shear modulus, b is 

magnitude of the Burger’s vector and w is martensitic lath width. Typical 

values for initial martensitic lath widths and final lath width (loading 

dependent) for 9-12Cr steels are given in the literature [Giroux, 2011; Hyde 

et al., 2012; Panait et al., 2010b; Sauzay et al., 2008; Sawada et al., 1999]. 

The limiting martensitic lath width is the width of the block boundary 

[Sauzay et al., 2005]. The evolution of martensitic lath width under fatigue 

loading has been measured via TEM from tests repeated at fractions of the 

failure life for (i) P91 steel [Hyde et al., 2012] and (ii) P92 steel [Giroux, 

2011] at temperatures of 600 °C and 550 °C respectively. The results of 

these tests, which were conducted at an applied strain-rate of 0.1 %/s and 

(a) (b)
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strain-range of ±0.5 % for P91 steel and a strain-rate of 0.001 %/s and 

strain-range of ±0.35 % for P92 steel are summarised in Figure 2.56. Also 

included in Figure 2.56 is a data point (green point) corresponding to the 

martensitic lath width at failure for P92 steel tested at a strain-rate of 0.2 

%/s and strain-range of ±0.35 % [Giroux, 2011]. This result illustrates the 

effect of strain-rate on cyclic martensitic lath evolution of P92 steel at 550 

°C, with increased LAB dislocation annihilation occurring at lower strain-

rates.  

 

Figure 2.56: Measured martensitic lath evolution in P91 steel [Hyde et al., 2012] 
and P92 steel [Giroux, 2011] under high temperature fatigue deformation. The 
green data point corresponds to the post-test measured martensitic lath width in 
P92 steel at a strain-rate of 0.2 %/s. 

2.6.4.3. Evolution of dislocation density 

The initial dislocation density of 9-12Cr steels, which is extremely high 

compared to stainless steels that cyclically harden, for example, is typically 

somewhere in the range of 1.51014 m-2 [Sauzay et al., 2005; Sauzay et al., 

2008] to 7.51014 m-2 [Ennis and Czyrska-Filemonowicz, 2002]. The overall 

dislocation density is made up of both mobile and immobile dislocations, 

where mobile dislocations are the carriers of inelastic deformation and 

immobile dislocations contribute to hardening based on the Taylor 

hardening equation. The immobile dislocations can be further split into 
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dislocations at HAGBs, LABs and within the martensitic lath interiors. The 

dislocations at the LABs are as a result of the heat treatment process and 

form a dislocation substructure resulting in martensitic laths, as illustrated in 

Figure 2.57. The initial density of dislocations within the martensitic lath 

interiors is quite low [Magnusson and Sandström, 2007], with some laths 

void of dislocations [Pešička et al., 2003].  

 

Figure 2.57: TEM images of the P92 dislocation substructure in martensitic laths 
for (a) ‘as-received’, (b) fractured specimen after 4552 cycles at 550 °C, a strain-
rate of 0.2 %/s and strain-range of ±0.35 % and (c) fractured specimen after 3960 
cycles at 550 °C, a strain-rate of 0.001 %/s and strain-range of ±0.35 % [Giroux, 
2011]. 

It has been shown experimentally [Ennis and Czyrska-Filemonowicz, 2002; 

Pešička et al., 2003] that the initially high density of dislocations decreases 

during both LCF and creep loading, as illustrated in Figure 2.58 for creep 

loading. During deformation, dislocations can become trapped at boundaries 

and precipitates and dislocations can also multiply at sources, e.g. Frank-

Read sources. However, due to the accumulation of inelastic deformation, 

mutual annihilation of dislocations occurs when two dislocations of opposite 

Burger's vector meet, resulting in a decrease in dislocation density. 

For fatigue loading the decrease in overall dislocation density represents a 

loss of the martensitic lath structure due to LAB dislocation annihilation. As 

discussed by Sauzay and co-workers [2005; 2008], this is the primary 

mechanism for recovery and hence, cyclic softening in 9-12Cr steels. The 

result of LAB dislocation annihilation is effectively an increase in effective 

martensitic lath width and hence, a reduction in strength. This recovery of 

(a) (b) (c)
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martensitic lath width also has a significant impact on creep strain, which is 

approximately proportional to w3 during tertiary creep [Abe, 2015].  

 

Figure 2.58: Evolution of dislocation density during creep loading in (a) P91 steel 
under creep and thermal aging [Pešička et al., 2010] and (b) in P92 steel under 
creep loading [Ennis and Czyrska-Filemonowicz, 2002]. 

Due to this evolution of dislocation density and associated interactions with 

LABs, HAGBs and precipitates in 9-12Cr steels, dislocation density 

represents a key microstructural variable for the evolution of 9-12Cr steels. 

It is due to these interactions with the various strengthening mechanisms 

which constitutes the requirement to simulate the evolution of all of these 

mechanisms within a material model and the inclusion of only one of these 

strengthening mechanisms will not suffice to accurately predict the 

constitutive behaviour of 9-12Cr steels. Furthermore, as discussed by Cheng 

et al. [2003] and Kato et al. [2008] and illustrated in Figure 2.59, the 

deformation of steels may be divided into four distinct groups, dependent on 

grain size. For smaller grain sizes (‘Nano-1’, grain size: d < 10 nm), 

dislocation-based plasticity does not occur as the process is defined in terms 

of either grain-boundary sliding (GBS) or Coble creep. It is under these 

conditions that the inverse Hall-Petch effect is observed. As you move up 

the scales (i.e., ‘Nano-2’ to ‘Ultrafine’; 10 nm < d < 500 nm), dislocation-

mechanics start to become important, but only at grain boundaries. For 

example, in ‘Nano-2’, twinning causes grains to be sheared resulting in 

stacking faults being left behind and for ‘Ultrafine’, nucleation of lattice 

dislocations occurs at grain boundaries, resulting in grain shearing [Kato et 

al., 2008]. Finally, the largest scale (denoted ‘Traditional’ in Figure 2.59) is 

(a) (b)
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related to conventional steels and for grain sizes greater than ~500 nm, the 

effects of both grain boundary and grain interior dislocation sources must be 

considered for plastic deformation. 9-12Cr steels fall under this regime and 

hence, both cell interior and cell wall dislocation-mechanics must be 

considered when adapting a dislocation-based modelling methodology.    

 

Figure 2.59: Deformation mechanisms map for FCC crystals highlighting the effect 
of grain size and dislocation-mechanics on the deformation of steels [Cheng et al., 
2003]. 

2.7. Summary and conclusions 

The literature on the high temperature performance of 9-12Cr steels is 

undoubtedly quite extensive, with a sizeable proportion of this literature 

dedicated to the characterisation of creep behaviour and identification of the 

mechanisms of creep deformation in such materials. Accompanying this 

characterisation are numerous models for creep and fatigue deformation in 

candidate materials, including the 9-12Cr family of steels. However, the 

recent transition to flexible operation of power plant components has 

emphasised shortcomings in the literature at present, particularly in relation 

to modelling of fatigue loading conditions under high temperature 

deformation in 9-12Cr steels. The following highlights these shortcomings 
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and outlines how this thesis will address these specific gaps in the current 

literature. 

A significant amount of work has been carried out to date on determination 

of the microstructure of ‘as-received’ 9-12Cr steels, revealing a hierarchical 

microstructure strengthened by precipitates and solutes, and to a lesser 

extent, characterisation of the heterogeneous microstructure of welded 

connections. The associated microstructural evolution under inelastic 

deformations (creep and fatigue loading, for example) is known to be 

extremely complex. Due to these complexities, the development of a multi-

scale microstructure-sensitive modelling framework is required to 

successfully simulate inelastic deformation under next generation loading 

conditions and to predict fatigue-creep life in power plant components 

manufactured from such materials. The materials design tool proposed in 

Figure 1.8 outlines the fundamental requirements to incorporate such effects 

within a multi-scale methodology, namely: 

 Consideration of the chemical composition, heat treatment and initial 

material microstructure,  

 Determination of key strengthening mechanisms via experimental 

analysis and microscopy and subsequent modelling at the 

micromechanical and macro-scale levels,  

 Adaptation of material models to heterogeneous microstructures 

such as welded connections and application to diverse loading 

conditions including fatigue, creep and corrosion loading conditions, 

 Multi-axial implementation of the macro-scale model for use with 

commercial finite element codes for component level simulations 

and multi-axial failure prediction, 

 Application of the material model and life assessment methodology 

to realistic loading conditions at the component level. 

Within this multi-scale modelling methodology, the successful development 

of a microstructure-sensitive material model for 9-12Cr steels at the macro-



2.   Background and Literature Review 

88 
 

scale is paramount to linking the nano- and micro-scale strengthening 

mechanisms with the large-scale components in realistic plant. The 

development of such a model will overcome temporal and geometric 

constraints associated with micromechanical modelling to enable efficient 

and effective modelling of realistic plant components. 

As different loading conditions can result in significantly different 

constitutive behaviour and microstructural degradation, there is a need to 

develop a microstructure-sensitive model, with provisions to include 

parameters and evolutionary equations for (i) M23C6 carbides, MX 

carbonitrides and Laves phase particles, (ii) Mo and W solutes, (iii) 

martensitic laths and HAGBs and (iv) dislocation density. This will 

facilitate accurate simulation of the observations during fatigue and creep 

deformation. To date, no complete model exists at the macro-scale which 

can account for the effects of the key microstructural parameters discussed 

above. Thus, building on the current literature for 9-12Cr steels, this gap 

will be bridged by the development of a dislocation-mechanics modelling 

framework for the evolution of the strengthening mechanisms under fatigue 

and, fatigue-creep in 9-12Cr steels.  

As power plants transition to flexible operation, characterisation and 

numerical modelling of the fatigue, and in particular, TMF behaviour of 

candidate materials represents a relatively new but important requirement 

for plant designers. Thus, to aid the development of fatigue models and to 

broaden the knowledge of fatigue behaviour in 9-12Cr steels, the relatively 

limited bank of fatigue test data will be extended here via the completion of 

isothermal fatigue, TMF and stress relaxation experiments across a broad 

range of strain-rates and strain-ranges on (i) ex-service P91 steel and (ii) 

MarBN. 

MarBN is a 9Cr alloy currently in development with the potential to operate 

at higher temperatures and hence, improve plant efficiencies and reduce 

CO2 emissions. In this early stage of the material development process, only 

the short-term creep behaviour of this material has been characterised, with 

some excellent initial results observed in terms of creep strength compared 
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to the current state-of-the-art materials. However, if this material is to prove 

successful for operation in high temperature plant operating under next 

generation loading conditions, characterisation of the fatigue behaviour of 

this new material is crucial. Thus, for the first time, a program of high 

temperature low cycle fatigue tests will be carried out on a cast MarBN 

product to qualitatively assess the potential capability of this material for 

flexible plant operation. The test program will be carried out across a broad 

range of strain-rates and strain-ranges, with comparisons made to the current 

state-of-the-art materials, namely P91 and P92 steel. 

Due to the strain-rate effect observed at higher operating temperatures, and 

the significant difference between experimental and realistic strain-rates, 

there exists a requirement to develop a multi-axial modelling framework 

with variable strain-rate sensitivity. The development of such a framework 

is carried out here in conjunction with the construction of a UMAT user 

material subroutine to allow successful implementation of the material 

model within the commercial finite element code Abaqus. This fatigue 

framework will incorporate back-stress and cyclic softening variables which 

can be simulated using phenomenological or physically-based evolutionary 

laws. 

From a phenomenological viewpoint, the development of such a modelling 

framework offers a simpler approach to predict the constitutive behaviour of 

the material, with a set of material parameters identified from experimental 

data. A step-by-step approach, with particular emphasis on the identification 

of strain-rate independent material parameters, is developed in the present 

work, with rigorous validation against experimental data across a broad 

range of loading conditions carried out.  
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3. High Temperature Experimental Testing of 9Cr steels 

3.1. Introduction 

This chapter presents the results of high temperature experimental testing of 

9Cr steels. The primary focus of this work is the investigation of (i) high 

temperature fatigue and (ii) thermo-mechanical fatigue (TMF) of candidate 

materials. A detailed understanding of the fatigue behaviour of candidate 

materials is required during the design process to accommodate flexible 

operation of modern and next generation power plants.  

Although a high factor of safety exists in power plant components, the 

recent transition to flexible operation results in cyclic loading must be 

accounted for when designing plant components. To this end, a series of 

high temperature low cycle fatigue (HTLCF) tests are conducted in the 20 

°C to 625 °C temperature range and presented in Section 3.4. The effect of 

strain-rate, which is important for (i) material model calibration to 

extrapolate from experimental testing conditions at higher strain-rates to 

realistic power plant behaviour at low strain-rates and (ii) to understand 

variable strain-rate flexible plant operation [Farragher et al., 2013a; 

Farragher et al., 2013b], is also investigated in this study via strain-rate 

testing in the 0.1 %/s to 0.0005 %/s range. 

HTLCF tests are required to (i) characterise the fatigue performance of 9Cr 

steels and (ii) successfully calibrate and validate potential material models 

for component level modelling. However, a program of TMF tests is 

required to capture the effects of the candidate materials under more 

representative loading conditions. Section 3.5 shows that thermo-

mechanical loading has a considerable effect on the constitutive behaviour 

of 9Cr steels and shows a significant effect on fatigue life in Section 3.7. 

Hence, the extensive TMF test program presented in this chapter highlights 

the requirement to (i) understand and (ii) characterise the LCF and TMF 

behaviour of 9Cr steels.  
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To improve efficiency and reduce CO2 emissions, next generation power 

plant will also be required to operate at higher temperatures and pressures. 

However, the key limiting factor to increased plant operating temperatures 

relates to material performance. Considering that the current state-of-the-art 

materials are limited to operation at temperatures of 600 °C or less, there 

exists a need for the development of materials with enhanced high 

temperature performance. MarBN, is a new 9Cr steel with enhanced high 

temperature creep performance, whilst maintaining the benefits of 

conventional 9Cr steels including (i) a reduced coefficient of thermal 

expansion, (ii) high creep strength and (iii) reduced cost in comparison with 

nickel-based superalloys. Although MarBN has exhibited excellent creep 

performance at high temperature, with an anticipated safe plant operation 

temperature of at least 625 °C, the high temperature fatigue performance of 

MarBN must also be characterised if it is to be considered a viable option 

for achieving increased efficiency and reduced emissions in future power 

stations operating under increasingly more flexible operation. Section 3.6 

presents, for the first time, such a characterisation of a cast MarBN material 

under HTLCF loading conditions.  

Chemical composition and material heat treatment play an important role in 

the performance of the material vis-à-vis (i) high temperature creep, (ii) 

fatigue and (iii) oxidation and corrosion behaviour, as well as interactions of 

these. The composition and heat treatment of each of the materials tested is 

discussed in Section 3.3 and their effect on the resulting precipitate-

strengthened hierarchical microstructure of 9Cr steels is studied briefly in 

Section 3.7 and discussed throughout Chapter 3. A comparison of the 

constitutive behaviour for a range of different 9Cr steels, with variations in 

composition, fabrication and heat treatment, is also presented in Section 3.7.  

The following section describes the test facilities at NUI Galway and 

University of Nottingham for high temperature fatigue testing and the 

experimental test procedure for HTLCF and TMF testing of 9Cr steels. 
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3.2. High temperature experimental programs 

To characterise the fatigue performance of (i) P91 steel and (ii) MarBN 

material, a comprehensive test program has been developed for each 

material. These test programs include characterising the (i) strain-rate, (ii) 

strain-range, (iii) temperature and (iv) TMF behaviour of P91 steel and 

MarBN, with all of the tests conducted under strain-controlled loading 

conditions.   

The ex-service P91 steel (ES-P91) used in this study is a 9Cr martensitic 

steel extracted from a superheater outlet header in Lough Ree power station 

(Ireland). The material, provided by ESB Energy International, was 

subjected to 35,168 hrs of service under subcritical loading conditions. The 

material was removed from service for operational reasons and was only 

subjected to operation at temperatures below 485 °C (normal operating 

conditions for Lough Ree power station is in the 460 to 485 °C temperature 

range) [Farragher, 2013]. However, as discussed by Farragher [2013], the 

material was exposed to 65 start-up (and shut-down) cycles (similar to 

Figure 1.2a) in total, with approximately equal numbers of cold, warm and 

hot start-up cycles. Such flexible operation is anticipated to have resulted in 

some microstructural degradation. Upon the extraction of the header unit, 

specimen blanks were extracted for test specimen manufacture. 

The test program for ES-P91 steel consists of three phases. Phase 1 is an 

isothermal high temperature low cycle fatigue (HTLCF) test program 

including fully reversed and dwell tests at temperatures of 20 °C, 400 °C, 

500 °C, 550 °C, 600 °C and 625 °C. Phase 2 is a TMF test program in the 

400 to 600 °C temperature, with the complete test program for ES-P91 steel 

is summarised in Table 3.1. Due to time constraints associated with slow 

strain-rate testing, the strain-rates in this program are predominantly higher 

than those observed in realistic plant [Farragher et al., 2013b; Nabarro, 

2002]. Thus, a number of tests were included in the test program at an 

intermediate strain-rate of 510-4 %/s to ensure potential cyclic viscoplastic 

material models could be validated at more realistic strain-rates for flexible 
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operation of power plants. Phase 3 is a program of weld material (WM) and 

cross weld (CW) tests as discussed in detail in Farragher [2013]. 

Table 3.1: Ex-service P91 steel HTLCF and TMF test programs. 

Test Type 
Specimen 

Type 
Temperatu

re (°C) 
Strain-

range (%) 
Strain-rate 

(%/s) 
Waveform 

HTLCF 1 PM 
20, 400, 
500, and 

600 

±0.5 0.1 

Rε = -1 
(Triangular) 

±0.5 0.033 
±0.4 0.033 
±0.3 0.033 
±0.5 0.025 

HTLCF PM 
400, 500, 
550, 600 
and 625 

±0.3 5×10-4 Rε = -1 
(Triangular) 

Cyclic dwell 
(Relaxation)

1 
PM 

20, 400, 500 
and 600 

±0.5 0.1 
120 s hold 

period 

TMF-IP,  
TMF-OP 

PM 400 to 600 
±0.5  0.033, 0.025 Rε = -1 

(Triangular) ±0.4 0.033 
TMF-IP,  
TMF-OP 

PM 400 to 600 
+0.5/-0.2 

0.033, 0.025 Asymmetric 
+0.4/-0.1 

TMF – 
Dwell 

PM 400 to 600 ±0.5 0.033, 0.025 
120 s hold 

period 
 

The MarBN material was acquired via NUI Galway’s ongoing collaboration 

with the IMPACT project. The material received by NUI Galway as part of 

the IMPACT project consisted of two cast plates of MarBN material, with 

the nominal dimensions illustrated in Figure 3.1. As expected, due to 

location in the melt, the casting quality at various locations in the plates may 

vary somewhat. The three regions depicted in Figure 3.2 are (i) primary 

material (highest quality material shaded in red), (ii) secondary material 

(region shaded in blue with material possibly of slightly inferior quality) and 

(iii) low quality material (denoted by the green shaded regions). Some low 

quality material has been employed for specimen manufacture to maximise 

the material available for testing. However, attention is focused on the 

primary and secondary grade material for testing. The test program for 

MarBN, which represents the first such testing to be conducted on a 9Cr-

3W-3Co-V-Nb steel, is carried out at a temperature of 600 °C under the 

conditions listed in Table 3.2.  

                                                 
1 Tests conducted as part of T.P. Farragher thesis [Farragher, 2013], within the SFI 
METCAM project. 
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Figure 3.1: Photograph of one of the cast MarBN plates at NUI Galway. 

 

Figure 3.2: Schematic representation of the various regions of the cast MarBN 
plates. 
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Table 3.2: Cast MarBN HTLCF test program 

Test Type 
Specimen 

Type 
Temperatu

re (°C) 
Strain-

range (%) 
Strain-rate 

(%/s) 
Waveform 

HTLCF  PM 600 

±0.5 0.1 

Rε = -1 
(Triangular) 

±0.5 0.033 
±0.4 0.033 
±0.3 0.033 
±0.5 0.01 
±0.4 0.01 
±0.3 0.01 
±0.5 0.001 

Cyclic dwell 
(Relaxation) PM 600 ±0.5 0.1 

1 hr hold 
period 

 

The strain-controlled high temperature fatigue tests were conducted at two 

different test facilities. Firstly, the TMF test rig at the University of 

Nottingham (UoN) was predominately utilised to characterise the high 

temperature fatigue behaviour of the ES-P91 steel parent material (PM). 

This rig is an INSTRON 8862 TMF test rig, capable of use for isothermal 

(HTLCF) and anisothermal (TMF) tests. The TMF test rig, illustrated in 

Figure 3.3, uses a radio frequency induction coil with forced air cooling to 

accurately control the specimen temperature to within ±10 °C during testing 

[Hyde et al., 2010]. To maintain temperature control and follow a triangular 

temperature waveform under TMF conditions, hollow specimens are 

required as per the drawing of Figure 3.4 (for isothermal testing, the hollow 

centre is not required).  

 

Figure 3.3: INSTRON 8862 TMF test rig at the University of Nottingham 
[Farragher, 2013; Hyde et al., 2010]. 
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Figure 3.4: Hollow specimen geometry (all dimensions in mm) for the UoN TMF 
test rig [Hyde et al., 2010]. 

All WM and CW ES-P91 steel tests, as well as supplementary testing of ES-

P91 PM specimens are carried out on the HTLCF test rig at NUI Galway. 

The HTLCF test rig at NUI Galway is an INSTRON 8800 test rig capable of 

conducting stress- and strain-controlled fatigue tests at various R-ratios, 

dwell tests, creep and creep-fatigue tests. The NUI Galway HTLCF test rig 

has a hydraulic driven actuator and uses a chamber furnace and high 

temperature pullrods to enable testing up to temperatures of 1000 °C. Figure 

3.5 depicts the main components of the INSTRON 8800 at NUI Galway and 

due to the high temperature pullrod configuration, threaded specimens are 

required as illustrated in the drawing of Figure 3.6.  
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Figure 3.5: HTLCF testing facility at NUI Galway. 

 

Figure 3.6: Typical geometry (all dimensions in mm) of HTLCF specimen for the 
NUI Galway test rig [Farragher, 2013]. 

The specimens for HTLCF testing were manufactured (i) by Takumi 

Precision Engineering (Co. Limerick, Ireland) for the UoN test rig and (ii) 

in-house within Mechanical Engineering for the NUI Galway test rig. To 

compare the respective performances of the two test rigs, repeat tests were 

conducted, with little difference observed in constitutive behaviour between 

both test rigs [Farragher, 2013]. For both test rigs (NUI Galway and UoN), 
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thermal calibration of the test material is required. At NUI Galway, this is 

achieved via a (HTLCF) specimen with blind holes drilled at various 

locations along the specimen into which thermocouples are inserted. The 

desired temperature is then set for the furnace and the actual material 

temperature measured at the thermocouples. The process is repeated for 

different materials and specimen geometries; e.g. at NUI Galway, 

calibration was carried out for (a) a notched ES-P91 specimen and (b) plain 

cast MarBN specimen as presented in Figure 3.7. A more detailed 

description of the testing procedures at NUI Galway and UoN can be found 

elsewhere [Farragher, 2013; Saad, 2012]. 

 

Figure 3.7: Thermal calibration for (a) ES-P91 notched specimen geometry and (b) 
MarBN plain specimen geometry. 

3.3. Chemical Composition and heat treatment 

As discussed in Chapter 2, the microstructure of 9-12Cr steels is critical to 

the high temperature performance of the material. This complex solute and 

precipitate-strengthened hierarchical microstructure is achieved via careful 

consideration and design of (i) the chemical composition and (ii) heat 

treatment.  

The chemical composition of the ES-P91 steel prior to service in Lough Ree 

power station is presented in Table 3.3, coupled with a comparison to an 

‘as-received’ P91 steel (AR-P91) from the literature [Saad, 2012]. The ES-

P91 steel was fabricated via a rolling process and underwent a typical 9Cr 

martensitic steel two-stage heat treatment process of normalisation for 0.5 
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hrs at 1050 °C, followed by tempering at 765 °C for 1 hr [Farragher, 2013]. 

By comparison, the AR-P91 steel was normalised at 1060 °C for 45 minutes 

and tempered at 760 °C for 2 hours. Although the chemical compositions 

and the heat treatment temperatures are quite similar, the longer normalising 

and tempering times for AR-P91 steel could lead to (i) coarser prior 

austenite grains and martensitic laths and (ii) slightly increased precipitate 

diameters.    

Table 3.3: Chemical composition of P91 steels in wt%. ES-P91 and AR-P91 steels 
denote ‘ex-service’ and ‘as-received’ respectively, with the AR-P91 data obtained 
from [Saad, 2012]. The balance is made up of Fe. 

 

The chemical composition and heat treatment for the cast MarBN material 

are the proprietary information of the IMPACT consortium and hence, 

cannot be disclosed. For the purpose of comparison with P91 steels, a 

typical chemical composition for MarBN [Abe et al., 2008] is presented in 

Table 2.1, which has similarities to the IMPACT cast MarBN product. As 

MarBN is a modified form of P92, a typical P92 steel chemical composition 

is also included for comparison. When compared with P91 and P92 steels, 

MarBN has increased tungsten content, reduced molybdenum and carbon 

and includes boron and cobalt. The inclusion of cobalt in a 9Cr martensitic 

steel is known to inhibit the production of δ-ferrite [Masuyama, 2001] and 

also improve material toughness [Klueh, 2004]. The nitrogen content must 

be carefully controlled to minimise the formation of unstable BN 

precipitates, which (i) subtract from boron enrichment of grain boundaries 

to stabilise M23C6 precipitates and (ii) reduce MX precipitate strengthening. 

Abe and co-workers [2008] suggested a chemical composition with less 

than 100 ppm nitrogen to ensure BN precipitates do not form for heat 

treatments with normalisation temperatures of 1080 to 1150 °C for 1 hour, 

followed tempering at temperatures of 770 to 800 °C for 1 to 4 hours. 

Hence, MarBN is a material with a reduced nitrogen content, which on the 

one hand will reduce the strengthening owing to the presence of MX 

 Al C Cr Mn Mo N Nb Ni P S Si V W 
ES-P91 0.007 0.10 8.48 0.42 0.94 0.058 0.07 0.19 0.013 - 0.26 0.204 - 
AR-P91 0.007 0.12 8.60 - 1.02 0.06 0.07 - 0.017 <0.002 0.34 0.24 0.03 
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precipitates but will ensure that segregation of boron at grain boundaries 

occurs, resulting in the maintenance of a hierarchical martensitic lath 

microstructure following PWHT [Abe et al., 2007b; Abe et al., 2010; 

Tabuchi et al., 2004]. However, the heat treatment of cast MarBN in this 

study follows the approach developed by Li and co-workers [Li et al., 

2013a] as part of work conducted within the IMPACT project. In this work, 

the normalisation temperature is set at 1200 °C and the normalisation time 

increased (confidential), with a longer tempering cycle. This approach 

ensures that BN precipitates do not form and the significantly reduced 

nitrogen content of Abe and co-workers [Abe et al., 2008] can be relaxed 

slightly (although not to the same extent as in ES-P91 steel), hence, 

resulting in improved nitride (MX) strengthening.  

Figure 3.8 schematically illustrates the various stages in the heat treatment 

processes and the difference between the heat treatments applied to ES-P91 

and MarBN steels used in this study. The normalisation process induces the 

formation of an austenite microstructure, with the increased normalisation 

temperature and time increasing the size of the austenite grain structure. 

Following normalisation, air cooling to temperatures below 300 °C yields a 

martensitic transformation (for the small specimen blanks with dimensions 

of 24 mm × 24 mm × 240 mm, air cooling is rapid enough and sufficient for 

martensitic transformation to occur). This results in the formation of 

martensitic laths with a high dislocation density. Finally, the tempering 

process takes place, which has two primary functions, (i) precipitation of the 

MX nitrides and M23C6 carbides and (ii) further reduction of the extremely 

high dislocation density. Further increased temperatures and hold times for 

the tempering process would increase the martensitic lath width and leads to 

the formation of more equi-axed subgrains [Sawada et al., 2003], resulting 

in a coarsened precipitate structure (for the same initial chemical 

composition and normalisation stages). 
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Figure 3.8: Schematic representation (not to scale) comparing the heat treatment of 
ES-P91 steel with that of cast MarBN, including normalisation, martensitic 
transformation and tempering. 

3.4. High temperature fatigue of ex-service P91 steel 

This section presents the results of the HTLCF test program for ES-P91 

steel, including characterisation of the effects of temperature, strain-rate and 

strain-range, under strain-controlled conditions. The results of isothermal 

dwell (stress relaxation) tests, with a hold period at the maximum tensile 

strain, are also included. Figure 3.9 illustrates the typical cycle for each of 

these tests.  

 

Figure 3.9: Schematic representation of a (a) fully reversed HTLCF test and (b) 
dwell test. 
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temperature on the material performance. For ES-P91 steel, this effect is 

presented in Figure 3.10, where as expected, the material strength is 

decreased with increasing temperature. The ES-P91 steel has a stress range 

of 1142 MPa at room temperature compared with 686 MPa at 600 °C (1.0 % 

strain range, 0.033 %/s strain-rate). This 40 % reduction in strength is also 

accompanied by a considerable reduction in material stiffness. As discussed 

briefly in Chapter 2, the temperature-dependence of Young’s modulus is 

crucial in predicting the hardening induced by the various strengthening 

mechanisms, including precipitate and martensitic lath strengthening. 

 

Figure 3.10: Effect of temperature on the measured stress-strain performance of 
ES-P91 steel for (a) initial cycle and (b) half-life cycle under an applied strain-rate 
of 0.033 %/s and strain-range ±0.5 %. 
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Figure 3.11. This decrease in yield stress is concomitant with the decrease in 

material stiffness for increasing temperatures. Furthermore, the non-linearity 

in the variation of the measured elastic material parameters of yield stress 
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Figure 3.11: Temperature dependence of yield stress and Young’s modulus in ES-
P91 steel. 

Temperature has an even more significant effect on the primary mechanisms 

of deformation and the performance of the strengthening mechanisms. 

Although the shear modulus is an important parameter for quantifying the 

variation in the primary strengthening mechanisms, e.g. strengthening due 

to interparticle spacing, λ, can be defined by an Orowan stress of the form 

λμbτOr   (where μ is shear modulus and b is the magnitude of Burger's 

vector), there is clear evidence of viscous effects on the measured stress-
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the stress-strain response appears to reach a plateau at a relatively low 

strain, indicative of a low hardening modulus. 

3.4.2. High temperature fatigue tests at varying strain-ranges 

The effect of strain-range is presented in Figure 3.12 for temperatures of 

400, 500 and 600 °C. These results, presented for applied strain-ranges of 

±0.3 %, ±0.4 % and ±0.5 %, illustrate (i) considerable cyclic softening, (ii) 

non-Masing behaviour and (iii) kinematic hardening with a Bauschinger 

effect. Cyclic softening is evident via the significant decrease in stress range 

as the cycles increase. This effect is discussed in more detail in Section 

3.4.3.    
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Figure 3.12: Stress-strain response for a strain-rate of 0.033 %/s and (a) initial 
cycle at 400 °C, (b) half-life cycle at 400 °C, (c) initial cycle at 500 °C, (d) half-life 
cycle at 500 °C, (e) initial cycle at 600 °C, and (f) half-life cycle at 600 °C for 
various applied strain-ranges. 
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stress response (2σmono) for a monotonic test, as illustrated in the schematic 

of Figure 3.13. As is evident from Figure 3.14, the ES-P91 steel tested here 

undergoes non-Masing behaviour at low applied strain-ranges, i.e. the 

stress-strain response at an applied strain-range of ±0.3 % is not coincident 

with the result at the higher applied strain-range of ±0.5 %. This is even 

more evident at 600 °C. From Plumtree and Abdel-Raouf [1998], non-

Masing behaviour is expected to occur in materials which form dislocation 

cell substructures, e.g. the low-angle boundary dislocation substructures in 

9Cr steels, explaining the existence of such behaviour in the ES-P91 steel. 

Non-Masing behaviour is representative of microstructural evolution and 

degradation during cyclic deformation in metals. 

 

Figure 3.13: Schematic representation of Masing behaviour in metals. 

 

Figure 3.14: Non-Masing behaviour at low strains in ES-P91 steel at temperatures 
of (a) 400 °C and (b) 600 °C. 

A
xi
al
 S
tr
es
s 
R
an

ge
 (
‐)

Axial Plastic Strain Range (‐)

Master curve (2σmono)

0

100

200

300

400

500

0 0.5 1 1.5

St
re
ss
 (
M
P
a)

Mechanical Strain (%)

Δε=±0.5 %
Δε=±0.4 %
Δε=±0.3 %

0

300

600

900

0 0.5 1 1.5

St
re
ss
 (
M
P
a)

Mechanical Strain (%)

Δε=±0.5 %
Δε=±0.4 %
Δε=±0.3 %

(a) (b)



3.   High Temperature Experimental Testing of 9Cr Steels 

107 
 

3.4.3. Cyclic softening behaviour 

The primary deformation mechanism of concern to power plant operators 

under flexible loading conditions should be the cyclic softening observed in 

the 9Cr steels. Cyclic softening is the cycle-on-cycle reduction in strength of 

the material, resulting in a decrease in material creep strength. From the 

results of Figure 3.10 and Figure 3.12, it is evident that the ES-P91 steel 

studied in this section undergoes considerable cyclic softening, as noted by 

the reduction in overall stress range with increasing cycles.  

Figure 3.15 presents the reduction in maximum tensile stress as a function 

of cycles at temperatures of 400 °C, 500 °C and 600 °C, illustrating the 

evolutionary decay in maximum stress. Figure 3.16 plots the cyclic 

softening stress (the difference between the maximum stress observed 

following the monotonic loading and the maximum tensile stress of the 

current cycle, R = σmax,0 – σmax) against the accumulated effective plastic 

strain (sum of absolute plastic strain accumulated for all cycles, p = 2ΔεplN). 

This result illustrates the level of cyclic softening observed in ES-P91 steel 

and the temperature-dependence on the rate of softening. At a temperature 

of 600 °C, a significantly higher (initial) rate of cyclic softening is observed 

when compared with other temperatures, illustrating the need to accurately 

characterise and understand, the effect of cyclic softening across different 

loading conditions. 
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Figure 3.15: Evolution of maximum tensile stress for ES-P91 tested at a strain-rate 
of 0.1 %/s and applied strain-range of ±0.5 % for temperatures of 400 °C, 500 °C 
and 600 °C. 

 

Figure 3.16: Effect of temperature on measured cyclic softening in ES-P91 steel for 
a strain-rate of 0.1 %/s and applied strain-range of ±0.5 %. 
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Figure 3.17: Variation of cyclic softening stress with various loading conditions in 
ES-P91 steel at temperatures of 400 °C and 600 °C. 
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represented in terms of three specific regions of microstructural 

deformation, as illustrated schematically in Figure 3.18. The first of these 

regions is the primary softening region, in which there is a rapid decrease in 

LAB dislocation density and significant widening of the martensitic laths. 

This stage is followed by fatigue crack initiation, effectively a transition 

region in which recovery is still occurring in conjunction with fatigue crack 

propagation. This is discussed in more detail in Section 3.7. The final stage 

is failure in which the fatigue crack grows rapidly (and in an unstable 

manner), eventually leading to a brittle fracture of the remaining load 

bearing material. Due to the presence of flaws and microstructure 

inhomogeneities, different numbers of cycles to failure (and subsequent 

differences in accumulated effective plastic strain at failure) as illustrated in 

Figure 3.16, are to be expected.    

 

Figure 3.18: Schematic representation of cyclic softening behaviour and dominant 
mechanisms in 9-12Cr steels. 
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of strain-rate (0.1 %/s to 0.025 %/s) for temperatures of 400 °C, 500 °C and 

600 °C. As is evident from these results, no strain-rate effect exists for the 

initial and half-life cycles at 400 °C, whilst a minimal strain-rate effect can 

be observed at 500 °C. However, at 600 °C, a considerable strain-rate effect 

is observed over a relatively small range of strain-rates (less than an order of 

magnitude). Hence, it can be concluded here that viscous effects become 

important at temperatures greater than 500 °C. The introduction of viscous 

effects in this range is also concurrent with the observed drop off in 

performance of P91 steel at temperatures in and around 600 °C.     
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Figure 3.19: Measured stress-strain behaviour for various strain rates at 
temperatures of (a) and (b) 400 °C, (c) and (d) 500 °C and (e) and (f) 600 °C for an 
applied strain-range of ±0.5 % at the initial and half life cycles.  

As power plants move to more flexible operation, it is necessary to 

characterise the performance of candidate materials across a broad range of 
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experiments are conventionally conducted at higher strain-rates (typically in 

the range of 1.0 %/s to 1.0×10-2 %/s [Fournier et al., 2009a; Fournier et al., 

2011; Koo and Kwon, 2011; Koo and Lee, 2007; Saad, 2012; Saad et al., 

2011a; Saad et al,, 2011b]), well above the realistic plant loading conditions 

(strain-rates of 1.0×10-4 %/s [Farragher, 2013; Farragher et al., 2013b] to 

1.0×10-10 %/s [Nabarro, 2002], as illustrated in Figure 3.20). Cyclic 

viscoplastic material models are calibrated and validated at these higher 

experimental strain-rates, before application to realistic loading conditions. 

At lower strain-rates (and low stresses), the mechanism of deformation is 

diffusional creep [Hertzberg, 1996] and hence, fatigue mechanisms of 

deformation are not considered to be dominant. However, in between this 

range, there exists an important range of strain-rates, defined in Figure 3.20 

as ‘intermediate’ strain-rates, for which viscous dependent fatigue loading is 

potentially important. To examine any potential strain-rate effects from the 

higher to intermediate strain-rate regimes, high temperature fatigue tests are 

carried out at a strain-rate of 5.0×10-4 %/s. The results of testing at these 

intermediate strain-rates at 600 °C (where the tests were stopped after 250 

cycles due to the lengthy test times but enough cycles to observe the 

primary cyclic softening stage) are presented in Figure 3.21, with a 

comparison with the higher strain-rate tests also included.   
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Figure 3.20: MSR data obtained from creep tests [Sklenička et al., 2003] and UTS 
data from monotonic testing [Golden et al., 2015] at a given strain-rate for a 
temperature of 600 °C. 

 

Figure 3.21: Comparison of the experimentally measured stress-strain response for 
ex-service P91 steel at strain-rates of 0.033 %/s and 0.0005 %/s for the (a) initial 
and (b) 250th cycles at a temperature of 600 °C and applied strain-range of ±0.3 %. 
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with the data presented in Figure 3.20, where the difference in stress 

between the strain-rates of 0.033 %/s and 5×10-4 %/s is approximately 94 

MPa (obtained by fitting a Norton power law function to the data to enable 

easier interpretation of the experimental data). Hence, it can be concluded 

that the difference in observed constitutive behaviour is solely related to the 

viscous behaviour of the material, illustrating the need to include and 

accurately predict viscous effects in any subsequent material model. The 

effect of temperature on the constitutive behaviour at the intermediate 

strain-rate is presented in Figure 3.22a, with the softening behaviour 

presented in Figure 3.22b. As illustrated in Figure 3.22b, some initial 

hardening is observed at the higher temperatures of 600 °C and 625 °C. It is 

possible that this behaviour is the result of an initial increase in dislocation 

strengthening via dislocation pile-up and entanglement, e.g. analogous to 

primary creep hardening. However, the reason for this behaviour requires 

further investigation via repeat testing to ensure that this result is not a test 

anomaly associated with testing at such low rates. 

 

Figure 3.22: Effect of temperature for ES-P91 steel for an intermediate strain-rate 
of 5×10-4 %/s and applied strain-range of ±0.3 % for (a) the initial cycle stress-
strain response and (b) the observed cyclic softening during the first 250 cycles. 
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modulus is a function of strain-rate, where a high modulus exists for higher 
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strain-rates, reducing considerably as the strain-rate decreases, causing near 

elastic perfectly plasticity behaviour at low strain values. This phenomenon 

is illustrated in Figure 3.21, and is more evident as fatigue cycles 

accumulate. 

3.4.5. Stress relaxation behaviour in 9Cr steels 

Dwell tests are carried out to (i) allow calibration of models for viscous 

effects under high temperature fatigue deformation and (ii) quantify the 

effect of hold (dwell) periods on the fatigue life of the material. The stress 

relaxation behaviour of ES-P91 is determined via strain-controlled fatigue 

testing with a dwell period included at maximum tensile stress, as illustrated 

in Figure 3.9b. For the ES-P91 steel material, the dwell period is 120 s at an 

applied strain of 0.5 %. Dwell tests have been completed at temperatures of 

400 °C, 500 °C and 600 °C. The results of the dwell tests are presented in 

Figure 3.23. As the time increases, viscoplastic strain accumulates and the 

stress reduces, since the total strain is constant and elastic strain relaxes with 

decreasing stress. From Figure 3.23, as the temperature increases, more 

stress relaxation is observed as the viscoplastic strain accumulates at a 

higher rate at 600 °C when compared with the results at 400 °C. These 

results once again highlight potential issues for plant components operating 

at temperatures in excess of 500 °C, where rate effects and viscous 

behaviour become increasingly important. 

 

Figure 3.23: Measured (a) stress relaxation and (b) plastic strain evolution during a 
tensile dwell period at a constant applied strain of 0.5 %. 
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The results of fatigue tests with a dwell period of 120 s are compared with 

HTLCF experiments carried out under the same nominal test conditions 

(±0.5 % strain-range, 0.1 %/s strain-rate) are presented in Figure 3.24. This 

result shows that the dwell period (predominantly) reduces fatigue life, as 

expected due to the increased time at higher applied strain. More 

importantly, this result highlights an increased rate of softening for cycles 

involving dwell periods, further highlighting the importance of cyclic 

deformation and its associated microstructural degradation on the 

performance of 9Cr steels.   

 

Figure 3.24: Comparison of measured maximum stress as a function of cycles for 
HTLCF (solid lines) and 120 s dwell test (points) for ES-P91 steel under a strain-
range of ±0.5 % and strain-rate of 0.1 %/s. 

3.5. Thermo-mechanical fatigue testing 

TMF experiments were undertaken on the test rig at the University of 

Nottingham. The test program includes both in-phase (TMF-IP) and out-of-

phase (TMF-OP) experiments on the ES-P91 steel (parent material), with 

typical waveforms for TMF-IP and TMF-OP tests shown schematically in 

Figure 3.25. The test matrix is presented in Table 3.1 and this program 

includes fully reversed ( 1εR ) and asymmetric ( 1εR ) strain-controlled 

tests in the 400 °C to 600 °C temperature range. The purpose of conducting 

asymmetric tests, where the applied strain is higher in tension and lower in 

compression, is to test under loading conditions more representative of 

modern plant, as illustrated by the work of Farragher [2013]. 
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Figure 3.25: Mechanical strain-temperature loading conditions for (a) in-phase 
(TMF-IP) and (b) out-of-phase (TMF-OP) TMF testing. 

The results of the fully reversed tests are presented first. Figure 3.26 

illustrates the comparison of TMF-IP and TMF-OP test results with 

isothermal fatigue behaviour at temperatures of 400 °C and 600 °C, with the 

stress-mechanical strain TMF loops effectively bounded by isothermal 

fatigue behaviour at temperatures of 400 °C and 600 °C. 

 

Figure 3.26: Comparison of (a) TMF-IP and (b) TMF-OP experiments for the 
initial cycle in the 400 to 600 °C temperature range with the IF tests at 400 and 600 
°C. The strain-rate is 0.025 %/s and mechanical strain-range is ±0.5 %. 
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loading as is evident by a widening of the stress-strain loop during tensile 

loading. In contrast, for compressive loading, where the minimum strain 

coincides with minimum temperature, the material is subjected to more 

moderate loading conditions and the material begins to recover some of its 

strength. This recovery of strength is observed in terms of a continued 

hardening of the material during the compressive loading (the material 

stress-strain response moves towards a specific maximum compressive 

stress before elastic unloading), with narrowing of the loop in compression.   

However, for TMF-OP loading, e.g. see Figure 3.28, the maximum strain 

occurs when the temperature is a minimum, and vice versa. The thermal 

component of loading is less severe in tension for the same mechanical 

strain and as a result, the maximum tensile stress is increased. Thus, when 

compared with TMF-IP, the loops are narrower in tension and wider in 

compression, highlighting the contributions of thermal and mechanical 

strains.  

 

Figure 3.27: Experimentally observed mechanical strain-range effect for (a) the 
initial and (b) 100th cycles for a strain-rate of 0.033 %/s and TMF-IP loading in the 
400 to 600 °C temperature range. 
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Figure 3.28: Experimentally observed mechanical strain-range effect for (a) the 
initial and (b) 100th cycles for a strain-rate of 0.033 %/s and TMF-OP loading in 
the 400 to 600 °C temperature range. 

Figure 3.27 and Figure 3.28 also present the effect of applied strain-range 

on the constitutive behaviour, with cyclic softening evident for all test 

conditions. The cyclic softening under TMF-IP and TMF-OP are compared 

in Figure 3.29, with similar softening behaviour to that of isothermal fatigue 

(IF) testing conditions. Due to a higher maximum tensile stress under TMF-

OP, coupled with an increased  average loading condition throughout a full 

cycle, and hence, increased plastic strain, TMF-OP loading conditions result 

in a much lower fatigue life when compared with TMF-IP data, as discussed 

in Section 3.7. 
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Figure 3.29: Measured maximum and minimum stresses in ex-service P91 steel for 
TMF-IP and TMF-OP loading under an applied strain-rate of 0.025 %/s and strain-
range of ±0.5 % in the 400 to 600 °C temperature range. 
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ranges. These results indicate that there is not a significant effect of 
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of maximum applied stress on the fatigue life of 9Cr steels under TMF. 
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Figure 3.30: TMF-IP behaviour of ES-P91 under an asymmetric applied strain of -
0.2 % and +0.5 % for the (a) initial and (b) 100th cycle in the 400 to 600 °C 
temperature range. 

 

Figure 3.31: TMF-OP behaviour of ES-P91 under an asymmetric applied strain of -
0.1 % and +0.4 % for the (a) initial and (b) 100th cycle in the 400 to 600 °C 
temperature range. 
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Figure 3.32: Evolution of maximum tensile and compressive stresses for symmetric 
(Symm) and asymmetric (Asymm) of ES-P91 steel for (a) TMF-IP and (b) TMF-
OP tests at a strain-rate of 0.033 %/s in the 400 to 600 °C temperature range. The 
asymmetric tests have an applied strain of +0.5 %, -0.2 %.  

In the results of Figure 3.30 and Figure 3.31, a small strain-rate effect is 

observed at the higher temperature end of the test, consistent with the strain-

rate effect observed for the IF constitutive behaviour in Figure 3.19. The 

stress-mechanical strain response under symmetric loading for two different 

strain-rates (0.033 %/s and 0.025 %/s) is presented in Figure 3.33. A subtle 

strain-rate effect is observed for the TMF-OP case, with an inverse strain-

rate effect observed, inconsistent with IF previous results, for the TMF-IP 

case. Thus, a small and inconclusive strain-rate effect is observed in relation 

to constitutive behaviour in ES-P91 steel, for the narrow range of strain-

rates investigated here. However, for safe plant operation under higher 

temperatures and flexible loading, there exists a requirement to (i) 

characterise and predict the strain-rate effect in 9Cr steels under thermo-

mechanical loading and (ii) carry out further TMF testing of 9Cr steels at 

lower, more representative strain-rates. 
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Figure 3.33: Experimental strain-rate effects for (a) TMF-IP and (b) TMF-OP 
loading under an applied mechanical strain-range of ±0.5 % and a temperature 
range of 400 to 600 °C. 

3.6. High temperature fatigue testing of MarBN 

The high temperature fatigue test program of MarBN is summarised in 

Table 3.2 and incorporates HTLCF testing across multiple strain-ranges and 

strain-rates. For this first phase of LCF testing on MarBN, all tests were 

conducted at 600 °C, using specimens obtained predominantly from the 

secondary grade material.  

Similar to ES-P91, the MarBN material exhibited considerable cyclic 

softening for all test conditions, as illustrated in Figure 3.34 and Figure 

3.35. Figure 3.35 also illustrates the measured effect of strain-range on the 

constitutive response of MarBN, with non-Masing behaviour also observed. 

The effect of strain-rate on the monotonic constitutive behaviour is 

presented in Figure 3.36, where a considerable strain-rate effect is observed 

across three orders of magnitude.  
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Figure 3.34: Cyclic stress-strain behaviour of MarBN for a strain-rate of 0.01 %/s 
and applied strain-range of ±0.4 %. 

 

Figure 3.35: Measured stress-strain response of MarBN for the (a) initial cycle and 
(b) half-life at an applied strain-rate of 0.01 %/s at 600 °C. 
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Figure 3.36: Measured tensile stress-strain behaviour of cast MarBN steel across 
various strain-rates at 600 °C. 

Stress relaxation testing of MarBN is also conducted. However, to ensure 

more representative power plant loading conditions are tested, the dwell 

period is increased from 120 s (for ES-P91 steel testing) to a 1 hr dwell 

period. This increased dwell period will (i) allow more accurate 

representation of the relaxation behaviour as a function of time and (ii) 

quantify the effect of more realistic dwell periods on the fatigue life. Figure 

3.37 illustrates the measured stress time response for MarBN with a 1 hr 

tensile dwell period at 0.5 % strain. 

 

Figure 3.37: Measured stress relaxation data for a 1 hr tensile dwell at 0.5 % strain 
in cast MarBN at 600 °C. 
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3.7. High temperature fatigue life of 9Cr steels 

This section analyses the high temperature fatigue life results of 9Cr steels. 

Comparisons are made between different 9Cr steels to assess (i) the effect of 

service history, (ii) chemical composition and (iii) material heat treatment. 

This section also includes microstructural analysis carried out on 9Cr steels 

as part of the SFI METCAM project.  

3.7.1. Failure of 9Cr steels under high temperature fatigue 

Due to the sensitive nature of the high temperature extensometer and owing 

to the large amount of energy dissipated during failure, the HTLCF and 

TMF test specimens were not fractured during the experiments. Instead, a 

20 % drop in load relative to the load at 150 cycles is set as the criterion for 

failure. It is assumed here that the number of fatigue cycles occurring 

following this point is quite small as the fatigue cracks in the test specimens 

have sufficiently reduced the load bearing capability of the specimen. A 

typical dominant fatigue crack, following the 20 % load drop failure 

criterion, in a non-fractured specimen is presented in Figure 3.38. Fatigue 

testing of 9Cr steels also leads to significant secondary fatigue cracking, as 

illustrated in Figure 3.39. In all tests carried out on ES-P91, fatigue cracking 

from the specimen surface was observed to be the dominant mode of failure. 

In cast MarBN, fatigue striations were observed along the internal fracture 

surface in tested specimens [O’Hara et al., 2015] alongside cracking from 

the specimen surface. It is suggested here that some of these striations 

originated at flaws such as inclusions within the material, leading to internal 

fatigue cracking and rapid failure. The effect of such inclusions is discussed 

in more detail below. 
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Figure 3.38: Image of failed ES-P91 steel specimen and optical micrograph (inset) 
of dominant fatigue crack. 

 

Figure 3.39: SEM images of secondary fatigue cracks in 9Cr steels. 

The number of reversals to failure for ES-P91 steel is presented in Figure 

3.40 for the various applied strain-ranges, with a comparison to results of an 

'as-received' P91 steel (AR-P91) from the literature [Saad, 2013]. As is 

evident from this result, the ES-P91 steel has a marginally improved fatigue 

life, with lower fatigue life observed for higher temperatures. This 

difference is attributed to variations in chemical composition and heat 

treatment, as discussed in more detail in Section 3.7.4. 
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Figure 3.40: Number of reversals to failure as a function of applied strain-range in 
ES-P91 steel for different temperatures. A comparison with AR-P91 from the 
literature [Saad, 2013] is also included. 

Figure 3.41 plots the HTLCF test data in terms of plastic strain-range, 

Δεpl/2, for identification of the Coffin-Manson (C-M) material parameters. 

The data points of Figure 3.41 for different temperatures effectively collapse 

onto a single line when Δεpl/2 is used. The C-M relationship [Coffin, 1954; 

Manson, 1954] is defined as: 
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where Nf is the number of cycles to failure, εf' is the fatigue ductility 

coefficient and c is the fatigue ductility exponent. The identified C-M 

material parameters for ES-P91 steel and cast MarBN at an applied strain-

rate of 0.033 %/s are presented in Table 3.4. The HTLCF life data for 

MarBN is presented in Figure 3.42. Figure 3.42 also highlights the effect of 

strain-rate on fatigue life via comparison of (i) total strain-range and (ii) 

plastic strain-range as a function of cycles for MarBN at 600 °C. 
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Figure 3.41: Coffin-Manson representation of the IF test data for ES-P91 steel, 
including a comparison with an 'as-received' P91 steel (AR-P91) from the literature 
[Saad, 2013]. 

Table 3.4: Identified Coffin-Manson constants for ES-P91 steel and cast MarBN at 
an applied strain-rate of 0.033 %/s. 

 400 °C 500 °C 600 °C 
Material εf' C εf' c εf' c 
ES-P91 0.4036 -0.5714 0.2857 -0.6003 8.6131 -0.9861 

Cast MarBN - - - - 5.4602 -0.934 
 

 

Figure 3.42: MarBN number of reversals to failure, 2Nf, as a function of (a) total 
applied strain range and (b) plastic strain-range for various strain-rates at 600 °C.  
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The effect of thermo-mechanical loading on the fatigue performance of ES-

P91 steel is illustrated in Figure 3.43, including a comparison with the 

isothermal fatigue (IF) data. As can be seen, the effects of thermal cycling 

lead to a significant reduction in fatigue life. The most severe case relates to 

that of TMF-OP loading. As the mechanical strain and temperature are out-

of-phase, the material is subjected to a maximum tensile stress at minimum 

temperature and minimum strain a maximum temperature. This is 

essentially due to the material reaching a higher maximum stress at the 

lower temperature (under strain control) and giving a harder response (since 

maximum tensile stress is a key parameter for crack initiation). This result 

illustrates the requirement to (i) characterise the TMF-OP behaviour of 

candidate materials and (ii) develop a material model to successfully predict 

the effects of thermal cycling and subsequent effects on the structural 

integrity of plant components via finite element methods.   

 

Figure 3.43: Comparison of the number of reversals to failure as a function of 
plastic strain-range at the half-life for IF, TMF-IP and TMF-OP test data. 

3.7.2. Microstructural analysis 

The microstructure of ES-P91 steel is presented in Figure 3.44, illustrating 

the high angle grain boundary structures of prior austenite grains (PAGs), 

packets and blocks, with identified dimensions of approximately 30 μm, 10 
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μm and 4 μm respectively. These values are consistent with previous 

observations in the literature [Das et al., 2013b; Sauzay et al., 2005; Sauzay 

et al., 2008]. Figure 3.45 is an electron backscatter diffraction (EBSD) 

image of the microstructure of ES-P91 steel. From this result, a mean 

martensitic lath width of approximately 0.5 μm is estimated via 

consideration of the measured distance between angles of misorientation 

along a line of interest. Angles of misorientation of approximately 45° 

correspond to PAG boundaries, while angles of approximately 60° are 

representative of a block structure. Angles of misorientation less than 5° are 

indicative of martensitic laths.  

 

Figure 3.44: SEM image of the microstructure of tested ES-P91 steel. The red 
arrows point to prior austenite grains, the green arrows point to packets and the 
blue arrows represent block structures. 
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Figure 3.45: EBSD scan of ES-P91 steel microstructure for (a) Euler angle plot 
highlighting block structures and (b) angles of misorientation generated along a 
line of interest. Image courtesy of Brian Golden, University of Limerick (SFI 
METCAM project). 

Figure 3.46 is an optical micrograph of the cast MarBN microstructure, 

highlighting (i) PAGs, (ii) block structures and (iii) flaws such as casting 

defects and inclusions. From this image, and the comparison of the SEM 

images in Figure 3.47, it is clear that the cast MarBN has a significantly 

coarser microstructure than ES-P91 steel. Due to the manufacture process 

and heat treatment (higher temperatures and longer times) for cast MarBN, 

this result is expected when comparing a rolled (ES-P91 steel) and a cast 

material (MarBN). The clear hierarchical microstructure observed in the 

rolled ES-P91 steel is also replaced by a more complex cast microstructure, 

which is also a hierarchical martensitic structure, but inclusive of columnar 

grains and the formation of a dendritic structure at some locations. Using a 

similar EBSD approach as used above (described in more detail elsewhere 

[Golden, 2015]), the mean martensitic width of cast MarBN is estimated to 

be 0.63 μm.  
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Figure 3.46: Optical micrograph of cast MarBN tested at a strain-rate of 0.033 %/s 
and applied strain-range of ±0.5 %. The red line delineates a prior austenite grain 
boundary, the blue arrows point to block structures and the white arrows point to 
casting defects. 

 

Figure 3.47: SEM comparison of tested (a) ES-P91 steel and (b) cast MarBN steel 
at 600 °C. 

Figure 3.46 also highlights the existence of microstructural flaws such as 

casting defects, and inclusions (pockets of the melt material which solidify 

more rapidly than their surrounding regions and maintain this structure 

following heat treatment) in the cast microstructure. Typical images of the 

primary casting defects and inclusions observed during the SEM study are 

presented in Figure 3.48, defects which are quite common for cast materials.  
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Figure 3.48: SEM images of microstructural defects in cast MarBN including (a) 
and (b) casting defects and (c) and (d) inclusions following testing at a strain-rate 
of 0.1 %/s and applied strain-range of ±0.5 % at a temperature of 600 °C. 

3.7.3. Fatigue scatter 

The presence of flaws, such as voids, inclusions, casting defects and 

precipitates for example, can have a significant effect on crack initiation, 

crack propagation and ultimately, failure. Thus, for fatigue testing, scatter in 

the number of reversals to failure can be significant, illustrating the need to 

carry out multiple repeat tests.  

Repeat tests have been carried out on ES-P91, with the results illustrated in 

Figure 3.49, comparing the constitutive behaviour for the initial cycle and 

the evolution of the maximum stress as a function of cycles. For HTLCF, 

fatigue lives within a factor of 2 would not be unexpected. This is due to 

microstructural differences between specimens and the role of impurities 

and defects (such as precipitates and inclusions) on fatigue crack initiation 

and growth in metals. From the result of Figure 3.49, the constitutive 

behaviour and cyclic softening produce almost identical results and it can be 

concluded that all test results lie within a fatigue scatter band of less than 2.  

(a) (b)
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Figure 3.49: Measured stress-strain response for ES-P91 steel repeat tests at 600 
°C, strain-rate of 0.033 %/s and an applied strain-range of (a) ±0.4 %, and (b) ±0.5 
%. 

The test results presented to date for the cast MarBN material have been 

carried out on the secondary grade material from the cast plates, as denoted 

in Figure 3.2. Figure 3.50 compares the material behaviour for repeat 

testing, using primary grade material in this case, at a strain-rate of 0.01 %/s 

and an applied strain-range of ±0.5 %. As is evident from Figure 3.50a, the 

constitutive behaviour is similar for primary and secondary grade material. 

However, as illustrated in Figure 3.50b, a significant difference in fatigue 

life is observed (685 cycles, primary, versus 385 cycles, secondary). 

Following completion of the high temperature fatigue test program of 

MarBN at 600 °C, a study into the area fraction of voids and flaws in the 

cast MarBN material was conducted [O’Hara et al., 2015]. The results of 

this study determined that quite small void area fractions of 0.43 % and 0.53 

% are present for the primary and secondary grade material, respectively. 

Furthermore, no fatigue cracks were observed emanating from any of the 

cast flaws (casting defects or inclusions) during the SEM analysis (e.g. see 

Figure 3.48). Although this result lies within the upper and lower scatter 

bounds with respect to fatigue scatter, due to the existence of flaws in the 

cast material, it is concluded here that further testing and microstructural 

analysis is required to investigate whether or not casting defects may 

accelerate fatigue crack growth in the secondary grade material. 
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Figure 3.50: Comparison of primary and secondary grade cast MarBN materials 
tested at a strain-rate of 0.1 %/s and applied strain-range of 0.5 % for (a) 
constitutive behaviour, (b) and (b) cyclic evolution. 

3.7.4. High temperature fatigue comparison of 9Cr steels 

In this section, comparisons of the stress-strain behaviour of various 9Cr 

steels under high temperature fatigue are presented to investigate the effect 

of (i) chemical composition, (ii) heat treatment and (iii) fabrication process 

(rolled versus cast material) on the constitutive stress-strain response of the 

material under cyclic deformation. Comparisons are made with 

experimental data from the literature. The respective chemical compositions 

of the various materials are contained in Table 3.3 and Table 3.5, with the 

respective heat treatments presented in Table 3.6.  

Table 3.5: Chemical composition of 9Cr steels in wt.%. The CST-P91 data is from 
Mroziński et al. [2014] and AR-P91 and AR-P92 from Saad [2012]. The balance is 
made up of Fe. 

 

Table 3.6: Heat treatment of 9Cr steels in wt.%. The CST-P91 data is from 
Mroziński and Golański [2013] and AR-P91 and AR-P92 from Saad [2012]. 

 

Figure 3.51 compares the initial cycle stress-strain response of ES-P91 steel, 

AR-P91 steel and ‘as received’ P92 (AR-P92) steel data at 600 °C. It is 
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 Al B C Cr Mn Mo N Nb P S Si V W 
CST-P91 - - 0.12 8.22 0.47 0.90 0.040 0.070 0.014 0.004 0.31 0.12 - 
AR-P91 0.007 - 0.12 8.60 - 1.02 0.060 0.070 0.017 <0.002 0.34 0.24 0.03 
AR-P92 0.019 0.0034 0.10 8.62 - 0.33 0.047 0.076 0.015 0.002 0.45 0.21 1.86 

 Normalisation Tempering 
 Temperature Time Temperature Time 

CST-P91 1040 °C 12.0 hr 760 °C 8.0 hr 
AR-P91 1060 °C 0.75 hr 760 °C 2.0 hr 
AR-P92 1070 °C 0.75 hr 780 °C 1.8 hr 
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evident that ES-P91 steel is the strongest. Similarly, Figure 3.52 shows that 

MarBN is stronger than ES-P91 and P92 steels, and also has an increased 

Young’s modulus.  

 

Figure 3.51: Comparison of the stress-strain response of ES-P91 steel with (a) ‘as 
received’ P91 steel [Saad et al., 2011a] and (b) P92 steel [Saad et al., 2013] at a 
temperature of 600 °C, strain-rate of 0.1 %/s and applied strain-range of 0.5 %. 

 

Figure 3.52: Comparison of cast MarBN with (a) ES-P91 steels and (b) P92 steel 
[Saad et al., 2013], for a strain-rate of 0.1 %/s and applied strain-range of ±0.5 % 
at 600 °C. 

Figure 3.53 shows a comparison of the HTLCF strain-rate life data from 

different cast and rolled P91 materials. Figure 3.53a compares the number 

of reversals to failure obtained at temperatures of 400 °C and 500 °C for 
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rolled ES-P91 steel and CST-P91 steel [Mroziński and Golański., 2013]. 

Although the ES-P91 steel is at a lower strain-rate of 0.033 %/s (compared 

to 0.1 %/s for CST-P91), the fatigue life of ES-P91 exceeds that of CST-P91 

for all cases and temperatures (in a similar manner to 600 °C). This result 

highlights the reduced fatigue performance associated with cast materials 

compared with rolled materials. 

 

Figure 3.53: Comparison of LCF strain-life response for different P91 steels at (a) 
400 °C and 500 °C, and (b) 600 °C. 

At high temperature, the fatigue life of rolled P91 (AR-P91, data from [Saad 

et al., 2012]) and CST-P91 at 600 °C are quite similar, as illustrated in 

Figure 3.53b. The data for AR-P91 and CST-P91 steels are obtained at a 

strain-rate of 0.1 %/s and applied strain-range of ±0.5 %, the same 

conditions as the ES-P91 SR-1 case. From Figure 3.53, it is evident that the 

fatigue performance of the rolled ES-P91 steel exceeds that of the CST-P91 

steel. The result of Figure 3.53a also incorporates a strain-rate effect, with 

the ES-P91 data collated at a lower strain-rate of 0.033 %/s. Thus, it can be 

concluded that this result illustrates little effect of the 35,168 hrs service life 

under subcritical loading on the fatigue life of ES-P91. However, it must be 

noted that slight chemical composition differences between rolled and cast 

P91 steel do exist, as well as a different heat treatment, highlighting the 

requirement for a much more in-depth study on the effect of heat treatment 

on the fatigue performance of 9Cr steels.  
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Table 3.7 shows the effect of casting on the mechanical properties of 9Cr 

steels. The ultimate tensile strength (UTS) for rolled ES-P91 steel at both 20 

°C and 600 °C is significantly higher (approximately 20 %) than cast P91. 

Table 3.7: Young’s modulus (E) and ultimate tensile strength (UTS) in ES-P91 and 
CST-P91 steel. 

 20 °C 600 °C 
 

E (GPa) 
UTS 

(MPa) 
E (GPa) 

UTS 
(MPa) 

ES-P91 [Golden et al., 2015] 206 683 144 417 
CST-P91 [Mroziński et al., 2014] 207 432 150 338 

 

A comparison of the cyclic evolution of maximum stress observed at 600 °C 

in 9Cr steels is presented in Figure 3.54a (strain-range ±0.5 %, strain-rate 

0.1 %/s). As is evident from this result, cast MarBN has an increased rate of 

cyclic softening compared to the P91 steels, as presented in Figure 3.54b. It 

is concluded here that this increased rate of softening is as a result of the 

coarser initial martensitic lath structure in the cast MarBN material (with the 

AR-P91 steel having the lowest rate of softening and the smallest initial 

martensitic lath width). Figure 3.54 also illustrates a slightly increased 

fatigue life for cast MarBN when compared with the AR-P91 steel under the 

same loading conditions. However, the cast MarBN has a significantly 

higher yield strength (~25 %) than P91 steels, as illustrated in Figure 3.55. 

This is primarily attributed here to the inclusion of 3 wt.% W in MarBN, 

providing enhanced solid-solution strengthening.  

 

Figure 3.54: Comparison of the cyclic evolution of 9Cr steels for (a) maximum 
tensile stress versus cycles and (b) cyclic softening as a function of accumulated 
effective plastic strain. The AR-P91 data is obtained from the literature [Saad, 
2012]. 
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Figure 3.55: Comparison of monotonic stress-strain behaviour for (a) AR-P91 
[Saad, 2012] and ES-P91 and (b) ES-P91 and cast MarBN. 

Figure 3.56 illustrates a comparison of the number of reversals to failure for 

various 9Cr steels at 600 °C. The ES-P91 steel and cast MarBN results are 

obtained at an applied strain-rate of 0.033 %/s in comparison with a higher 

applied strain-rate of 0.1 %/s for the AR-P91 and AR-P92 materials of Saad 

[2012]. The rolled ES-P91 steel illustrates superior fatigue performance 

when compared with ‘as-received’ P91 and P92 steels and also, the MarBN 

material. However, the MarBN material, a cast product designed for high 

creep strength, demonstrates a fatigue life performance at least equivalent to 

AR-P91 steel, when tested at a lower strain-rate. As these test results were 

obtained using the secondary grade MarBN material, Figure 3.56 coupled 

with the superior creep performance discussed by Abe et al. [2008], 

illustrate the potential of MarBN to deliver excellent high temperature 

creep-fatigue performance in realistic plant components. 
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Figure 3.56: Comparison of the number of reversals to failure as a function of 
applied strain range for 9Cr steels at 600 °C. The AR-P91 and AR-P92 data are 'as-
received' P91 and P92 steel data from [Saad, 2012]. 

3.8. Discussion 

3.8.1. HTLCF and TMF test results 

The results of the HTLCF test program show a considerable strain-rate 

effect at temperatures above 500 °C and a negligible effect at 500 °C and 

below, as illustrated in Figure 3.21. A strain-range effect, including non-

Masing behaviour, is also observed across the ±0.3 % to ±0.5 % applied 

strain-ranges, as illustrated in Figure 3.14. From Figure 3.10, temperature is 

also found to have a significant effect on the isothermal stress-strain 

response, with considerable variations in Young’s modulus (206 GPa at 20 

°C reducing to 124 GPa at 625 °C). This large drop in Young’s modulus 

(and related drop in shear modulus, μ) has a substantial effect on (i) the 

material yield strength and (ii) the strengthening obtained from mechanisms 

such as precipitates (Orowan stress, λμbτOr  ) and immobile dislocations 

(Taylor hardening, ρμbατ ρ 1 , where α1 is a material constant and ρ is 

dislocation density) in the material microstructure. As highlighted in the 

results of Figure 3.21 and Figure 3.36, in particular, the strain-rate effect is 
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also a key variable for which each material must be characterised. For ES-

P91 and MarBN, there is a clear shift in the level of strengthening 

associated with varying the strain-rate at a temperature of 600 °C due to the 

effect of a viscous stress, but is not present in P91 at temperatures of 500 °C 

and below, where viscous effects are no longer considered to be as 

important. Furthermore, as the tests typically conducted under laboratory 

conditions are carried out at higher strain-rates compared with typical plant 

loading conditions, a clear understanding and complete characterisation of 

the strain-rate behaviour of the material is required if such tests are to be 

applied during design of realistic plant components.  

The TMF test program highlights the clear requirement for (i) the 

completion of such a test program to illustrate the substantial effect of 

thermal cycling on the fatigue performance of 9Cr steels and (ii) the 

development of a material model which can accurately predict such effects. 

The constitutive behaviour during TMF-IP and TMF-OP largely follows 

that of the isothermal fatigue loading condition, as presented in Figure 3.26. 

However, there exists a considerable reduction in fatigue life, as illustrated 

in Figure 3.43, particular for the TMF-OP loading condition. For TMF-IP 

loading, the reduction in fatigue life can be explained by the existence of an 

additional thermal strain at maximum tensile or compressive loading. For 

TMF-OP loading, the culmination of (i) a higher maximum tensile stress 

and (ii) the additional thermal strain results in the material being subjected 

to higher loading and more plastic deformation. 

3.8.2. Effect of chemical composition  

Figure 3.51a compares the constitutive behaviour of ES-P91 and AR-P91 

steels. Both sets of tests were conducted on the same test rig at the 

University of Nottingham. The ES-P91 steel was in operation for 35,168 hrs 

under subcritical loading conditions in Lough Ree power station, Ireland (at 

temperatures of less than 520 °C), with 65 start-up (and shut-down) cycles, 

prior to commencement of the HTLCF and TMF test programs. Thus, it is 

assumed that due to the number of start-up and shut-down cycles, the 
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material may have softened over the duration of its service, resulting in an 

expected reduction of (i) strength and (ii) fatigue life. These cycles could 

also have resulted in some microstructural degradation, leading to 

martensitic lath widening, for example. However, as is evident from Figure 

3.51 and Figure 3.53b, the ES-P91 steel appears to have increased strength 

and fatigue properties when compared to AR-P91 steel. Although the 

differences in fatigue life could just be fatigue scatter, as discussed in 

Section 3.7.3, variations in chemical composition and heat treatment could 

also play a pivotal role in the variation of strength and fatigue performance.  

From Table 3.3, the two P91 steels compared in this chapter have very 

similar chemical compositions. The primary difference in chemical 

composition relates to the presence of 0.42 wt.% Mn in the ES-P91 steel. As 

Mn is known to provide a small solute strengthening mechanism [Dawson, 

2012] and contribute to carbide strengthening in the form of Mn23C6 

precipitates dispersed along boundaries [Silwal et al., 2013], the inclusion of 

manganese could contribute to the observed difference in material strength. 

The other primary difference between the ES-P91 and AR-P91 steels relates 

to the presence of 0.19 wt.% Ni in the ES-P91 steel, with it widely accepted 

that nickel improves material ductility [Roland et al., 2006]. The slight 

increases in C, Cr, Mo, N and V in the AR-P91 steel would only suggest 

increases in material strength via increased precipitate and solute 

strengthening mechanisms; however, the presence of additional precipitates 

could act as sites for fatigue crack initiation due to the presence of stress 

concentrations around such obstacles. Hence, it is assumed here that these 

small variations may not have a large effect on constitutive behaviour but 

may play a pivotal role in fatigue crack initiation.  

The other notable difference between ES-P91 and AR-P91 steels relates to 

the material heat treatment. The temperatures at which normalisation and 

tempering were carried out are quite similar (1050 °C and 765 °C 

respectively for ES-P91 and 1060 °C and 760 °C for AR-P91 steel). 

However, there are variations in the heat treatment times. The increased 

normalisation time for AR-P91 (0.5 hrs and 1 hrs for ES-P91 compared with 

0.75 hrs and 2 hrs for AR-P91 steel) suggests that AR-P91 has (i) an 
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increased prior austenite grain size, (ii) slightly coarsened M23C6 and MX 

precipitates via the Ostwald ripening process, (iii) decreased dislocation 

density and (iv) increased initial martensitic lath width [Ennis and Czyrska-

Filemonowicz, 2002], compared to the ES-P91 steel. It is argued here that 

the net result of the different heat treatment for AR-P91 steel is (i) decreased 

strength and (ii) enhanced microstructural degradation, which can contribute 

to premature failure. 

3.8.3. Potential of MarBN for next generation power plant 

From Figure 3.52, a significant difference in constitutive behaviour is 

evident when comparing MarBN with ES-P91 steel and P92 steel, with 

MarBN also illustrating a slightly decreased LCF life compared to ES-P91 

steel and P92 steel data (see Figure 3.56). The reduced LCF life when 

comparing ES-P91 steel and cast MarBN can, at least partially, be explained 

by the necessity to load the specimens to a higher stress to achieve a given 

strain and coupled with the cast nature of the MarBN material. 

However, this first phase of HTLCF tests on cast MarBN material 

demonstrates a clear increase in cyclic stress range when compared to P91 

steel. This increased stress-range can be attributed to (i) the inclusion of 3 

wt.% tungsten in MarBN, and (ii) boron enrichment of grain boundaries. 

The inclusion of tungsten leads to an enhanced solute strengthening 

mechanism and also contributes to M23C6 carbide strengthening (W23C6 

carbides). Maruyama et al. [2001] have found that tungsten also retards the 

growth of M23C6 precipitates, resulting in a finer distribution of precipitates 

along boundaries. This gives an increased precipitate strengthening 

mechanism, i.e. increased Orowan back-stress due to decreased M23C6 

precipitate spacing. The increase in material strength, and increased yield 

strength compared to P91 observed during the initial cycle in cast MarBN, is 

quite similar to that of P92 (with 1.8 wt.% W) when compared with P91 

(without W), and hence, it is concluded that the increase in yield strength is 

primarily due to the inclusion of tungsten when compared with P91 steel.  



3.   High Temperature Experimental Testing of 9Cr Steels 

146 
 

The introduction of boron also helps improve the precipitate strengthening 

of M23C6 carbides along boundaries. Boron-enriched boundaries result in 

more thermally stable M23(CB)6 carbides and hence, less carbide coarsening 

via the Ostwald ripening process during (i) tempering and (ii) long-term 

creep deformation. Although beneficial for creep loading, under pure fatigue 

loading conditions at high temperature, the inclusion of additional boron has 

little effect as precipitate coarsening is not of concern once the heat 

treatment process is complete.  

From the work of Abe and co-workers [2008], it should also be noted that 

increasing the nitrogen content can significantly improve the creep strength 

of MarBN, with a maximum bound of approximately 95 ppm due to the 

formation of BN precipitates. Normalising at higher temperatures, as done 

in the current work, reduces the risk of BN precipitates forming [Li et al., 

2013a], enabling an increased range of nitrogen to be included in the 

chemical composition. Hence, it is anticipated here that the cast MarBN has 

increased strengthening owing to the presence of an increased dispersion of 

fine MX particles compared to other MarBN materials in the literature [Abe 

et al., 2008]. Boron and nitrogen can also contribute to solid solution 

strengthening within the matrix if BN precipitates do not form [Abe et al., 

2008]. However, the nitrogen content of the cast MarBN tested here does 

not equate to that of the P91 steels tested, and hence, should have less VN 

nitride strengthening. Furthermore, there is an inherent loss of grain 

boundary strengthening as the PAG structure is significantly coarser due to 

the higher normalising temperatures (as illustrated in Figure 3.46) and there 

is a reduction in Mo solid solution strengthening as the molybdenum content 

is significantly reduced. This further highlights the benefits of including (i) 

3 wt.% tungsten and (ii) boron enrichment of the grain boundaries in terms 

of the increased strengthening gained and observed improved creep 

performance in cast MarBN.  
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3.8.4. Cyclic softening behaviour 

From Figure 3.17, it can be concluded that cyclic softening is both a 

function of temperature and the accumulated effective plastic strain-rate. As 

discussed by Sauzay et al. [2005; 2008], a loss of the martensitic lath 

substructure via a decrease of LAB dislocations is the primary mechanism 

responsible for cyclic softening, resulting in a loss of the overall density of 

dislocations. Thus, it is assumed here that the consumption of mobile 

dislocations, which are effectively the carriers of plastic deformation, is 

responsible for the reduction in strength owing to cyclic softening. 

Furthermore, an increased rate of cyclic softening is observed in the cast 

MarBN when compared with the ES-P91 steel, with AR-P91 steel 

demonstrating the lowest rate of softening (see Figure 3.54). It is suggested 

here that the increased rate of softening observed in MarBN is primarily due 

to the initial lath microstructure, i.e. MarBN has a measured initial lath 

width of 0.63 μm compared to 0.383 μm for AR-P91 [Hyde et al., 2012]. 

The coarse lath structure in cast MarBN, coupled with a much coarser high 

angle grain boundary structure (i.e. coarsened prior austenite grains, packets 

and blocks, due to (i) the harsh heat treatment and (ii) cast nature of the 

MarBN material) will have fewer boundaries to impede the motion of 

plastic deformation and hence, result in an increased rate of cyclic softening. 

For flexible operation of plant, this cyclic softening will result in a 

significant reduction in creep strength. As little temperature-dependent 

martensitic lath growth occurs at temperatures of 600 °C or less [Panait et 

al., 2010b], the temperature-dependence of cyclic softening stress observed 

in Figure 3.17 is attributed here predominantly to the temperature-dependent 

yield stress and more fundamentally, the temperature-dependence of 

stiffness, as discussed in Section 3.4.1 above. 

3.8.5. Failure of 9Cr steels 

As expected, failure is a function of temperature, strain-rate and applied 

strain-range. The fatigue life of the specimen is decreased for increasing 

temperature and strain-range and decreasing strain-rate. Test specimen 
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failure is also a function of the initial material microstructure. As is typical 

with cast structures, the resulting microstructure following manufacture for 

the cast MarBN is much coarser than a rolled equivalent. Thus, the reduced 

life when compared to the rolled ES-P91 steel observed in Figure 3.56, for 

example, is expected. This is similar to the work of Williams and Fatemi 

[2007], who concluded that cast iron used for crankshafts under high 

temperature fatigue has a fatigue life reduction by up to a factor of six when 

compared to a forged steel equivalent and further highlighted in Figure 3.53 

for cast versus rolled P91 steel. Hence, there exists a need to characterise the 

fatigue performance of an equivalent rolled MarBN material, as a material 

with a finer distribution of M23C6 precipitates along boundaries (due to 

boron enrichment of boundaries) coupled with further refinements in initial 

martensitic lath width, has the potential for enhanced performance under 

creep-fatigue loading, along with clear benefits to mitigate Type IV 

cracking as discussed in detail by Abe et al. [2007b; 2010] and Tabuchi et 

al. [2004]. 

Although all of the test results presented lie within the bounds of expected 

fatigue scatter, the variations in chemical composition and heat treatments 

cannot be neglected when considering failure in 9Cr steels. For example, 

reduced fatigue performance would be expected for materials with coarser 

grain structures. This larger grain size is desirable for improved creep 

resistance with a reduction in potential creep void initiation and nucleation 

sites. However, the loss of a fine microstructure promotes fatigue crack 

propagation as there are less boundary regions to arrest fatigue crack 

growth. It is thought that this coarser microstructure in the cast MarBN 

could contribute to the reduction in fatigue life observed when compared 

with ES-P91 steel. The presence of inclusions and casting defects in cast 

MarBN, as illustrated in Figure 3.48, can also have an effect on failure in 

the cast material. With fatigue striations observed at inclusions in cast 

MarBN [O’Hara et al., 2015], it is concluded here that such defects 

potentially have an effect on the fatigue life.  

The changes in processing conditions (compared to other 9Cr steels) on the 

creep-fatigue performance of MarBN must also be investigated. During the 
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manufacture of MarBN components, careful heat treatment processes [Li et 

al., 2013a] and controlled levels of nitrogen [Abe, 2008; Sakuraya et al., 

2006] are required to prevent the production of unstable BN precipitates 

when introducing boron to 9Cr steels. This process results in significant 

improvements in the creep strength of the material [Abe et al., 2008]. 

However, further work needs to be done to quantify the effect of (i) 

significantly modified heat treatments and (ii) reduced nitrogen content on 

the fatigue and creep-fatigue performance of such materials. It is anticipated 

that this initial study of the high temperature fatigue performance of MarBN 

provides the first step in determining such effects on the fatigue and 

subsequently, creep-fatigue life of 9Cr-3W-3Co-V-Nb steels. 

However, this coarser microstructure, inclusive of casting defects, does not 

explain the significant difference in observed fatigue life and variations in 

cyclic softening rates when comparing ES-P91 and AR-P91 steel. These 

variations are most likely caused by two primary factors, (i) the increased 

cyclic plastic strain-range in the ES-P91 steel and (ii) variations in chemical 

composition. As illustrated in Figure 3.57, the plastic strain-range in the ES-

P91 steel is considerably higher than that of AR-P91 steel. As cyclic 

softening is a function of martensitic lath width, the increased plastic 

deformation for strain-controlled loading conditions in the ES-P91 steel 

leads to more low-angle boundary dislocation annihilation and hence, more 

cyclic softening. Furthermore, the initial martensitic lath width and hence, 

resulting rate of cyclic softening, is slightly increased in ES-P91 compared 

with the AR-P91 steel. It is concluded here that the service history, inclusive 

of 65 start-up cycles, could have resulted in some primary softening and 

hence, slightly increased the martensitic lath width prior to testing. 

From the result of Figure 3.54, this increased rate of cyclic softening does 

not appear to have a substantial effect on fatigue life. It is thought here that 

this is predominately related to chemical composition. In terms of 

microstructure, the additional composition of precipitating elements in AR-

P91, such as C, Cr, N and V, can result in more locations for stress 

concentrations to form and hence, increasing the potential for fatigue crack 

initiation. Furthermore, the inclusion of 0.19 % Ni in the ES-P91 steel can 
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improve material ductility and hence, can be beneficial in terms of 

improving fatigue life [Roland et al., 2006], possibly contributing to the 

increased fatigue life observed here. 

Beyond the possibility of fatigue scatter pointing to the variations in fatigue 

life, it is concluded that small variations in chemical composition, coupled 

with fewer sites for crack initiation, play a significant role in fatigue 

performance of 9Cr steels. Therefore, for example, the possible benefits of 

including nickel and manganese within the chemical composition require 

further analysis. The normalising and tempering times can also have a 

significant bearing on the initial microstructure and subsequent fatigue 

performance of the 9Cr steels and should be investigated in future work. 

 

Figure 3.57: Measured plastic strain range as a function of cycles in 9Cr steels. 

Finally, the results of this experimental study highlight a key element when 

designing with precipitate and solute strengthened materials within a 

complex hierarchical microstructure. When considering the performance of 

such materials under creep, fatigue, oxidation or interactions of creep, 

fatigue and oxidation, a single strengthening contribution cannot be 

considered on its own, i.e. precipitate strengthening is not solely responsible 

for the inherent strength in 9Cr steels, as M23C6 precipitates are also 
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important in terms of the martensitic lath substructure produced. Hence, any 

material model derived from a physical basis must account for interactions 

of all the mechanisms mentioned above. Chapters 6 and 7 attempt to take a 

first step towards the development of such a model, building on a 

phenomenological hyperbolic sine flow rule framework developed in 

Chapter 4. 

3.9. Conclusions 

Characterisation of the high temperature fatigue behaviour of two 9Cr 

steels, (i) ex-service P91 steel and (ii) MarBN, is presented in this chapter. 

An assessment of the performance of 9Cr steels across various strain-rates, 

strain-ranges and temperatures has been completed, via low cycle fatigue 

and stress relaxation testing. The key conclusions of this chapter are: 

 At temperatures of 500 °C and less, strain-rate effects are found to be 

negligible. However, strain-rate effects exist in 9Cr steels at 

temperatures above 500 °C, resulting in a significant decrease in 

stress-range with decreasing strain-rate. The decrease in stress-range 

is directly related to viscous effects in the material. Furthermore, 

strengthening is observed to be strain-rate dependent once viscous 

effects become important and the hardening modulus becomes a 

function of strain-rate. 

 Thermo-mechanical loading is found to have a substantial effect on 

low cycle fatigue life, with out-of-phase loading representing the 

lowest fatigue life.  

 Considerable cyclic softening is observed for all tests conducted on 

9Cr steels. The rate of cyclic softening increases with increasing 

temperature and is dependent on (i) strain-rate and (ii) applied strain-

range. Cyclic softening is concluded to be a function of initial 

martensitic lath width. 

 Temperature is found to play a pivotal role in the mechanical 

performance of 9Cr steels. A 20 GPa reduction in Young’s modulus 
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is observed from 20 °C to 400 °C, with the same reduction observed 

from 600 °C to 625 °C, highlighting the sensitive nature of operating 

at temperatures in excess of 550 °C.     

 The inclusion of 3 wt.% tungsten and cobalt, coupled with boron 

enrichment of grain boundaries in MarBN is concluded to result in a 

significant increase in yield and tensile strength compared to the P91 

steels. 

 The cast MarBN product is found to have similar fatigue life as 

existing 9Cr grade materials, with enhanced strength compared to 

P91 and P92 steels. Coupled with superior creep performance 

compared to other 9Cr steels, as presented in the literature, this 

initial fatigue testing illustrates the potential of MarBN as a 

candidate material for higher temperature flexible operating 

conditions. 

The following chapter develops a hyperbolic sine unified cyclic viscoplastic 

material model for 9Cr steels. A step-by-step parameter identification 

procedure is also developed, including calibration and validation of the 

material model against (i) ‘as received’ P91 steel data from the literature, 

(ii) ex-service P91 steel and (iii) cast MarBN. 
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4. A Unified Cyclic Viscoplastic Modelling Framework for 

Strain-Rate Dependent Materials 

4.1. Introduction 

This chapter presents a continuum level unified cyclic viscoplastic material 

modelling framework to simulate the behaviour of 9-12Cr steels under high 

temperature fatigue, including implementation in a user material subroutine 

for 3D applications and the development of a step-by-step parameter 

identification methodology. This hyperbolic sine framework is the basis for 

(i) the phenomenological modelling conducted in Chapter 5 and (ii) the 

microstructure-sensitive modelling methodologies presented in Chapters 6 

and 7. The continuum level modelling methodology is derived from a 

thermodynamic framework, presented in detail in Appendix A, and based on 

state variables for strain and temperature, with careful choice of internal 

variables to ensure that cyclic plasticity effects are simulated.  

To capture cyclic plasticity and viscous effects within one model, a unified 

approach similar to the Chaboche model [Chaboche and Rousselier, 1983a; 

Chaboche and Rousselier, 1983b] is required. The Chaboche unified cyclic 

viscoplastic material model has previously been used to simulate the 

behaviour of 9-12Cr steels under HTLCF [Koo and Kwon, 2011; Saad et 

al., 2011]. However, to ensure that the modelling methodology can capture 

strain-rate effects, as determined experimentally in Chapter 3, a hyperbolic 

sine unified cyclic viscoplastic material model is developed in the current 

chapter. The benefit of such an approach over the existing power law 

methodologies is the ability to allow a smooth transition from the high stress 

and strain-rate regimes, at which experiments are normally conducted, to 

low stress and strain-rate regimes typically observed under flexible plant 

operating conditions, resulting in a strain-rate sensitive modelling 

methodology. Yielding and viscoplastic loading are defined in terms of a 

dissipation potential, as derived from the thermodynamic framework and 

presented in Section 4.4.  



4.   A Unified Cyclic Viscoplastic Modelling Framework for Strain-Rate 
Dependent Materials 

 

154 
 

Previous work [Dubey et al., 2005; Farragher et al., 2014; Fournier et al., 

2009a; Fournier et al., 2009b; Saad et al., 2011] shows that 9-12Cr steels 

undergo considerable cyclic softening due to a loss of the low-angle 

boundary structure [Sauzay et al., 2005; Sauzay et al., 2008]. Cyclic 

softening is also observed in the experiments conducted here on (i) ex-

service P91 steel and (ii) MarBN, a new 9-12Cr with additional boron and 

nitrogen for increased creep strength, as presented in Chapter 3. Section 4.3 

presents a modified version of the Chaboche isotropic hardening model 

[Lemaitre and Chaboche, 2000] to predict the cyclic softening behaviour of 

9-12Cr steels, with a negative saturation value to ensure softening behaviour 

is captured [Saad et al., 2011]. In Section 4.3.3, non-linear kinematic back-

stress terms are incorporated in the model to account for the Bauschinger 

effect and strain hardening within a given cycle. 

To enable 3D simulations of realistic geometries to be conducted, such as 

the branched header model presented by Farragher and co-workers 

[Farragher et al, 2013a], the above multi-axial material model is 

implemented within a UMAT user material subroutine for use with the 

commercial finite element (FE) code Abaqus. An implicit integration 

method for determination of the iterative increment in accumulated effective 

plastic strain is developed to enable more efficient simulations with reduced 

timestep size compared with explicit integration methods. This implicit 

integration scheme, which uses the radial return method, is derived in 

Section 4.4. The UMAT user material subroutine is calibrated and validated 

against experimental data in Section 4.6 and applied to some multi-axial 

loading conditions in Chapter 5. One of the requirements for the user 

material subroutine is that the stiffness matrix be evaluated for every time 

increment and described in the form of the material Jacobian. Although, the 

elastic stiffness matrix will eventually converge to the correct result, the 

consistent tangent stiffness matrix for the continuum level model is 

developed, and presented in Section 4.4.1, to ensure that more efficient 

computational simulations are conducted.  
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The hyperbolic sine unified cyclic viscoplastic material model requires 14 

temperature-dependent material parameters, which can be separated into (i) 

the elastic material parameters, (ii) cyclic softening material parameters, (iii) 

non-linear back-stress parameters and (iv) cyclic viscoplastic material 

parameters. Although complex multi-objective functions, such as genetic 

algorithms [Mahmoudi et al., 2011] and neural networks [Huber and 

Tsakmakis, 2001], can be implemented to identify a number of material 

parameters rapidly, such approaches are susceptible to a lack of physical 

correspondence of the identified set of parameters, due to the complexity of 

the physical phenomena being represented and the non-uniqueness of the 

solution. Consequently, the approach adopted here is to use a direct step-by-

step methodology, via a least squares fitting procedure, to identify material 

parameters via specific mechanistic (physical) correspondence and 

representation of the experimentally-observed phenomena. 

The multi-axial unified cyclic viscoplasticity material model and parameter 

identification methodology are calibrated and validated via comparison with 

experimental data for (i) 'as-received' P91 steel data from the literature, (ii) 

ex-service P91 test data as presented in Chapter 3 and (iii) for the first time, 

application of a cyclic viscoplasticity model to a MarBN material. Firstly, 

the material parameters are identified using the calibration regime 

conditions only, selected here as the (i) fully reversed strain-controlled (Rε = 

-1) fatigue tests conducted at an applied strain-rate of 0.1 %/s and applied 

strain-range of ±0.5 % and (ii) a dwell test yielding stress relaxation data 

from a 120 s hold period at the maximum tensile stress location. Following 

application of the step-by-step material identification process, a standalone 

uniaxial FORTRAN 95 code is implemented to compare the predicted 

stress-strain data with experimental data, giving an excellent fit for all three 

cases under the calibration loading conditions. Validation of the material 

model and the accuracy of the identified material parameters are 

investigated in Section 4.6 via application of the UMAT user material 

subroutine to a range of loading conditions encompassing different strain-

rates, strain-ranges and temperatures from the experiments of Chapter 3 and 
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data presented in the literature [Fournier et al., 2011; Koo and Kwon, 2011; 

Saad et al., 2011; Takahashi, 2008].  

4.2. Benefits of a hyperbolic sine modelling framework 

9-12Cr martensitic steels exhibit a linear stress strain-rate relationship at 

low stress regimes and strain-rates, and an exponential relationship at higher 

stresses [Haney et al., 2009; Klueh, 2004], as illustrated by the measured 

data of Figure 4.1. This behaviour is consistent with most steels, where the 

linear relationship at low stresses represents diffusion-based creep, with 

dislocation-creep dominated behaviour occurring at higher stresses 

[Hertzberg, 1996]. Figure 4.1 also includes a representation of the typical 

broad range of stress regimes and strain-rates of modern and next generation 

flexible operating plant [Farragher et al., 2013b; Nabarro, 2002]. Thus, it 

is clear that a single power law exponent is not sufficient to model the 

complete stress regime of typical power plant components. However, the 

use of a hyperbolic sine formulation in place of the more conventional 

power law model enables more accurate modelling of the key mechanisms 

of deformation, i.e. the dominant creep process for a given load. 

Furthermore, most high temperature testing takes place at higher strain-rates 

(especially for fatigue and TMF), due to the need for reasonable test 

durations. This leads to the requirement for reliable interpolation and 

extrapolation beyond a limited range of experimental data [Vakili-Tahami et 

al., 2005]. 
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Figure 4.1: Comparison of the hyperbolic sine material model with experimental 
data for a 9Cr steel [Sklenička et al., 2003], illustrating the extrapolation capability 
of the model. 

Figure 2.6 depicts a generic deformation-mechanism map of a typical steel, 

which illustrates the range of different creep processes that a candidate 

material endures with varying stress and temperature. At low stress regimes, 

deformation is controlled by diffusion based creep and dislocation creep 

dominates as the stress increases [Dieter, 1986; Esposito and Bonora, 2011; 

Hertzberg, 1996; Poirier, 2005]. This conforms well with the work of 

Shrestha et al. [2012], who concluded that P91 steel exhibits diffusion based 

Nabarro-Herring creep, with an exponent of unity at low stress regimes and 

displays power law creep, with an exponent of up to twelve for the higher 

stress regimes. As illustrated in Figure 4.2, the hyperbolic sine model 

permits a smooth transition from one phenomenon to another, enabling the 

hyperbolic sine material model to simulate the steady-state strain-rate 

behaviour of the dominant creep mechanism and capture the full strain-rate 

regime observed in modern plant.  
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Figure 4.2: Typical stress strain-rate behaviour of the mechanisms of deformation 
for P91 steel and a hyperbolic sine fit to the dominant creep process. 

4.3. A strain-rate sensitive unified cyclic viscoplastic model 

In the present study, the well-established unified Chaboche model 

[Chaboche and Rousselier, 1983a; Chaboche and Rousselier, 1983b] is 

modified to allow variable strain-rate sensitivity for application to a wide 

range of strain-rates with a high degree of accuracy. This is achieved by 

replacing the power law function with a hyperbolic sine function in the 

constitutive equation defining the accumulated effective plastic strain-rate 

as follows:  

 βfαp sinh  (4.1) 

where α and β are temperature-dependent cyclic viscoplastic material 

parameters and the function f defines the elastic domain if 0f  and 

evaluates the viscous stress or overstress, σv, if 0f . The viscous stress 

accounts for deviations beyond the elastic domain within 3D stress space, as 

highlighted in Figure 2.22a. This viscous stress represents the current 

equipotential surface and f is defined as [Lemaitre and Chaboche, 2000]: 
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  kRf  xs2J                     if 0f  (4.2a) 

  kRσf v  xs2J              if 0f  (4.2b) 

where s is the deviatoric stress tensor, x is deviatoric back-stress tensor, R 

defines isotropic hardening (see Figure 2.22b), k is temperature-dependent 

initial cyclic yield stress and  xs2J  corresponds to the von Mises 

equivalent stress. 

4.3.1. Model development 

Within the constitutive model, it is assumed that the material is isotropic and 

only small strain deformations occur (i.e. infinitesimal deformation 

kinematics), such that classical additive decomposition of the increment in 

strain tensor, Δε, gives: 

thplel εεεε   (4.3) 

where Δεpl is the incremental change in plastic strain tensor and Δεth 

corresponds to the incremental change of the thermal strain tensor. The 

increment in stress tensor, Δσ, is evaluated using the multi-axial form of 

Hooke's law, which is defined with respect to the elastic strain as: 

 thpl εε-ε:Λσ   (4.4) 

where Λ is the elasticity tensor. Equation (4.4) for Hooke's law can be 

written in terms of an elastic predictor and viscoplastic correction term as: 

    plthth 2Tr2 εIεεεεσ    (4.5) 

where I is the identity matrix and μ and λ are Lamé's constants. The first two 

terms on the right hand side correspond to the elastic predictor and the final 

term corresponds to the plastic correction term. The increment in plastic 

strain is determined using the flow rule: 

nε p pl  (4.6) 
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where n is the tensor normal to the yield surface (e.g. see  Figure 4.3) and 

defined as [Dunne and Petrinic, 2007; Chaboche, 2008]: 

tr

e

t

tr

e 2

3

2

3

σσ

xsxs
n





  (4.7) 

where str, and xt are the deviatoric trial stress and deviatoric kinematic 

hardening back-stress from the previous timestep, respectively. In Equation 

(4.7), σe and σe
tr are the equivalent and trial equivalent stresses respectively, 

defined as: 
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For the material model considered here, the dissipation potential is obtained 

retrospectively such that it satisfies the hyperbolic sine constitutive model 

defined in Equation (4.1), as follows: 

     fβf
β

α
fΩ sgncosh  (4.9) 

As α and β are positive values, the  fsgn  function ensures that the 

dissipation potential can account for load reversal, such that: 
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0 if0
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f
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The following sections outline the hardening models for (i) isotropic 

hardening leading to the prediction of the cyclic softening behaviour and (ii) 

the nonlinear kinematic back-stress. 
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Figure 4.3: Schematic representation of the tensor normal  to the yield surface in 
3D stress space. 

4.3.2. Cyclic softening 

Isotropic hardening is simulated using the non-linear evolutionary equation 

of Chaboche [Chaboche and Rousselier, 1983a; Chaboche and Rousselier, 

1983b]. However, to account for thermo-mechanical deformations, a 

temperature-dependent term is included in the evolutionary equation for R, 

such that temperature-dependent isotropic hardening is given by [Zhang et 

al., 2002]: 

  TR
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11  (4.10) 

where Qi is the saturated value of the isotropic hardening term (see Figure 

2.23), bi is the isotropic hardening rate exponent and i = 1,2. Unlike most 

conventional steels, 9-12Cr steels cyclically soften with increasing number 

of cycles due to (i) a high initial dislocation density which decreases with 

cyclic deformation and (ii) the martensitic lath structure. Thus, from this 

point on, the isotropic hardening behaviour will be defined as cyclic 

softening. This cyclic softening behaviour is captured using a negative value 

of the saturated isotropic hardening term, Qi, [Saad et al., 2011] in Equation 

χ
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(4.10). Figure 4.4 shows the cyclic evolution of the isotropic term, R, as a 

function of the accumulated effective plastic strain, p, from which it can be 

seen that the softening evolution can be separated into primary, secondary 

and failure regions and that no clear saturation point is achieved. The 

inclusion of a second cyclic softening term (where the first term describes 

the primary region and the additional term denotes the secondary softening 

region) improves the correlation with the experimentally observed cyclic 

softening, where the saturated value, 
21 QQQ  , is taken to be the cyclic 

softening value prior to the onset of the failure region. The isotropic term, R, 

then becomes: 

21 RRR   (4.11) 

with the R1 term representing primary cyclic softening and R2 representing 

the cyclic softening produced during the secondary stage of softening. The 

tertiary stage can be related to fatigue damage and is neglected in the current 

framework.  

 

Figure 4.4: Comparison of the isotropic stress model with the experimentally 
measured P91 steel softening data for a strain-rate of 0.1 %/s and strain-range of 
±0.5 %, at a temperature of 500 ºC. 
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4.3.3. Kinematic hardening 

The centre of the elastic domain in 3D stress space is defined by the back-

stress tensor, χ (e.g. see Figure 4.3). This back-stress tensor accounts for the 

strain hardening mechanisms in 9-12Cr steels due to dislocation pile-ups at 

high angle boundaries and the Orowan pinning mechanism at obstacles such 

as precipitates. For the present formulation, the back-stress tensor is defined 

as a sum of the individual back-stress terms, such that: 





2

1i

iχχ  (4.12) 

In Equation (4.12), χ1 represents the kinematic hardening produced during 

the initial stages of strain hardening and χ2 accounts for the kinematic 

hardening due to the later stages of strain hardening. The evolution of the 

back-stress components is described by the Armstrong-Frederick kinematic 

hardening model [Frederick and Armstrong, 2007], with the inclusion of a 

temperature-rate term [Chaboche, 2008]: 

T
T

C

C
pγC i
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iiii

 χχεχ




1

3

2 pl  (4.13) 

where Ci is the hardening modulus and γi is the non-linear kinematic 

hardening parameter. The three terms in Equation (4.13) correspond to (i) a 

linear kinematic hardening term, (ii) a recall term to account for the fading 

memory effect of the deformation path and (iii) a temperature-rate term 

respectively. There is no temperature-rate term associated with the recall 

term as it is time and rate-independent [Lemaitre and Chaboche, 2000]. The 

Armstrong-Frederick kinematic back-stress is deviatoric by nature, due to 

the incompressibility condition, such that the deviatoric back-stress tensor, 

x, is equal to the back-stress tensor, χ. 

4.4. Implementation of the model within the FE method 

The hyperbolic sine unified cyclic viscoplastic material model of Section 

4.3 is implemented as is in a UMAT user material subroutine for use with 

the commercial FE code Abaqus. Within this material model, the increment 



4.   A Unified Cyclic Viscoplastic Modelling Framework for Strain-Rate 
Dependent Materials 

 

164 
 

in effective plastic strain is obtained using an implicit integration scheme. A 

flowchart depicting the main processes within the UMAT is shown in 

Figure 4.5.  

In order to update all the required quantities in terms of the increment in 

effective plastic strain-rate, the equivalent stress, σe, is defined as a function 

of the trial stress and the increment in effective plastic strain-rate as:  

pμσσ Δ3tr
ee   (4.14) 

where μ is the shear modulus, Δp is the increment in effective plastic strain 

and σe
tr is the equivalent trial stress. Thus, the constitutive equation for the 

increment in effective accumulated plastic strain-rate, given in Equation 

(4.1), may be rewritten as: 

   kRpμσRpp  Δ3sinh,, tr
e χ  (4.15) 

where	  is the accumulated effective plastic strain-rate for the previous 

iteration of the current timestep increment (i.e. tp  k  where K is the 

previous iteration in the implicit integration scheme as illustrated in Figure 

4.5). Rearranging and writing the incremental difference of Equation (4.15) 

in a form suitable for a Newton-Raphson iterative method yields [Dunne 

and Petrinic, 2007]: 

    0,,,,  tRppRp χχ   (4.16) 

Applying the Newton-Raphson iterative method then results in: 

0dddΔ
Δ
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 (4.17) 

Writing the partial derivatives of Equation (4.17) in terms of  gives: 

0dΔdΔdΔΔ
Δ

1 


















 Rt
R

tpt
p

 χ:
χ

 (4.18) 

Thus, evaluating the partial derivatives and rearranging Equation (4.18) 

yields the iterative increment in effective plastic strain, dΔp:  
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where 

 kRpμσZ  Δ3cosh tr
e  (4.20) 

and the increment in effective plastic strain is: 

ppp dΔΔΔ   (4.21) 

Equation (4.21) is updated until convergence is obtained. The tolerance 

within the present study is set at 110-10 and convergence is checked against 

the numerator of Equation (4.19). 

To ensure that unloading occurs elastically within the material model, the 

following conditions represent viscoplastic behaviour in 3D stress space: 

  σ:σ    and  0  (4.22) 

The increment in plastic strain is determined using the flow rule of Equation 

(4.6), with the increment in stress calculated using Hooke's law, Equation 

(4.4). The material model is also implemented for uniaxial loading 

conditions in a strain-driven FORTRAN 95 standalone computer program as 

a material parameter calibration tool and to validate the UMAT 

implementation. 



4.   A Unified Cyclic Viscoplastic Modelling Framework for Strain-Rate 
Dependent Materials 

 

166 
 

 

Figure 4.5: Flowchart describing the major processes in the UMAT user material 
subroutine. 
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4.4.1. Material Jacobian and the consistent tangent stiffness 

matrix 

The UMAT user material subroutine requires the material Jacobian to be 

provided at every increment for which the UMAT is called. The material 

Jacobian relates the differential increment in stress, δσ, to the differential 

increment in total strain, δε, such that the form required in Abaqus is: 

ε

σ
D

δ

δ




  (4.23) 

For axisymmetric loading conditions, the material Jacobian is: 
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Although the standard elasticity matrix, Λ, will always result in a converged 

solution, it is not the optimum value for the material Jacobian. To ensure 

more efficient computational simulations by achieving a converged solution 

in fewer increments, the material Jacobian is provided in the form of the 

consistent tangent stiffness matrix. The consistent tangent stiffness matrix 

describes the differential change in stress tensor in terms of a differential 

change in strain tensor (i.e. it is the stiffness of a given system as a result of 

an infinitesimal change in system loading conditions) and is determined for 

every iteration the UMAT user material subroutine is called. The following 

section describes the derivation of the consistent tangent stiffness matrix for 

the material model described in Section 4.3.  

The normal tensor of Equation (4.7) can be rearranged as: 

  xxss  t

tr

tr

e

e




 (4.25) 



4.   A Unified Cyclic Viscoplastic Modelling Framework for Strain-Rate 
Dependent Materials 

 

168 
 

Using the product rule ( uvδvuδδuv  ) and applying the differential 

operator yields: 

xxxsss δδδδδδ 
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  (4.26) 

Noting that xt is a constant for the current iteration and hence, δxt = 0. Using 

the quotient rule, the differential increment in deviatoric stress is: 

    xxsss δ
δδ

δδ 
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 (4.27) 

Taking the differential of the equivalent and trial equivalent stresses 

(Equation (4.8)) yields: 

         xs:nxs:xsxs:xs 
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  (4.28b) 

The elastic-plastic correction form of the differential increment in deviatoric 

stress is:  

nss μδp-δδ 2tr  (4.29) 

where µ is shear modulus and δp is the differential increment in effective 

plastic strain-rate, such that the differential increment in deviatoric stress 

becomes: 
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 (4.30) 

The evolution of the kinematic back-stress is described here by the 

Armstrong-Frederick model of Equation (4.13). The differential form of the 

evolution of kinematic back-stress is: 
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As the temperature-rate term is independent of strain, these terms go to zero 

when evaluating the consistent tangent stiffness matrix. With 23/n:n , 

the differential increment in deviatoric stress is: 
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 (4.32) 

The differential increment in effective plastic strain-rate is determined using 

an implicit integration scheme via the Newton-Raphson method. Equation 

(4.15) can be written in differential form as: 

      RRpδ  : χ:χσ:σ  (4.33) 

And the differential form of the isotropic stress model of Equation (4.10) is: 
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δpRQbδR i

i

i

i

i
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  (4.34) 

where the temperature-rate term is independent of strain and hence, goes to 

zero when evaluating the consistent tangent stiffness matrix. Using the 

relationship of Equation (4.29), the differential stress term is nσσ μδp-δδ 2tr . 

Substitution of this relationship into Equation (4.33) and rearranging yields 

the differential increment in effective plastic strain-rate: 
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(4.35)

where the partial derivatives are determined from the constitutive equation 

for the accumulated effective plastic strain-rate (Equation 4.15): 
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where  kRpμσY  Δ3cosh tr
e . The differential increment in 

accumulated effective plastic strain-rate is thus: 
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(4.37) 

As the differential deviatoric trial stress, δstr, can be related to the 

differential strain tensor, δε, as: 

δ 2 2
2
3

:  (4.38) 

where  is the deviatoric strain tensor. The differential trial stress is: 

   II:σ
χ

sII:σsσ tr

tr

e

ttrtrtrtr

23

1
δ

σ
δδδδ   (4.39) 

The second term of Equation (4.39) goes to zero when differentiated with 

respect to the differential strain. The deviatoric stress is defined as: 

ε:IIσs δKδδ   (4.40) 

where   νEK 213   is the bulk modulus. Thus, Equation (4.32) can be 

rewritten in terms of the differential deviatoric stress tensor as: 



4.   A Unified Cyclic Viscoplastic Modelling Framework for Strain-Rate 
Dependent Materials 

 

171 
 

 

 

      





 










































 






















 









II:εε:nχ:n
xs

II:εε:nχn

II:εεσ

δδμ
Γ

Y
γCμ

σ

σ

δδμ
Γ

Y
-γC

δμKμδδ

i

iii

i

iii

3

2
231     

3

2
2

3

2
     

3

2
2

2

1
tr
e

e

tr
e

t
tr

2

1

tr
e

e






 (4.41) 

The material Jacobian, D, is determined by differentiating δσ in Equation 

(4.41) with respect to δε. For elastic loading conditions, it can be shown that 

the material Jacobian reduces to the elastic stiffness matrix, Λ:  
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where μ and λ are Lamé’s constants   νEμ  12  and    ννEνλ 211  . 

The components of the material Jacobian for elastic-viscoplastic 

deformation are presented in Appendix B.  

4.5. Material parameter identification process 

The required material parameters are identified using a step-by-step 

procedure, in which the elastic material parameters of Young’s modulus, E, 

Poisson’s ratio, ν, and initial cyclic yield stress, k, must be identified first. 

Next, the isotropic hardening constants, Qi and bi, are identified from cyclic 

softening data derived from experiments, followed by the kinematic 

constants, Ci and γi, identified using the approach of Zhan [2004]. Finally, 

the cyclic viscoplastic material parameters are identified using a newly 

developed analytical model for stress relaxation. Figure 4.6 summarises the 

main processes of this step-by-step methodology for identifying the material 

parameters for the hyperbolic sine unified cyclic viscoplastic model. The 

material parameters are calibrated from experimental data using the 

standalone uniaxial code, with the complete set of constitutive equations for 

the material model presented in uniaxial form in Table 4.1. The following 
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section describes the step-by-step parameter identification methodology in 

detail. 

Table 4.1: Complete set of evolution equations, in uniaxial form, for the hyperbolic 
sine unified cyclic viscoplasticity material model. 

Hooke’s law:  plel   EE  

Flow rule:    χσkRχσβαε  sgnsinhpl  

Constitutive Equation: 
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Figure 4.6: Flowchart illustrating the main processes of the material parameter 
identification process for the hyperbolic sine unified cyclic viscoplastic material 
model. 

4.5.1. Elastic material parameters 

The temperature-dependent Young’s modulus is identified from the slope of 

the linear portion of the monotonic test data (the first quarter loop of the 

initial cycle). Furthermore, from the experiments presented in Chapter 3, no 

cyclic degradation of Young’s modulus is observed, as shown in Figure 4.7, 

prior to the onset of failure. Thus, it can be concluded that the value of 

Young's modulus is independent of any fatigue damage which occurs during 

the primary and secondary stages of cyclic deformation.  
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Figure 4.7: Cyclic evolution of the stress-strain response of ex-service P91 steel at 
a temperature of 500 ºC and strain-rate of 0.1 %/s, illustrating (a) the stress-strain 
response for various cycles and (b) the effect of increasing cycles on Young’s 
modulus. 

Poisson’s ratio is assumed to have a constant value of 0.3 throughout this 

study and the coefficient of thermal expansion is taken from the literature 

for P91 steel. However, the values for the coefficient of thermal expansion 

presented in the ASME Boiler and Pressure Vessel Codes [ASME, 1998] are 

compared and validated against the experiments conducted in Chapter 3, via 

analysis of the thermal strains resulting from specimen heat up. As the 

extensometer is balanced initially (and the specimen is mounted with 

approximately zero applied load), the initial strain, ε0, is approximately zero. 

However, due to thermal expansion, a thermal strain, εth, is imparted on the 

specimen during heat up of the specimen. This thermal strain is defined as: 
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th

0   (4.43) 

Hence, the coefficient of thermal expansion can be estimated by rearranging 

Equation (4.43) and using measured data for thermal strain. The values 

obtained during experiments illustrated good agreement with the literature 

values of the ASME Boiler and Pressure Vessel Codes [ASME, 1998]. 
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(vertical) portion of stress following load reversal during the initial cycle, as 

highlighted in Figure 4.8. 

 

Figure 4.8: Identification of the initial cyclic yield stress value at a temperature of 
400 ºC. 

4.5.2. Cyclic softening material constants 

Once the elastic constants have been determined, the isotropic hardening 

parameters, Qi and bi can be estimated. This is achieved by determining the 

cyclic softening stress, maxmax0 σσR ,  , from experimental data as illustrated 

in Figure 4.4 for the case of cyclic softening. Firstly a value of Q (normally 

an asymptotic, saturated value of R for cyclically hardening materials) is 

obtained from the experimental data by plotting R against the accumulated 

effective plastic strain, plεNp 2 . As 9Cr steels cyclically soften and the 

experimental data does not exhibit a clear softening saturation plateau, the 

value of Q is taken to be the cyclic softening stress value just prior to the 

onset of failure, as shown in Figure 4.4. Splitting the experimental data into 

its primary, secondary and failure softening regions enables the values of Qi 

to be determined, such that: 
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where Q1 is the value of isotropic softening at the transition to the secondary 

softening regime. The values of bi, which describe the rate of decay of Ri, 

are then fitted to the experimental data using a least squares approach. The 

least squares optimisation function to be minimised is: 

    



m

j

kk RxRxF
1

2expthr  (4.45) 

where xk represents the material parameters to be optimised and the 

superscripts ‘thr’ and ‘exp’ denote theoretical and experimental values of 

the cyclic softening stress, respectively. To identify the rate of decay 

constants bi, the theoretical cyclic softening stress, Rthr, is determined by 

integrating the evolution law for cyclic softening (Equation (4.10)) with 

respect to time. As the material parameters are identified from strain-

controlled isothermal fatigue tests, the temperature-rate term of Equation 

(4.10) is set to zero. Thus, the isotropic stress is: 

 pb

ii
iQR  e1                                 where i = 1,2 (4.46) 

Hence, the total theoretical cyclic softening stress is: 
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1

thr e1
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pb
i

i

i
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Using the least squares optimisation procedure, the constants describing the 

rate of decay during cyclic softening, bi, can be determined using the data 

solver software built into Microsoft Excel. Figure 4.4 also illustrates the 

benefit of the inclusion of an additional non-linear isotropic stress 

parameter, with the second softening term resulting in a greatly improved 

isotropic stress evolution prediction when compared with the experimental 

data. 

4.5.3. Back-stress material parameters 

The non-linear kinematic back-stress (in uniaxial form), χ, consists of two 

Armstrong-Frederick [Frederick and Armstrong, 2007] terms defining the 
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initial and later stages of strain hardening respectively, such that  21 χχχ  . 

The parameter fitting method outlined in Lemaitre and Chaboche [2000] 

will not permit the identification of the constants for more than one non-

linear back-stress term. Hence, the method developed by Zhan [2004] is 

adopted here and extended to suit the current framework. Assuming that the 

temperature is constant for the parameter identification process and that the 

plastic strain-rate, , equals the accumulated equivalent plastic strain-rate, 

, for monotonic loading, integration of Equation (4.13) with respect to time 

yields: 

 pγ

i

i
i

i

γ

C
χ  e1                                   where i = 1,2 (4.48) 

The viscous stress, σv, is defined as the value of the function, f, if it is 

greater than or equal to zero. For monotonic loading the kinematic back-

stress, χ, is less than the uniaxial applied stress, σ, for monotonic loading, 

such that the uniaxial applied stress can be rewritten using Equation (4.2) as: 

vv σkRRχχσkRχσ  2121  (4.49) 

As χ1 defines the hardening directly after the elastic portion of loading, the 

value of the kinematic back-stress is 11max1 γCχχ ,  at the onset of the 

secondary hardening region. Thus, for loading in the secondary hardening 

region, Equation (4.49) can be rewritten as: 
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Under the assumption that plp  and the terms 11 C
11 γC , k and 

 αpβσv 11 sinh  are constants with respect to plastic strain, differentiating 

Equation (4.50) with respect to the plastic strain, εpl, yields the following 

expression: 

pl
2

pl
1

2pl
2

ε

R

ε

R
eC

ε

σ pγ










 

 (4.51) 



4.   A Unified Cyclic Viscoplastic Modelling Framework for Strain-Rate 
Dependent Materials 

 

178 
 

Taking the natural logarithm of Equation (4.51), yields an equation which 

can be used for determining the unknown constants C2 and γ2 via a linear fit 

to experimental data of the form:  

  pl
22pl

2
pl
1

pl
lnln εγC

ε

R

ε

R

ε

σ




















 (4.52) 

where the constant γ2 is the slope and ln(C2) is the intercept obtained when 

plotting the plastic strain, εpl, versus the left hand side (LHS) of Equation 

(4.52). The terms pl
1 R and pl

2 R  are easily defined by differentiating 

Equation (4.46) with respect to plastic strain, εpl: 
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e
pl                                   where i = 1,2 (4.53) 

However, to fully define the relationship of Equation (4.52), the term 

pl   must first be determined. Using the chain rule, pl  can be 

written as: 
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The plastic strain-rate is defined as: 
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Such that equation (4.54) becomes: 
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Following the approach of Hyde et al. [2010] and Zhan [2004], the term 

 dd  can be determined using the Ramberg-Osgood equation: 
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As 00 εσE , differentiating with respect to the total strain, ε, and 

rearranging yields: 
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(4.58) 

The constants for the Ramberg-Osgood equation are determined by taking 

the logarithm of both sides of Equation (4.57): 

       0log1logElog σnσnσε   (4.59) 

and plotting  σlog  versus  σεElog  allows the constants n and σ0 to be 

determined as the slope and intercept respectively. Figure 4.9 illustrates the 

plots for the identification of the Ramberg-Osgood parameters across a 

range of temperatures. Table 4.2 shows the identified constants for ex-

service P91 steel at temperatures of 400 ºC, 500 ºC and 600 ºC. 

 

Figure 4.9: Identification of the Ramberg-Osgood constants for ex-service P91 
steel at temperatures of 400 ºC, 500 ºC and 600 ºC. 
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Table 4.2: Identified Ramberg-Osgood constants for ex-service P91 steel. 

T (ºC) σ0 (MPa) n (-) 

400 477.627 12.941 

500 426.650 9.240 

600 360.298 9.185 

 

The kinematic back-stress constants are determined from Equation (4.52) by 

plotting εpl versus  pl
2

pl
1

plln   RR . Finally, the kinematic 

hardening constants related to the initial stages of hardening (C1, γ1) can be 

determined from Equation (4.49), assuming k and σv are constant. 

Differentiating with respect to plastic strain, εpl, and rearranging yields: 
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 (4.60) 

Similar to above, C1 and γ1 can then be determined as the intercept and 

slope, respectively, from plots of εpl versus 

 pl
2

pl
1

pl
2

plln   RR . 

4.5.4. Identification of cyclic viscoplasticity parameters 

The cyclic viscoplastic material parameters α and β, of Equation (4.1), are 

intrinsically linked to the viscous (creep) behaviour of the material, and 

should ideally be obtained from long-term creep data, similar to the 

experimental data of Figure 4.10. Plotting stress against strain-rate on a log-

log axis for the creep loading case enable curve fitting to the data using the 

following expression for the minimum creep rate: 

σβαε crcr
cr sinh  (4.61) 

where αCR and βCR are the secondary creep constants and σ is the uniaxial 

stress. Figure 4.10 illustrates the excellent correlation achieved with the 

experimental data of Haney et al. [2009] and Klueh [2004], using Equation 
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(4.61), further highlighting the importance and capability of the hyperbolic 

sine constitutive equation.  

 

Figure 4.10: Identification of the cyclic viscoplastic material constant, β, from 
minimum strain-rate (MSR) data from the creep tests of Hyde et al., [2006] at 650 
ºC, Sklenička et al.  [2003] at 600 ºC and Haney et al. [2009] at 500 ºC. The 
symbols represent the experimental data and the lines represent the correlation 
obtained using the hyperbolic sine steady-state creep constitutive equation. 

However, the conditions present in modern plant operating under increased 

flexibility and the unified nature of the current material model dictates that 

the effects of rate-independent cyclic plasticity must also be accounted for 

through the use of cyclic viscoplastic material parameters, namely α and β 

of Equation (4.1). Hence, the values of αCR and βCR need to be adjusted to fit 

the isothermal fatigue test data and the experimental stress relaxation 

results. This process uses the constants obtained from the long-term creep 

data as a starting position. A relationship between the viscoplastic 

parameters in a pure creep loading condition (αCR and βCR) and the cyclic 

(short-term) viscoplastic material parameters (α and β) has been identified to 

allow the value of β to be obtained from creep data. This relationship is: 

crββ  (4.62) 

so that α may be scaled as: 
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cr
cr

sinh

sinh
Aα

βf

βσα
α   (4.63) 

where A is termed the cyclic viscoplastic scaling factor. As Equation (4.63) 

includes the cyclic plasticity terms, χ and R via the function f, the value of α 

is identified here from stress relaxation tests, using the theoretical approach 

given below, supplemented by the standalone uniaxial code implemented in 

FORTRAN 95. For an isothermal, uniaxial loading conditions, the total 

strain rate, ε , is defined as: 

plel     (4.64) 

In a stress relaxation test with a tensile dwell period, once the initial 

displacement has been applied and the hold period has begun, the 

displacement, and hence, the strain are held constant from a time t0 as 

shown in Figure 4.11. Thus, the total strain-rate, ε , is zero and rearranging 

Equation (4.64) yields: 

plel     (4.65) 

Using Hooke’s law, the elastic strain-rate is defined as: 

E

σ
ε


 el

 (4.66) 

 

Figure 4.11: Representation of the initial tensile dwell period stress, σ0, and initial 
dwell time, t0. 

0

100

200

300

400

500

0 10 20 30 40 50

St
re
ss
 (
M
P
a)

Time (s)

t0

σ0



4.   A Unified Cyclic Viscoplastic Modelling Framework for Strain-Rate 
Dependent Materials 

 

183 
 

For a tensile hold period, the plastic strain-rate is determined using the 

hyperbolic sine constitutive equation for the effective accumulated plastic 

strain-rate: 

 kRχσβαε  sinhpl  (4.67) 

Thus, using Equations (4.66) and (4.67) in Equation (4.65) and rearranging 

yields: 

  tαE
kRχσβ

σ
d

sinh

d



 (4.68) 

Integrating equation (4.68) yields: 

   


t

t

σ

σ

tαE
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00
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sinh
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 (4.69a) 
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 (4.69c) 

For a tensile dwell period, it is assumed that the uniaxial stress, σ, is positive 

throughout the region of concern in the stress relaxation curve, such that 

Equation (4.69c) becomes: 

 
   0

0 2tanh

2tanh
ln ttαβE

kRχσβ

kRχσβ





 (4.70) 

Taking the exponential of both sides yields: 

     0e
2

tanh
2

tanh 0 ttαβEkRχσβkRχσβ 


  (4.71) 
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Thus, an analytical model for the theoretical stress which describes the 

uniaxial stress, σ, as a function of time for the tensile hold period during a 

stress relaxation test is given by: 

    kRχ
kRχσβ

β
σ ttαβE 





















 
  0e

2
tanhtanh

2 01  (4.72) 

Equation (4.72) is implemented with Equations (4.46) and (4.48) to define R 

and χ as a function of time, respectively, where the values σ0 and t0 are 

defined from experimental data, as presented in Figure 4.11. By comparing 

this equation to the measured stress relaxation test data, the value of α can 

be identified. In Equation (4.72), the initial decay rate is predominately 

controlled by β and the level of stress obtained increases with decreasing 

values of α and/or β. To optimise the cyclic viscoplastic material parameter, 

α, the least squares optimisation approach of Equation (4.45) is adopted 

using Microsoft Excel to minimise the difference between the 

experimentally observed and theoretically determined dwell stress values.  

4.6. Validation of material model against experimental data 

The following section implements the step-by-step parameter identification 

procedure described above for (i) ‘as-received’ P91 steel from the literature, 

(ii) ex-service P91 steel and (iii) MarBN, in conjunction with validation via 

comparison of model predictions with experimental test data obtained under 

different conditions. In all cases, calibration is conducted at a strain-rate of 

0.1 %/s under an applied strain-range of ±0.5 %. Validation of the material 

model is conducted at strain-ranges and strain-rates different to the 

calibration regime to (i) ensure that the identified material parameters are 

optimised for a broad range of loading conditions and (ii) investigate the 

ability of the material model to simulate more representative flexible plant 

operating conditions, with a particular emphasis on capturing the strain-rate 

effect. 
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4.6.1. Modelling of 'as received' P91 under HTLCF and TMF 

To validate the initial implementation of the FORTRAN 95 standalone 

uniaxial code and UMAT user material subroutine, the unified cyclic 

viscoplasticity model is applied to various ‘as received’ P91 steels from the 

literature [Fournier et al. 2011; Koo and Kwon, 2011; Saad et al., 2011]. 

Firstly, the required material parameters are calibrated using the approach of 

Section 4.5. 

4.6.1.1. Model calibration for 'as received' P91 steel 

Young's modulus is calibrated from the initial monotonic portion of the 

cyclic test data and the values of the coefficient of thermal expansion are 

taken from published ASME data [ASME, 1998], with an assumed linear 

dependence on temperature in the 400 °C to 600 °C temperature range. 

Poisson's ratio, ν, is taken to have a constant value of 0.3 throughout the 

simulations. The resulting identified elastic material parameters for ‘as 

received’ P91 steel are presented in Table 4.3. 

Table 4.3: Elastic material parameters for 'as received' P91 steel. 

Temperature (°C) 
Young's Modulus 

(GPa) 
Thermal Expansion 

(1/°C) [ASME, 1998] 

400 184 12.9510-6 

500 180 13.3110-6 
600 142 13.5910-6 

The isotropic and kinematic hardening evolution equations are similar to 

those used by Saad et al. [2011], except for the additional anisothermal 

terms of the present model. Hence, the hardening parameters have been 

adopted from the latter, with algebraic manipulation to suit the specific 

formulation used here. The resulting cyclic plasticity parameters for the 400 

°C to 600 °C temperature range are presented in Table 4.4. Note that, in the 

work of Saad et al. [2011], only a single cyclic softening term is used, such 

that 1RR . 
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Table 4.4: Cyclic plasticity material parameters for 'as received' P91 steel [Saad et 
al., 2011]. 

T  
(°C) 

Q 
(MPa) 

b C1 
(MPa) 

γ1 C2 
(MPa) 

γ2 k 
(MPa) 

400 -55.0 0.45 352500.0 2350.0 48600.00 405.0 96 
500 -60.0 0.60 215872.6 2191.6 48235.29 460.7 90 
600 -75.4 1.00 106860.0 2055.0 31159.90 463.0 43 

 

The cyclic viscoplastic material parameters, identified here for 'as received' 

P91 steel from the test relaxation test data of Koo and Kwon [2011] are 

given in Table 4.5 for temperatures of 400 °C, 500 °C and 600 °C. 

Table 4.5: Identified cyclic viscoplastic material parameters for 'as received' P91 
steel. 

Temperature (°C) α (s-1) β (MPa-1) 
400 1.410-6 0.07 
500 8.010-7 0.064 
600 1.010-7 0.055 

 

The calibration process is carried out here based on data at 400 °C, 500 °C 

and 600 °C and a cyclic strain-rate of 0.1 %/s. For the temperatures listed 

above, the results of this calibration process are shown in Figure 4.12 to 

Figure 4.15. Figure 4.12 depicts the calibrated fit obtained with the stress 

relaxation data of Koo and Kwon, [2011] at temperatures of 500 °C and 600 

°C respectively. Figure 4.13 illustrates the correlation achieved with the 

cyclic data of Saad et al. [2011] at 400 °C and a strain-rate of 0.1 %/s for the 

initial and stabilised cycles, i.e. capturing the evolution (softening) of the 

cyclic responses. Figure 4.14 and Figure 4.15 show the calibration results at 

500 °C and 600 °C respectively, where an excellent fit with the 

experimental data (also including cyclic softening) is obtained. 
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Figure 4.12: Calibration of the cyclic viscoplasticity material parameters for 'as 
received' P91 steel from stress relaxation tests of Koo and Kwon [2011], at 
temperatures of (a) 500 ºC and (b) 600 ºC. 

 

Figure 4.13: Calibration of material parameters from measured evolving stress data 
of Saad et al. [2011] at 400 ºC and a strain-rate of 0.1 %/s for (a) the initial cycle 
and (b) after 800 cycles. 
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Figure 4.14: Calibration of material parameters from measured evolving stress data 
of Saad et al. [2011] at 500 ºC and a strain-rate of 0.1 %/s for (a) the initial cycle 
and (b) after 800 cycles. 

 

Figure 4.15: Calibration of material parameters from experimental data of Saad et 
al. [2011] at 600 °C and a strain-rate of 0.1 %/s for the initial and 300th cycles. 

4.6.1.2. Validation against HTLCF experimental data  

To analyse the performance of the material model, validation is conducted 

against a range of experimental data intermediate to or outside of the range 

of the calibration test conditions presented above. Hence, application of the 

model to other temperatures and strain-rates constitutes validation with 

respect to temperature and strain-rate sensitivity via interpolation and 

extrapolation. The validation model setup employs an axisymmetric FE 

(a) (b)
‐500

‐300

‐100

100

300

500

‐0.6 ‐0.3 0.0 0.3 0.6

S
tr
e
ss
 (M

P
a)

Mechanical Strain (%)

Exp
FE Model

‐500

‐300

‐100

100

300

500

‐0.6 ‐0.3 0.0 0.3 0.6

S
tr
e
ss
 (M

P
a)

Mechanical Strain (%)

Exp

FE Model

‐400

‐200

0

200

400

‐0.6 ‐0.3 0.0 0.3 0.6

S
tr
es
s 
(M

P
a
)

Mechanical Strain (%)

Exp

FE Model

N = 300

N = 1



4.   A Unified Cyclic Viscoplastic Modelling Framework for Strain-Rate 
Dependent Materials 

 

189 
 

implementation of a test specimen gauge length. As an initial step in the 

validation process, it was first established that the standalone uniaxial code 

and the UMAT implementation gave identical results for uniaxial loading 

conditions. The model results presented below are those of the UMAT and 

the loading conditions applied to the FE model are based on the isothermal 

fatigue experiments conducted by Fournier et al. [2011], Koo and Kwon 

[2011], Saad et al. [2011] and the TMF data of Saad et al. [2011], as 

summarised in Table 4.6. Within the present study, piece-wise linear 

interpolation is used to account for the variation of the material parameters 

as a function of temperature. 

Table 4.6: Isothermal fatigue experimental test conditions. 

Source Strain-Rate (%/s) Strain Range (%) 
Fournier et al. [2011]  1.00 ±0.35 

Saad et al. [2011]  0.10 ±0.50 
Koo and Kwon [2011]  0.01 ±0.60 

 

To assess the strain-rate sensitivity of the material model (and the strain-rate 

independence of the material parameters), the predicted FE results are 

compared with stress relaxation tests conducted at a variety of different 

loading conditions, temperatures and hold times on 'as received' P91 steel. 

The experimental results are obtained from data available in the literature 

(Saad et al. [2011] and Takahashi [2008]) for temperatures of 500 °C and 

550 °C. Validation is obtained by comparison with two different hold times 

of 120 s and 3500 s, which are simulated at the displacements corresponding 

to the maximum stress in Figure 4.16. The results in Figure 4.16 illustrate 

excellent agreement with the experimental data for the range of conditions 

simulated. 
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Figure 4.16: Comparison of predicted FE results with experimental stress 
relaxation data at (a) a temperature of 500 ºC for 120 s (Saad et al. [2011])and (b) a 
temperature of 550 ºC for 3500 s (Takahashi [2008]). 
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Figure 4.17: Comparison of FE-predicted and measured evolving stress-strain data 
[Koo and Kwon, 2011] at 500 ºC and a strain-rate of 0.01 %/s for (a) the initial 
cycle and (b) after 130 cycles. 

 

Figure 4.18: Comparison of FE-predicted and measured evolving stress-strain data 
[Koo and Kwon, 2011] at 550 ºC and a strain-rate of 0.01 %/s for (a) the initial 
cycle and (b) after 103 cycles. 
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Figure 4.19: Comparison of FE predicted and measured evolving stress-strain data 
[Fournier et al., 2011] at 550 °C and a strain-rate of 1.0 %/s for (a) the initial cycle 
and (b) after 2000 cycles. 
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correlation for the out-of-phase case. The results of the 400 °C to 600 °C in-

phase loading simulations are shown in Figure 4.22, where good correlation 

with the experimental data is again obtained. 

 

Figure 4.20: Comparison of FE-predicted and measured [Saad et al., 2011] 
hysteresis loops for 400-500 ºC, TMF-IP loading for (a) the initial cycle and (b) 
after 100 cycles. 

(a) (b)
‐500

‐300

‐100

100

300

500

‐0.4 ‐0.2 0 0.2 0.4

St
re
ss
 (
M
P
a
)

Mechanical Strain (%)

Exp

FE Model

‐500

‐300

‐100

100

300

500

‐0.4 ‐0.2 0 0.2 0.4

St
re
ss
 (
M
P
a
)

Mechanical Strain (%)

Exp

FE Model

(a) (b)
‐500

‐300

‐100

100

300

500

‐0.6 ‐0.3 0.0 0.3 0.6

St
re
ss
 (M

P
a)

Mechanical Strain (%)

Exp

FE Model

‐500

‐300

‐100

100

300

500

‐0.6 ‐0.3 0.0 0.3 0.6St
re
ss
 (M

P
a)

Mechanical Strain (%)

Exp

FE Model



4.   A Unified Cyclic Viscoplastic Modelling Framework for Strain-Rate 
Dependent Materials 

 

193 
 

 

Figure 4.21: Comparison of FE predicted and measured [Saad et al., 2011] 
hysteresis loops for 400-500 ºC, TMF-OP loading for (a) the initial cycle and (b) 
after 100 cycles. 

 

Figure 4.22: Comparison of FE predicted and measured [Saad et al., 2011] 
hysteresis loops for 400-600 °C, TMF-IP loading for (a) the initial cycle and (b) 
after 3 cycles. 
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conditions of an applied strain-range of ±0.5 % and strain-rate of 0.1 %/s. 

Young’s modulus is estimated as the slope of the elastic region during the 

first cycle, as shown in Figure 4.23(a, c, e). 

 

Figure 4.23: Identification of Young's modulus, E, and initial cyclic yield stress, k, 
at (a & b) 400 ºC, (c & d) 500 ºC and (e & f) 600 ºC. 
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regions following tensile and compressive load reversals as identified from 

the initial cycle. The plastic strain, εpl, at any point in the cycle is identified 

using the measured total strain, εexp, and the measured stress, σexp, such that 

Eσεε expexp
pl  . Hence, the initial cyclic stress values, k, are defined from 

the correlation presented in Figure 4.23(b, d, f) for temperatures of 400 ºC, 

500 ºC and 600 ºC. The identified elastic material parameters are presented 

in Table 4.7 for ex-service P91 steel. 

The cyclic softening material parameters are identified by determining the 

experimental cyclic softening stress, Rexp
, as defined in Section 4.5.2. From 

this experimental data, the primary, secondary and failure softening regions 

are identified. This allows the saturation values, Q1 and Q2, to be identified, 

as illustrated in Figure 4.4. The material parameters defining the rate of 

decay of cyclic softening, bi, are obtained by fitting Equation (4.46) to the 

data and optimised using the least squares optimisation function of Equation 

(4.45). Table 4.7 presents the identified material parameters. The correlation 

achieved with experimental data using the analytical model of Equation 

(4.46) is shown in Figure 4.24. 

 

Figure 4.24: Identification of cyclic softening material parameters at temperatures 
of 400 °C, 500 °C and 600 °C 
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Using the material parameter identification process outlined in Section 

4.5.3, the four NLKH material parameters are identified via application of 

the procedure to monotonic data. Firstly, the Ramberg-Osgood material 

parameters are identified as highlighted in Figure 4.9 and presented in Table 

4.2 for temperatures of 400 °C, 500 °C and 600 °C. The monotonic test data 

is then split into (i) elastic behaviour, (ii) short-range NLKH back-stress (χ1 

region) and (ii) long-range NLKH back-stress (χ2 region), as illustrated in 

Figure 4.25. The long-range NLKH back-stress region is defined as the 

region of low hardening as the material stress-response starts to stabilise 

(plateau region of Figure 4.25). Thus, the hardening modulus, C2, is quite 

low in this region.  

 

Figure 4.25: Various regions of hardening for monotonic loading. 
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Figure 4.26: Identification of the secondary hardening material parameters, C2 and 
γ2, for ex-service P91 steel at a temperature of 400 °C. 

 

Figure 4.27: Identification of the initial hardening region material parameters, C1 
and γ1, for ex-service P91 steel at a temperature of 400 °C 
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stress relaxation test data, as illustrated in Figure 4.11. The cyclic 

viscoplastic material parameters, α and β, are then determined via 
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comparison with experimental data, where the least squares fitting 

procedure is implemented to identify an optimised set of material 

parameters. The typical results achieved using the analytical material model 

are illustrated in Figure 4.28 for temperatures of 400 °C, 500 °C and 600 °C. 

The identified material parameters are presented in Table 4.7. 

 

Figure 4.28: Identification of the cyclic viscoplastic material parameters, α and β, 
from stress relaxation data using the analytical model at temperatures of 400 °C, 
500 °C and 600 °C. 

Table 4.7: Identified material parameters for ex-service P91 steel. 

Parameter 400 °C 500 °C 600 °C 

E (MPa) 183623 173074 144741 

k (MPa) 161.19 121.04 54.04 

Q1 (MPa) -34.19 -46.67 -72.90 

b1 (-) 1.52 2.00 3.02 

Q2 (MPa) -52.11 -52.11 -52.11 

b2 (-) 0.13 0.13 0.13 

C1 (MPa) 373248.61 304370.20 275130.28 

γ1 (-) 3076.85 3422.52 3397.2 

C2 (MPa) 65186.00 48484.52 38101.16 

γ2 (-) 339.451 406.73 626.64 

α (1/s) 8.0×10-7 8.0×10-7 9.0×10-7 

β (1/MPa) 0.1 0.055 0.055 
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The predicted stress-strain response for the calibration regime of an applied 

strain-rate of 0.1 %/s and applied strain-range of ±0.5 % is presented in 

Figure 4.29. The results, which are obtained using the standalone uniaxial 

code, illustrate good agreement with the experimental data across a range of 

temperatures. In Figure 4.30, the calibrated material model is applied to 

stress relaxation loading using the UMAT user material subroutine. For both 

the monotonic and stress relaxation conditions simulated, the material 

model exhibits excellent agreement with the experimental data. Similarly, in 

Figure 4.31, a comparison of the FE predicted plastic strain with 

experimental data is presented, where good agreement with the 

experimental data is achieved.  
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Figure 4.29: Comparison of the predicted stress-strain response with measured data 
for the calibration regime of an applied strain-rate of 0.1 %/s and applied strain-
range of ±0.5 % for (a) initial cycle at 400 °C, (b) 642nd cycle at 400 °C, (c) initial 
cycle at 500 °C, (d) 600th cycle at 500 °C, (e) initial cycle at 600 °C and (f) 600th 
cycle at 600 °C. 
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Figure 4.30: Comparison of the FE predicted and experimentally measured 
monotonic and stress relaxation response at temperatures of 400 °C, 500 °C and 
600 °C.  

 

Figure 4.31: Comparison of the FE predicted and experimentally measured plastic 
strain during monotonic and stress relaxation loading for temperatures of 400 °C, 
500 °C and 600 °C.  
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±0.5 % are applied at various temperatures, illustrating the ability of the 

material model to capture the cyclic softening behaviour across a range of 

strain-ranges. The stress-strain responses of Figure 4.32 are also conducted 

at a strain-rate of 0.033 %/s, a strain-rate alternative to that of calibration. 

 

Figure 4.32: Comparison of the FE predicted and experimentally measured stress-
strain response for an applied strain-rate of 0.033 %/s and varying strain-range for 
(a) initial cycle at 400 °C, (b) half-life at 400 °C, (c) initial cycle at 500 °C, (d) 
half-life at 500 °C, (e) initial cycle at 600 °C and (f) half-life at 600 °C. The solid 
lines represent the FE model prediction and the dotted lines represent experimental 
data.  
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4.6.2.3. Prediction of cyclic softening 

One of the main phenomena observed in 9-12Cr steels during fatigue 

loading is cyclic softening, as illustrated in Chapter 3. As power plants 

move to more flexible operation, heavy wall 9-12Cr steel components such 

as header units will be subjected to increased fatigue loading and hence, 

cyclic softening. This will result in a significant decrease in the creep 

strength of the material [Dubey et al., 2005; Fournier et al., 2009a; 

Fournier et al., 2009b] and reduced component life. Hence, to successfully 

capture the constitutive behaviour of the material, accurate prediction of 

cyclic softening is required. Figure 4.33 and Figure 4.34 illustrate the ability 

of the material model to capture the stress-strain response at different cycles 

for various strain-rates and strain-ranges, at temperatures of 400 °C, 500 °C 

and 600 °C. The stress-strain response in Figure 4.35 shows the effect of 

temperature variation on stress-strain response and the ability of the material 

model to predict the softening observed. 

 

Figure 4.33: FE predicted and experimentally observed stress-strain response at a 
strain-rate of 0.25 %/s and ±0.5 % applied strain-range at temperatures of (a) 400 
°C for the initial and 880th cycles and (b) 500 °C for the initial and 706th cycles.  
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Figure 4.34: FE predicted and experimentally observed stress-strain response 
following an applied strain-rate of 0.033 %/s and applied strain-range of ±0.4 % for 
the initial and 600th loop at a temperature of (a) 500 °C and (b) 600 °C. 

 

Figure 4.35: Comparison of the FE predicted (solid line) and experimentally 
measured (dotted line) stress-strain response at temperatures of 400 °C and 500 °C 
for (a) the initial cycle and (b) the half-life at an applied strain-rate of 0.025 %/s. 
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loading conditions and (ii) a broad range of strain-rates. This broad range of 

strain-rates includes intermediate strain-rate values of 5×10-4 %/s to higher 

strain-rate values in the typical experimental regime of 0.1 %/s to 0.01 %/s. 

The lower strain-rates, in the order of 1×10-7 to 1×10-10 %/s, typically 

constitute pure creep loading (i.e. where creep diffusion and migration of 

vacancies are the primary mechanisms of deformation [Hertzberg, 1996; 

Nabarro, 2002] in place of dislocation glide and climb mechanisms under 

flexible loading conditions [Ashby and Jones, 2012] as shown in Figure 

4.36) and hence, are beyond the scope of the regime of the unified cyclic 

viscoplastic material model.  

 

Figure 4.36: Deformation mechanisms and strain-rate regimes in 9-12Cr steels. 

As discussed in Chapter 3, a large strain-rate effect is observed at 600 °C 

with little or no such effect observed at 500 °C and less. To capture this 

effect, careful choice of the cyclic viscoplastic material parameters, (α and 

β), is required, via the use of Equation (4.72) in conjunction with long-term 

creep data. Figure 4.30 and Figure 4.31 illustrate the ability of the 

hyperbolic sine formulation to predict the stress relaxation behaviour (via 

comparison with measured stress and plastic-strain responses), showing 

excellent agreement with the experimental data across a range of 

temperatures. Figure 4.37 illustrates the accuracy of agreement achieved for 
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HTLCF loading conditions at varying strain-rates, demonstrating the 

capability of the model to predict the strain-rate effect.  

 

Figure 4.37: Comparison of the FE predicted and experimentally measured stress-
strain response for the initial cycle at a temperature of 600 °C and applied strain-
range of ±0.5 %. 

4.6.3. Application of the material model to MarBN 

The material model is also applied to cast MarBN under the test conditions 

of Table 3.2 to (i) calibrate, and (ii) validate, the parameter identification 

methodology and hyperbolic sine modelling framework for alternative 
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MarBN is strictly conducted under a strain-rate of 0.1 %/s at an applied 

strain-range of ±0.5 %, following the material parameter identification 

process of Section 4.5. Figure 4.38 illustrates the identification of the cyclic 

softening material parameters, bi and Qi for MarBN, as well as highlighting 

the benefit of including a second cyclic softening term. Figure 4.39 
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Equation (4.52) and Equation (4.60).  
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Figure 4.38: Identification of the cast MarBN cyclic softening material parameters 
at 600 °C. 

 

Figure 4.39: Identification of the NLKH material parameters for cast MarBN at 
600 °C. 
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relaxation behaviour (normalised against the value at the start of the dwell 

period) of ex-service P91 steel and cast MarBN. At a temperature of 600 °C, 

stress relaxation occurs at an increased rate in ex-service P91 steel. Hence, 

from Equation (4.72), a lower value of the cyclic viscoplastic parameter, β, 

is required to capture the lower values of stress relaxation during a tensile 

hold period in cast MarBN. Figure 4.41 compares the fit obtained with 

stress relaxation data during the identification procedure, where the material 

parameter, α, is identified from Equation (4.72) using a least squares fitting 

procedure. 

 

Figure 4.40: Comparison of the measured stress relaxation behaviour in ex-service 
P91 steel and cast MarBN at a temperature of 600 °C. 
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Figure 4.41: Identification of the cast MarBN cyclic viscoplastic material 
parameters using the analytical model for stress relaxation at a temperature of 600 
°C. 

Table 4.8 presents the complete set of identified material parameters for cast 

MarBN at 600 °C and Figure 4.42 illustrates the accuracy of agreement 

achieved for the initial monotonic response and subsequent stress relaxation 

behaviour under the calibration conditions. Following calibration, the 

material model and identified material parameters are validated against 

experimental data under alternative strain-rates and strain-ranges to 

investigate the performance of the material model across varying loading 

conditions, as presented below. 

Table 4.8: Identified material parameters for cast MarBN at 600 °C.  

Parameter Value Parameter Value 

E (GPa) 162 C1 (MPa) 295966 

k (MPa) 100 γ1 (-) 5488.1 

Q1 (MPa) -76.14 C2 (MPa) 61574.3 

b1 (-) 5.90 γ2 (-) 601.4 

Q2 (MPa) -73.81 α (/s) 210-6 

b2 (-) 0.25 β (/MPa) 0.031 
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Figure 4.42: Comparison of the correlation achieved with experimental data under 
the calibration regime for stress relaxation and the monotonic stress-strain response 
(inset) at 600 °C. 

Further validation of the performance of the material model is achieved via 

comparison with test data at different strain-ranges and strain-rates for 

MarBN at 600 °C. Figure 4.43 illustrates the prediction of the material 

model across different strain-ranges. Figure 4.44 highlights the prediction of 

the model for the strain-rate effect for initial and half-life cycles. These 

results also highlight the importance of using the hyperbolic sine flow rule 

in conjunction with the cyclic viscoplastic material parameter identification 

method developed in Section 4.5. The accuracy of agreement achieved 

when predicting the cyclic softening behaviour during the first 400 cycles is 
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Figure 4.43: Comparison of the FE predicted (solid line) and experimentally 
observed (dotted line) stress-strain response at temperatures in cast MarBN steel 
for (a) the initial loop and (b) the half-life cycle at an applied strain-rate of 0.01 
%/s. 

 

Figure 4.44: Measured (dotted lines) and predicted (solid line) stress-strain 
response for the initial and half-life cycles in cast MarBN at 600 °C for an applied 
strain-range of ±0.5 % at strain-rates of (a) 0.033 %/s and (b) 0.01 %/s. 
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Figure 4.45: Comparison of the maximum stress and plastic strain-range evolution 
with cycles in cast MarBN at 600 °C, a strain-rate of 0.01 %/s and applied strain-
range of ±0.5 %. 
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Figure 4.46: Comparison of Coffin-Manson predicted number of cycles to failure 
with the number of cycles to failure obtained from HTLCF tests. 
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fourteen material parameters is conducted via a step-by-step procedure, 

where the elastic material parameters are identified first, followed by the 

cyclic softening parameters and NLKH material constants from a single 

isothermal fatigue test. Finally, the cyclic viscoplastic material parameters 

are identified from stress relaxation test data to enable strain-rate effects to 

be predicted. This validated methodology is both efficient and economically 

beneficial as only two tests are required per temperature to identify a valid 

set of material parameters. Compared to other parameter identification 

methods [Lemaitre and Chaboche, 2000], this methodology allows more 

model validation to be conducted, for a similar experimental program.  

Initially, the possibility of identifying the material parameters using more 

complex identification methods, i.e. using genetic algorithms [Mahmoudi et 

al., 2011], was investigated. However, this approach can lead to 

inaccuracies in the values of material constants identified, resulting in the 

omission of strain-rate independent material constants, for instance. Such 

approaches have the potential to play an important role in the optimisation 

of material parameters if, and only if, this optimisation is conducted via 

careful selection of an initial set of material parameters, e.g. the process of 

Figure 4.6. For the material parameters identified here, this new procedure 

effectively allows for a unique set of constants to be determined for a given 

material and temperature, enabling increased confidence when interpolating 

and extrapolating to alternative loading conditions. 

The key step in the identification of a set of strain-rate sensitive material 

parameters relates to the determination of the cyclic viscoplastic material 

parameters, α and β. These parameters could be identified via correlation 

with the cyclic stress-strain data across multiple strain-rates. However, such 

an approach would require additional material data to conduct a full 

calibration and validation program. For the intermediate to low strain-rates 

required for simulating realistic plant loading conditions, this would be a 

costly and time-consuming process. Hence, the approach of identifying the 

cyclic viscoplastic material parameters from the dwell period of stress 

relaxation tests is more efficient and effective. For the hyperbolic sine 
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formulation, the analytical model for stress as a function of time during a 

dwell period is derived in Section 4.5.4. Application of the fitting procedure 

in Section 4.5 highlights the requirement for careful choice of the cyclic 

viscoplastic material parameters. A satisfactory correlation can be achieved 

with the stress relaxation test data and a selection of strain-rates. However, 

the proposed methodology of identifying the viscous parameter, β, from 

minimum creep strain-rate (MSR) data alleviates this problem and a simple 

least squares fitting procedure can be used in conjunction with Equation 

(4.72) to identify a strain-rate independent value for α. The identification of 

pure creep material parameters, αCR and βCR, and the subsequent 

determination of a scaled value of the cyclic viscoplastic parameter α, 

represents a significant step towards reconciling long- and short-term creep 

data and is the key step to capturing the strain-rate effect. As presented in 

Section 4.6, identification of the viscous parameter, β, is relatively straight 

forward, provided the relevant creep data is available.  

The NLKH parameter identification methodology presented here is an 

extension of the method derived in Zhan [2004] as successfully applied to 

316 stainless steel and P91 steel in Hyde et al. [2010] and Saad et al. 

[2011], respectively. The benefit of this approach, over the commonly used 

method of Chaboche [Lemaitre and Chaboche, 2000], is the ability to define 

NLKH material parameters for multiple back-stress terms. Furthermore, the 

Zhan method only requires calibration from a single experiment compared 

to the Chaboche method [Lemaitre and Chaboche, 2000], which requires 

test data across multiple strain-ranges. Zhan also presented results for the 

identification of the NLKH material parameters from (i) the initial 

monotonic stress-strain curve and (ii) stabilised stress-strain response. In the 

present study, only calibration from the monotonic test data (initial 

monotonic region of the first cycle), is conducted. Implementing the second 

approach of Zhan may provide slight enhancements to the choice of material 

parameters, but the quality of fits achieved in Figure 4.33 to Figure 4.35, for 

example, proved more than satisfactory.  
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As discussed in Sweeney et al. [2015], the identification of the Armstrong-

Frederick NLKH back-stress material parameters can be achieved by first 

fitting long-term parameters to tensile test data (tested to ultimate tensile 

strength or greater) and then fitting a second set of NLKH parameters to 

smaller strain ranges to capture short-range NLKH material behaviour. In 

the present work, a similar approach is employed, restricted to the initial and 

later stages of kinematic hardening within the LCF test data, as in the work 

of Saad et al. [2011]. As power plant components are subjected to plastic 

strains much less than those observed during HTLCF testing at a strain 

range of ±0.5 % [Farragher, 2013; Farragher et al., 2013a; Farragher et 

al., 2013b], the identification of NLKH material parameters from this range 

is more than adequate for future component level applications of the present 

modelling framework. For the purpose of comparison with test data, and as 

a more general recommendation, material parameter identification should be 

conducted at strain-ranges equal to or greater than the typical application to 

ensure that identified material parameters are applicable to the full test 

regime. 

The choice of the isotropic hardening model described in Equation (4.10), 

coupled with a negative Q value, as highlighted in Saad et al. [2011], allows 

for the cyclic softening behaviour of martensitic steels to be modelled, with 

reductions of up to 22 % measured in the maximum stress per cycle by Saad 

and co-workers [2011]. The inclusion of a second non-linear cyclic 

softening term in Sections 4.6.2 and 4.6.3, compared to the results presented 

in Section 4.6.1, leads to a significant improvement in the prediction of the 

cyclic softening behaviour. These improved results are presented in Figure 

4.4 and Figure 4.38 and highlight the requirement for the inclusion of an 

adequate number of softening terms, i.e. two terms required for 9-12Cr 

steels, to predict cyclic softening. Although the softening parameters are 

relatively easy to determine, precise identification of these parameters is 

required for modelling of realistic plant conditions, as the softening 

behaviour reduces the creep strength of the material. This degradation in 

material performance, in turn, adversely affects plant life. 
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At a temperature of 600 °C, the value of Qk  can become negative, 

resulting in a negative yield surface. Future work should consider including 

a constraint in the material parameter identification methodology to ensure 

that 0Qk . However, with the present constitutive model, it may be 

difficult to achieve a satisfactory fit to experimental data for both HTLCF 

and stress relaxation behaviour. Thus, alternative methods, such as the stress 

partition method [Cottrell, 1953; Keller et al., 2010; Lu et al., 2015] should 

also be considered. An alternative method to this is the concept of a 

physically-based macro-scale model, as presented in Chapter 6 and Chapter 

7. These models ensure a more realistic value of the cyclic yield stress is 

obtained and also have the capability to account for key microstructural 

mechanisms, including the evolution of the spacing of precipitates. The 

M23C6 and MX particles in 9Cr steels provide a kinematic back-stress and as 

these particles coarsen under thermal- and strain-dependent loading [Hu et 

al., 2013; Taneike, 2001], a decrease in maximum (kinematic hardening) 

stress may occur. In the current approach, such microstructural evolution is 

not accounted for and may lead to an over prediction of the level of 

softening in the material model, and hence, excessive isotropic softening. 

Lemaitre and Chaboche [2000] discuss the inclusion of a recovery term in 

the context of stainless steel and a similar term is presented for aluminium 

alloys in Felfeli et al. [2015]. Similar consideration was given in the current 

work. However, during cyclic deformation, the high-angle boundary 

quantities, i.e. blocks, packets and prior austenite grains, do not coarsen 

[Touboul et al., 2012] and the work of Sauzay and co-workers [Sauzay et 

al., 2005; Sauzay et al., 2008], has identified low-angle boundary 

annihilation as the mechanism for martensitic lath growth in 9-12Cr steels. 

Thus, the apparent recovery in 9-12Cr steels can be related to the loss of 

low-angle boundaries. For this reason, no recovery term is included in the 

current NLKH modelling framework, as cyclic softening (due to loss of 

low-angle boundaries) is adequately predicted using the current model, as 

presented in the results of Figure 4.33 to Figure 4.35. The inclusion of such 

a term would unnecessarily include additional material parameters. 

Furthermore, Sauzay and co-workers [Sauzay et al., 2005; Sauzay et al., 
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2008] proposed a suitable model to account for low-angle boundary 

annihilation. A similar model is derived and extended in Chapters 6 and 7. 

The results of the validation process illustrate that the material model can be 

used to predict the constitutive behaviour of high Cr steels across a broad 

range of strain-rates and strain ranges. This ability is typified by Figure 

4.16, which portrays the relaxation behaviour of 'as received' P91 steel, 

obtaining excellent agreement with the experimental data at 500 °C and a 

reasonable fit with the experimental data at the intermediate temperature of 

550 °C. The results depicted in Figure 4.17 to Figure 4.19 show that the 

material model is capable of reproducing the isothermal cyclic constitutive 

behaviour for the test conditions of Koo and Kwon [2011] and Fournier et 

al. [2011], to a high degree of accuracy at strain-rates of 0.01 %/s and 1.0 

%/s respectively, which lie outside the range of calibration. Similar results 

are presented in Figure 4.37 and Figure 4.44 for ex-service P91 steel and 

cast MarBN, respectively. These results show that the hyperbolic sine 

unified cyclic viscoplasticity model can accurately capture the strain-rate 

effect observed in high Cr steels under high temperature loading, to 

facilitate accurate interpolation and extrapolation from the limited range of 

experimental data typically available. This is important for simulating, and 

hence, designing for the requirements of flexible operating conditions of 

modern [Farragher et al., 2013a; Farragher et al., 2013b] and next 

generation plant. 

From Figure 4.20 to Figure 4.22, the FE predicted results show excellent 

correlation with the TMF test data of Saad et al. [2011], particularly for the 

initial cycles and in-phase loading conditions. The slight over-prediction of 

the stress range, by approximately 5 % for out-of-phase TMF, in the 400 °C 

to 500 °C temperature range, is attributed to non-optimised material 

parameters, including the coefficient of thermal expansion, and the use of a 

piece-wise linear interpolation scheme. The opportunity exists for the 

development of more complex global optimisation techniques, such as 

presented by Gong et al. [2010], Huber and Tsakmakis, [2001] and 

Mahmoudi et al. [2011], which may be used to obtain more precise material 
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parameters. The inclusion of an Arrhenius type function, following Nagode 

et al. [2011], Henshall et al. [1996] and Miller [1987], may give further 

improvements and simplification in the interpolation of material parameters 

as a function of temperature. Furthermore, the impact of the inclusion of 

temperature-rate terms in Equations (4.10) and (4.13) is found to have a 

beneficial impact for the conditions simulated here.      

The increased stress range in cast MarBN when compared to ex-service P91 

steel (approximately 120 MPa) is predominantly captured in the current 

model via (i) an increased initial cyclic yield stress value of 100 MPa 

compared with 55 MPa for ex-service P91 steel and (ii) an increased initial 

hardening modulus, C1, of 295 GPa compared with 275 GPa for ex-service 

P91 steel. Although the increased initial cyclic yield stress observed in the 

coarser cast MarBN does not appear to follow the Hall-Petch relationship, 

this is attributed here to other strengthening mechanisms, such as the solute 

strengthening due to the inclusion of tungsten and cobalt, contributing to the 

increased yield stress and hence, increased initial cyclic yield stress, k. The 

increased NLKH contribution is analogous to the increased Orowan back-

stress attributed to the reduced precipitate spacing obtained by boron 

enrichment of grain boundaries in the cast MarBN and possibly the presence 

of additional W23C6 carbides. 

The predicted number of cycles to failure presented in Figure 4.46, which 

all lie within 15 % of the values obtained experimentally, illustrates the 

ability of the current material model to replicate the plastic strain-ranges 

produced in HTLCF experiments. As plastic strain-range is a primary 

variable for most life prediction methods and coupled with the extrapolation 

capability of the hyperbolic sine formulation, it is argued that the accurate 

life prediction produced at the specimen level will provide confidence when 

applying this material model to realistic plant geometries and loading 

conditions, e.g. similar to Farragher et al. [2013a]. This accuracy of 

agreement is paramount to precise life assessment of power plant 

components subjected to TMF and determination of remaining life of 

current power plant components. 
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4.9. Conclusions 

This chapter presents the development and multi-axial implementation of a 

novel hyperbolic sine unified cyclic viscoplastic material model and step-

by-step methodology for the determination of the fourteen material 

parameters in the hyperbolic sine model. This approach enables the 

hyperbolic sine material model to predict (i) strain-range behaviour, (ii) 

strain-rate effects and (iii) cyclic softening across a range of different 

temperatures. The key novel contributions of this study are as follows:  

 An improved unified cyclic viscoplasticity model, via a hyperbolic 

sine flow rule with cyclic evolution of nonlinear isotropic and 

kinematic hardening, to achieve significantly improved strain-rate 

sensitivity for high temperature fatigue applications. This is 

important for life prediction of modern power plant under 

significantly more flexible operation modes. 

 Multi-axial implementation of the material model in a UMAT user 

subroutine, incorporating cyclic evolution of isotropic and kinematic 

hardening and creep effects under anisothermal loading conditions, 

using an implicit integration scheme.  

 The step-by-step parameter identification methodology enables the 

fourteen material parameters to be determined without the need for 

complex parameter identification methodologies, such as genetic 

algorithms.  

 The development of an analytical model for the determination of the 

cyclic viscoplastic material parameters allows the strain-rate 

behaviour of 9-12Cr steels to be predicted. As power plants 

transition to flexible operation, this ability to predict the strain-rate 

effect represents a key requirement for simulating next generation 

power plant components.  

 Calibration and validation of the hyperbolic sine unified cyclic 

viscoplastic material model is conducted for (i) 'as received' P91 

steel, (ii) ex-service P91 steel and (iii) cast MarBN. Validation is 

performed across a range of strain-ranges, strain-rates and 
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temperatures to evaluate the performance of the model across a 

broad range loading of conditions. This represents the first 

application of a viscoplastic material model to fatigue of 9Cr-3W-

3Co-NbV (MarBN) steels. 

 The incorporation of two non-linear kinematic back-stress terms is 

found to be adequate for the prediction of the kinematic behaviour 

observed in 9-12Cr steels. More terms could easily be included, but 

at the expense of identifying additional material parameters.  

 The inclusion of a second non-linear cyclic softening term allows 

significant improvements to be achieved in the prediction of the 

primary cyclic softening region over a material model with a single 

cyclic softening term.  

 The results illustrate the ability of the model to capture the strain-

rate effect of 9-12Cr steels. The identification of the viscous material 

parameters using the analytical model for stress relaxation in 

combination with the longer-term creep behaviour of P91 steels is 

found to be critical in accurately capturing strain-rate effects.  

 The modelling of TMF test conditions via temperature-rate terms in 

the evolution equations of the hardening variables and temperature-

dependent material parameters, identified from isothermal test data 

for 'as received' P91 power plant material. 

 The results of the implementation of the Coffin-Manson fatigue life 

prediction demonstrated excellent agreement with the experimentally 

observed values. The results all lie within 15 % of the experiments, 

illustrating the ability of hyperbolic sine formulation developed here 

to accurately predict the plastic strain-range observed under fatigue 

loading. 

The next chapter presents applications of the hyperbolic sine unified cyclic 

viscoplastic material model to thermo-mechanical fatigue and multi-axial 

loading conditions. Chapter 5 validates the hyperbolic sine UMAT user 

material subroutine for multi-axial loading conditions via comparison with 

notched specimen testing. The material model is also applied to a variety of 

different loading conditions to assess the ability of the multi-axial material 
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model to predict strain-rate effects across a range of temperatures and strain-

ranges.  
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5. Application of a Unified Cyclic Viscoplastic Material 

Model to Thermo-mechanical and Multi-Axial Fatigue 

5.1. Introduction 

Applications of the unified cyclic viscoplastic material model developed in 

Chapter 4 are presented in this chapter. TMF, notched specimen (NS) 

modelling and thin-walled tubing simulations are performed to investigate 

the robustness and ability of the hyperbolic sine material model across a 

broad range of loading conditions.  

The prediction of TMF behaviour represents a key loading scenario for 

modern and next generation power plants as intermittent mode operation 

comes online. As illustrated in Chapter 3, TMF loading has a significant 

effect on the life of 9Cr steels and hence, power plants under flexible 

operation. Section 5.2 focuses on simulating the constitutive behaviour of 

ES-P91 steel using the hyperbolic sine unified cyclic viscoplastic material 

model of Chapter 4.  

Section 5.3 presents numerical simulations of test specimens with notches of 

varying radii included to investigate multi-axial predictions made using the 

hyperbolic sine configuration. This section provides multi-axial validation 

of the numerical modelling methodology developed in Chapter 4 via life 

prediction using the approach of Coffin-Manson [Coffin, 1954; Manson, 

1953] and comparison with NS tests carried out on ES-P91 steel. Further 

analysis using the hyperbolic sine formulation is carried out via comparison 

with an equivalent Chaboche power law unified cyclic viscoplastic material 

model [Chaboche and Rousselier, 1983a; Chaboche and Rousselier, 

1983b]. The constitutive behaviour of the AR-P91 steel [Saad et al., 2011a] 

and fatigue life is predicted using both models, highlighting the potential 

benefits of using the hyperbolic sine formulation.  

The material model is also applied to a thin-walled tube in Section 5.4, 

which is representative of piping systems in a power plant. The material 

model is applied in the calibrated regime of 400 to 600 °C. Two simplified 



5.   Application of a Unified Cyclic Viscoplastic Material Model to Thermo-
mechanical and Multi-Axial Fatigue 

224 
 

pressure-temperature cycles are simulated in this study, (i) a low pressure 

regime illustrative of subcritical plant operation and (ii) a high pressure 

loading to simulate typical pressures observed in an ultra-supercritical 

power plant. Ratchetting is predicted in some cases and failure is predicted 

using a ratcheting life assessment methodology [Mohd Tobi et al., 2009; 

Zhang et al., 2011].  

5.2. Simulating thermo-mechanical fatigue in ex-service P91  

To provide further validation of the UMAT user material subroutine and the 

step-by-step material parameter identification methodology developed in 

Chapter 4, TMF simulations are carried out on the ES-P91 specimens as per 

the TMF test conditions presented in Chapter 3. As these tests are conducted 

under anisothermal conditions at different strain-rates to that of calibration, 

this validation represents verification of the model’s ability to predict (i) 

strain-rate effects and (ii) capture the effects of thermal transients, such as 

those presented in Figure 1.2a. 

Figure 5.1 illustrates the comparison of the FE predicted stress-strain 

response for the initial and 300th hysteresis loops at two different strain-rates 

in the 400 °C to 600 °C temperature range for TMF-IP loading conditions. 

Initially, the model achieves an excellent fit with the measured data. 

However, the correlation achieved for the 300th loop in all cases is inferior 

to that of the initial cycle. A similar result is achieved for the out-of-phase 

(TMF-OP) case in the same temperature range and applied strain-rates, as 

presented in Figure 5.2. The poorer fit obtained for the lower temperature 

regions of the loops at the later cycles is indicative of non-optimised cyclic 

softening material constants. It is anticipated that further refinement of these 

parameters would achieve a better fit.  
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Figure 5.1: Effect of strain-rate on TMF-IP behaviour for (a) initial cycle at an 
applied strain-rate of 0.033 %/s, (b) the 300th cycle at 0.033 %/s, (c) initial cycle at 
0.025 %/s and (d) 300th cycle at 0.025 %/s in the 400 °C to 600 °C temperature 
range. 
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Figure 5.2: Effect of strain-rate on TMF-OP behaviour for (a) initial cycle at an 
applied strain-rate of 0.033 %/s, (b) the 150th cycle at 0.033 %/s, (c) initial cycle at 
0.025 %/s and (d) 150th cycle at 0.025 %/s in the 400 °C to 600 °C temperature 
range. 

Figure 5.3 highlights the ability of the material model to operate across 

various strain-ranges. These results correspond to different strain-rates to 

those used for calibration. Once again, an excellent correlation is achieved 

for the high temperature portion of the curve throughout. However, the issue 

of non-optimised cyclic softening parameters is evident from the results 

presented.  
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Figure 5.3: Comparison of the measured and predicted stress-strain response for an 
applied strain-rate of 0.033 %/s and varying strain-range for (a) TMF-IP initial 
cycle, (b) TMF-IP 280th cycle, (c) TMF-OP initial cycle and (d) TMF-OP 150th 
cycle in the 400 °C to 600 °C temperature range. 

5.3. Multi-axial modelling of notched specimens 

Multi-axial loading conditions are investigated in the form of simulating test 

specimens with a notch included. In this work, two cases are considered, (i) 

simulations of the test specimen of Figure 3.6 with a notch radius of 0.5 mm 

included and (ii) numerical modelling of NS tests carried out on ES-P91 

steel. Firstly, the results of the NS experiments are presented. 

5.3.1. Notched specimen experiments 

NS tests were carried out on the ES-P91 steel as a first step in the multi-

axial validation of the UMAT user material subroutine. The NS design is 
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based on the specimen presented by Kupkovits and Neu [2010] and also on 

the now expired ASTM Standard Test Method for Sharp-Notch Tension 

Testing with Cylindrical Specimens [ASTM E602-03]. The final specimen 

design is presented in Figure 5.4. 

 

Figure 5.4: Geometry of the NUI Galway notched specimen design for HTLCF 
loading. 

Due to the limited availability of ES-P91 test material, only a single test 

result is presented here, with future work planned to obtain similar results 

using P91 from a different source and also other materials such as 316 

stainless steel. Figure 5.5a presents the force-displacement response for the 

various cycles in the test carried out under a nominal applied strain-range of 

±0.2 % and applied strain-rate of 0.1 %/s at 500 °C. Due to the 

inhomogeneous stress state in the NS, a measured stress-strain response is 

not available. The small area within the force-displacement hysteresis loops 

indicates the existence of localised (notch) plasticity. The evolution of 

maximum force as a function of cycles is presented in Figure 5.5b, where as 

expected, considerable cyclic softening is evident. A comparison with 

corresponding smooth specimen (SS) result at an applied strain-range of 

±0.5 % is also included in Figure 5.5b. The increased LCF life (failure is 

taken here to correspond to a 20 % load drop after the first 150 cycles) in 

the NS is possibly due to the local applied strain in the notch region being 

less than the ±0.5 % applied to the SS.  
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Figure 5.5: Measured (a) force-displacement response and (b) evolution of 
maximum load as a function of cycles for a notched specimen test carried out at 
500 °C under a nominal applied strain-rate of 0.1 %/s and nominal applied strain-
range of ±0.2 %. 

5.3.2. Application of material model to notched geometry 

Firstly, a NS geometry was analysed based on the smooth fatigue test 

specimen (Figure 3.6). A notch of radius 0.5 mm was introduced at the 

midpoint of the gauge length (see Figure 5.6). The specimen has an axial 

stress concentration factor of 2.9, where the nominal stress is based on the 

stress remote from the notch root. Figure 5.7 depicts the stress ranges 

covered by the uniaxial and notch test specimens at 600 °C, along with the 

correlation achieved by the hyperbolic sine model to the experimental data 

of Kloc et al. [1998] and Sklenička et al. [2003]. The comparison with the 

minimum creep-rate data of Figure 5.7 illustrates the ability of the material 

model to operate across a broad range of strain-rates and hence, reliable 

extrapolation from accelerated laboratory test conditions to typical strain-

rates corresponding to modern plant conditions [Farragher et al., 2013a; 

Farragher et al., 2013b; Nabarro, 2002].  

‐20

‐15

‐10

‐5

0

5

10

15

20

‐0.2 ‐0.1 0 0.1 0.2

Lo
a
d
 (
k
N
)

Displacement (mm)

N=1

N=2000

(a) (b)

0

4

8

12

16

20

0 500 1000 1500 2000 2500

M
ax
im

u
m
 L
o
a
d
 (
k
N
)

Number of Cycles

SS

NS



5.   Application of a Unified Cyclic Viscoplastic Material Model to Thermo-
mechanical and Multi-Axial Fatigue 

230 
 

 

Figure 5.6: The notched specimen gauge length, axisymmetric FE mesh and 
symmetrical boundary conditions. 

 

Figure 5.7: Comparison of the hyperbolic sine material model with the 
experimental data of [Kloc et al., 1998; Sklenička et al., 2003], illustrating the 
uniaxial test range and the simulated NS range. 

A nominal strain-rate of 0.1 %/s and a nominal strain-range of ±0.5 % (see 

Figure 5.8) is applied to the NS. The nominal strain here is the average 

strain applied to the gauge length of the specimen of Figure 5.6, which 

corresponds to the applied displacement divided by the gauge length. The 

nominal stress is the total load across the unnotched section of the gage 

length, i.e. remote from the notch section of Figure 5.6, e.g. section A-A. 
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Figure 5.9 shows a comparison of the predicted responses for the initial and 

50th cycles for the smooth (SS) and notch specimen (central axis and notch 

root), at 600 °C. The results presented in Figure 5.9 illustrate the effect of 

the notch on local stress-strain range. 

 

Figure 5.8: Strain-controlled loading conditions for a nominal strain-rate of 0.1 %/s 
and nominal strain-range of ±0.5 %. 

 

Figure 5.9: Axial stress-strain response for the (a) initial cycle and (b) 50th cycle at 
a temperature of 600 °C with a nominal strain-range of ±0.5 % and nominal strain-
rate of 0.1 %/s. 

In multi-axial creep and plastic failure, triaxiality, and hence hydrostatic 

stress, represent key parameters for failure [Zhao et al., 2012]. The 

hydrostatic stress is the average of the three normal stress components, i.e: 

 332211k 3

1    (5.1) 

Figure 5.10 illustrates the predicted distributions of hydrostatic stress (a) 

and axial plastic strain range (b) with radial position from the central axis to 
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the initial elastic regime ( yσσ  ), the highest stress is observed at the notch 

root. Under viscoplastic behaviour, yielding and the maximum plastic strain 

are predicted at the notch root. As the loading increases, the maximum 

hydrostatic stress redistributes away from the notch root. The hydrostatic 

stress reduces to an almost constant value towards the centre of the 

specimen. This result is consistent with the work of Flavenot and Skalli 

[1989] and Zhang et al. [2012]. As the cycles increase, the stress from an 

initial peak distribution (N=1), reduces due to the cyclic softening behaviour 

of P91 steel [Saad et al., 2011a; Fournier et al., 2009b], as illustrated in 

Figure 5.9 and Figure 5.10. The high localisation of the stress relatively 

close to the notch root (see Figure 5.10a) is concomitant with a high 

localisation of plastic strain in the zone surrounding the notch root as 

highlighted in Figure 5.10b. However, away from the notch root, a 

significant portion of the specimen has a strain value slightly lower than the 

nominal applied strain of ±0.5 %. Initially the maximum von Mises stress is 

predicted at the notch root, but with increased time is predicted to 

redistribute circumferentially around the notch to a region labelled ‘A’ in 

Figure 5.11. Figure 5.11 also illustrates the predicted redistribution of von 

Mises stress in terms of the FE contour plots at times of 2 s and 505 s 

respectively. This redistribution of von Mises stress around the notch root is 

related to the time-dependent behaviour of the model (in a similar manner to 

creep stress redistribution, as presented in [Eggeler and Wiesner, 1993], for 

example). For conventional J2 plasticity, this redistribution of von Mises 

stress is not observed, as presented in Figure 5.12 for (i) J2 plasticity, (ii) the 

Chaboche, power law unified cyclic viscoplasticity model and (iii) the 

hyperbolic sine unified cyclic viscoplasticity model. The J2 plasticity model 

is the combined non-linear kinematic and isotropic hardening model built 

into the commercial FE code, Abaqus. Furthermore, the location of 

maximum principal stress is also found to be consistent with the location of 

failure in the notched specimen tests, as discussed in more detail in Section 

5.3.3 below. 



5.   Application of a Unified Cyclic Viscoplastic Material Model to Thermo-
mechanical and Multi-Axial Fatigue 

233 
 

 

Figure 5.10: FE-predicted variation of (a) hydrostatic stress and (b) axial plastic 
strain-range with radial position for various cycles, illustrating the effect of stress 
redistribution and cyclic softening of P91 steel. 

 
Figure 5.11: FE-predicted von Mises contour plots produced by the hyperbolic sine 
material model at 2 s (N < 1) and 505 s (N = 25), under strain-controlled HTLCF 
loading conditions. 
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Figure 5.12: Contour plots of FE predicted (a) von Mises stress and (b) maximum 
principal stress using the NLKIH, Chaboche and hyperbolic sine models. The 
results correspond to a time of 5 s. 

As the FE predictions illustrate, the inclusion of a stress concentration in the 

form of a notch has a considerable effect on the performance of P91 steel. 

This is predicted to cause a significant reduction in life based on a C-M 

prediction. From the HTLCF experiments conducted by Saad et al. [2011a; 

2011b] and subsequent identification of the Coffin-Manson constants for 

P91 steel in Saad et al. [2011b], εf’ has a value of 0.225 and c is -0.577 at 

600 °C.  

 

Table 5.1 contains the C-M predictions for the SS and NS cases, illustrating 

the influence of the stress concentration on the predicted life in both cases. 

The predicted results for the SS case, via comparison with fatigue life data 

of Saad [2012], are within 12 % of the experimentally observed values. The 
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result of the C-M prediction is based on the value of highest axial plastic 

strain range. Future work will investigate a critical plane approach to 

identify the plane of maximum plastic strain-range and account for the 

multi-axial effects of the inclusion of a notch.  

 

Table 5.1: C-M life prediction at 600 °C for the smooth and notched specimens. 

 Test Case 
Model Smooth specimen Notched specimen 

Hyperbolic sine 728 25 
Power law 743 35 

Experimental [Saad, 2012] 656 - 
 

 

Table 5.1 also presents a comparison between the hyperbolic sine model and 

widely used Chaboche unified power law model [Chaboche and Rousselier, 

1983a; Chaboche and Rousselier, 1983b], described using the model of 

Equation (2.8). The Chaboche model is implemented using the constants 

identified by Saad et al. [2011a]. In Figure 5.13a, the stress-strain response 

produced by both models for the initial loop at the position labelled ‘axis’ in 

Figure 5.6 are presented; almost identical results are obtained. At this 

position, the material response is close to the nominal loading conditions 

and thus, the excellent comparison in Figure 5.13a is expected as this is 

close to the regime of calibration in both cases. Figure 5.13b presents 

predicted responses at the notch root. The effect of the stress concentration 

is observed to cause a considerable difference between the two models. The 

power law model predicts a significantly lower plastic strain-range, leading 

to a 28 % higher predicted life, as shown in Table 5.1. Referring to Figure 

5.13, the hyperbolic sine model is correlated with experimental data across 

the full range of test data, giving confidence for extrapolation. The power 

law model is a linear approximation to a relatively small range of test data 

and should only be used within that calibrated range of strain and strain-rate. 

Hence, for this application to the notch root or similar stress (and hence 

strain-rate) concentrations in realistic applications, it is argued that the 

hyperbolic sine model is more suitable. A closely related issue is that of 

extrapolation from common laboratory test conditions (typically 
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comparatively high strain-rate) to realistic (much slower strain-rate) 

conditions. It is likewise argued here, based on Figure 5.13 and the results 

presented, that the present (hyperbolic sine) model is more suitable and 

reliable for this purpose. 

 

Figure 5.13: FE predicted stress-strain response produced by both the hyperbolic 
sine and power law material models at (a) the axis of symmetry for the initial loop 
and (b) at the notch root for the 50th cycle. 

5.3.3. Multi-axial validation of the UMAT subroutine 

The UMAT subroutine is validated for multi-axial loading conditions via 

comparison with the notched specimen tests presented in Section 5.3.1. As 

stress and strain at the notch tip were not measured during the experiments, 

a measure of validation is presented here based on comparison of predicted 

and measured numbers of cycles to failure. The logic here is that successful 

prediction of local plastic strain will lead to successful prediction of cycles 

to failure. In the present study, this is achieved by application of the Coffin-

Manson (C-M) relationship [Coffin, 1954; Manson, 1953], presented in 

Equation (3.1). The Coffin-Manson material parameters for P91 steel and 

ES-P91 steel are presented in Table 3.4.  

Simulations of the NS fatigue tests were conducted at 500 °C and under 

nominal (remote) loading conditions of a strain-rate of 0.1 %/s and applied 

nominal strain-range of ±0.2 %. The FE mesh is presented in Figure 5.14, 

along with the assumed loading and boundary conditions. Coffin-Manson 

finite element life prediction is made here using the maximum viscoplastic 

strain in the axial (loading) direction. The predicted C-M results for the 

notched specimen, along with uniaxial HTCLF results are presented in 
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Figure 5.15, where the results all lie within 20 % of the experimentally-

observed values. This gives confidence in the applicability of the hyperbolic 

sine UMAT subroutine to multi-axial (notched) conditions, albeit in 

conjunction (here), necessarily, with the C-M relationship.     

 

Figure 5.14: FE model (a) mesh and boundary conditions and (b) loading 
conditions for the notched geometry for multi-axial validation of the UMAT 
subroutine. 

 

Figure 5.15: C-M predicted and experimentally observed fatigue life for ES-P91 
including comparison of the NS result. 

The location of failure in the notched specimen is also investigated. 

Through optical microscopy, the location of the primary fatigue crack was 
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measured and predicted crack location is seen to be slightly away (at 

location C in Figure 5.16) from the minimum ligament segment (transverse 

plane of symmetry, |AB|). The FE model assumes that the location of 

maximum viscoplastic strain is the location of the primary fatigue crack, 

further illustrating the ability of the UMAT user material subroutine to 

predict multi-axial loading effects.  

 

Figure 5.16: Comparison of the FE-predicted location of maximum viscoplastic 
strain at the 1074th cycle and location of experimental failure observed using 
optical microscope. 

The maximum von Mises stress for the 1074th cycle is also observed at 

location C in Figure 5.17, just ahead of the notch tip in the notch root 

region. This result is expected due to the use of a time-dependent flow rule 

(viscoplasticity induced stress redistribution) and also as the notch tip starts 

to yield first and hence, the plasticity produces a lower stress when 

compared to the region just ahead of the notch tip. Furthermore, the location 

of the maximum equivalent stress in Figure 5.17 are consistent with the 

location of failure in the tested specimen of Figure 5.16. 
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Figure 5.17: FE-predicted equivalent stress distribution in the notched specimen 
geometry for the 1074th cycle at 500 °C. 

The elastic-plastic stress concentration factor (SCF) for this geometry, 

calculated as the maximum von Mises stress relative to the remote nominal 

applied stress is 2.38. For a typical tube, with a nominal hoop stress of 77 

MPa to 122 MPa (internal pressures 17 MPa, subcritical operation, or 27 

MPa, ultra-supercritical plant operation, respectively) with a SCF of 2.38, a 

discontinuity or branched connection will produce stress concentrations and 

viscoplasticity, leading to creep-fatigue deformation. 

5.4. Modelling of thin-walled tubes 

The material model is applied to the case of a thin-walled pipe with uniform 

temperature across the pipe wall, with geometry as in Figure 5.18, subjected 

to pressurised TMF loading conditions as per Figure 5.19. Two different 

cyclic (R=0) operating pressures are considered, a low pressure (LP) case of 

17 MPa and a high pressure (HP) case of 25 MPa. The former is 

representative of current (subcritical) plant operating conditions and the 

latter of future ultra-supercritical (USC) conditions. The calculated hoop 

stress-strain relationships for the two maximum cycling pressures are 

illustrated in Figure 5.20.  

C
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Figure 5.18: FE model setup for the axisymmetric thin-walled pipe geometry. 

 

Figure 5.19: TMF-OP loading conditions for the pressure and temperature cycle 
corresponding to a temperature rate of 0.33 °C/s. 

In both cases, ratchetting is predicted initially, with significantly more 

severe values of ratchet strain predicted for the HP case. For the LP case, 

the predicted effect of ratchetting reduces to plastic shakedown as the cycles 

increase. However, as depicted in Figure 5.21, the effect of ratchetting 
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increases with the number of cycles due to the increased operating pressure 

for the HP case and this illustrates the need to account for the potential of 

ratchetting as a failure mechanism in thin-walled tubes as plant operating 

pressures increase. The number of cycles to ratchetting failure, Nr, may be 

estimated by the following equation [Mohd Tobi et al., 2009; Zhang et al., 

2011]: 
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where εc is a critical strain, typically taken to be the material ductility, Δεr is 

an equivalent ratchet strain in a cycle and Δεij
r are the increments in ratchet 

strain components. Assuming a material ductility of 4 % [Klueh and Vitek, 

1989], application of Equation (5.2) predicts 240 cycles (~4 yrs) to failure 

by ratchetting for the HP case. These results highlight potential issues in 

moving to higher pressures, e.g. USC loading conditions, and the need to 

conduct life analysis of plant components under increased pressure loading 

and realistic temperature-pressure histories [Farragher et al., 2013a; 

Farragher et al., 2013b]. It is also noted that future work should assess the 

ability of alternative non-linear kinematic hardening (NLKH) models to 

predict the effects of ratchetting accurately, as the Armstrong-Frederick 

NLKH model is known to over-predict ratchet strain [Yaguchi and 

Takahashi, 2005b]. 

 

Figure 5.20: FE-predicted hoop stress-strain response for TMF-OP loading in the 
400-600 °C temperature range and cycling pressure for (a) HP and (b) LP loading 
conditions. 
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Figure 5.21: FE-predicted (a) hoop mechanical strain and (b) hoop ratchet strain, 
plotted as a function of the number of cycles illustrating the effect of ratchetting 
observed for the conditions outlined in Figure 5.19. 

5.5. Discussion 

The results in Figure 5.16 and Figure 5.17 illustrate the ability of the UMAT 

user material subroutine developed in Chapter 4 to predict the constitutive 

behaviour of multi-axial behaviour of materials. This is achieved here via 

the comparison of fatigue life using the Coffin-Manson LCF life prediction 

model [Coffin, 1954; Manson, 1953] and comparing the location of 

maximum plastic strain with that of macroscopic cracking. These results 

illustrate an initial validation of the multi-axial capabilities of the developed 

model. In future work, it is planned to carry out digital image correlation 

(DIC) of notched specimens under fatigue loading to further validate the 

ability of the constitutive model to predict the correct strain-field via 

comparison with the strain contour plot produced by the DIC and the strain 

contour plot from FE modelling.  

The contribution of triaxial stress is quantified in Figure 5.10a via 

consideration of the hydrostatic stress (triaxial stress is proportional to the 

ratio of hydrostatic stress to von Mises equivalent stress). For multi-axial 

loading conditions, stress triaxiality is well known to play an important role 

in the failure of materials under plastic and creep deformation via a 

reduction in material ductility locally at a point. Triaxiality can therefore 

lead to cleavage fracture as the stress increases locally or by promoting the 

formation of microvoids in the material at existing inclusions. As loading 

continues, these microvoids coalesce resulting in ductile fracture of the 

material, as per the model of Rice and Tracey [1969]. In 9Cr steels, 
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inclusions such as M23C6 precipitates dispersed along boundaries are 

potential sites for microvoid formation under triaxial stress states. Thus, in 

terms of life prediction, stress triaxiality can play an important role in crack 

initiation and must therefore be considered in any multi-axial life prediction 

model. This is the subject of ongoing work by [Li et al., 2015] and 

illustrates the requirement to consider the effect of microstructure when 

predicting (i) the constitutive behaviour and (ii) failure of power plant 

components. Hence, the development of a multi-scale modelling framework 

for 9Cr steels is discussed in Chapters 6 and 7, including the development of 

a microstructure-sensitive modelling framework at the continuum level. 

The ability of the hyperbolic sine and Chaboche power law flow rules to 

predict strain-rate effects are presented in Figure 5.13 for multi-axial 

loading conditions. The results of this section highlight the requirement for 

reliable extrapolation to strain-rates alternative to those for which 

calibration was carried out. For the case of power plant applications, this 

represents a key requirement as power plants typically operate at low-to-

intermediate strain-rates during flexible operation of power plants 

[Farragher, 2014], and this extrapolation capability is crucial to the 

successful development of a material model. The ability of the hyperbolic 

sine formulation to reliably extrapolate from experimental loading 

conditions to realistic operating conditions is highlighted in Figure 5.7 and 

is assessed in Chapter 7 for the intermediate strain-rate tests carried out on 

the ES-P91 steel in Chapter 3. Furthermore, the results presented in Figure 

5.1 and Figure 5.2 illustrate the ability of the hyperbolic sine material model 

to capture the strain-rate effect under TMF loading conditions, albeit over a 

relatively narrow range, at strain-rates alternative to those for which 

calibration is carried out. 

The final multi-axial loading case considered here is the case of simulating 

thermo-mechanical loading of a thin-walled piping geometry. Considerable 

ratchetting was predicted by the FE model for higher operating pressures, 

values which equate to that of USC plant operation. Although the thermal 

load is relatively representative of realistic plant conditions (the rate of 

temperature change was estimated from the thermal transients of Figure 
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1.2a), it must be noted that the mechanical loading cycle here is quite 

severe, leading to harsher loading conditions. However, the result does 

highlight possible issues and a potential mode of failure for thin-walled 

tubing with more complex geometries in USC power plant components. 

Furthermore, the choice of NLKH material model can have an important 

role in the predicted material response. In the present framework, the NLKH 

Frederick-Armstrong model [Frederick and Armstrong, 2007] is used to 

provide the back-stress. For uniaxial, strain-controlled loading conditions, 

this model provides excellent results. Although the Frederick-Armstrong 

NLKH model is implemented in Chapters 4 and 5 of this thesis, moving to 

multi-axial loading conditions, some important limitations of the Frederick-

Armstrong NLKH model must be understood and accounted for. Firstly, 

Ziegler [1959] noted that the Prager NLKH model [Prager, 1956] 

(Frederick-Armstrong model without the recall term) provides the correct 

behaviour for 1D uniaxial loading conditions – for 1D loading conditions, 

the Prager and Ziegler models revert to the same equation. However, for 2D 

and 3D cases, there exists a deficiency in the Frederick-Armstrong NLKH 

model. Secondly, the Frederick-Armstrong NLKH model is not capable of 

predicting the effects of ratcheting to the same degree of accuracy as other 

models, such as the Ohno and Wang model [Abdel-Karim and Ohno, 2000; 

Ohno and Wang, 1993a; Ohno and Wang, 1993b; Ohno and Abdel-Karim, 

2000], for instance. Yaguchi and Takahashi discuss this limitation in detail 

elsewhere [Yaguchi and Takahashi, 2005b], concluding that the Frederick-

Armstrong NLKH model tends to over-predict the effects of ratcheting. To 

corroborate this assumption, the current material model should be compared 

with ratcheting loading tests, e.g. such as the tests performed by Yaguchi 

and Takahashi [2005a] or Farragher [2013] for the ES-P91 steel tested in 

Chapter 3, and modifications to the current framework should be 

incorporated to account for such behaviour. Finally, the kinematic back-

stress in 9-12Cr steels is due to the presence of a variety of microstructural 

strengthening mechanisms, including (i) solid solution strengthening, (ii) 

M23C6 and MX precipitate strengthening and (iii) dislocation strengthening 

due to the presence of dislocation pile-ups at high-angle boundaries. As 
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these strengthening mechanisms contribute different forms of back-stress 

under different loading conditions, and also evolve as the microstructure 

degrades, the ideal model for kinematic back-stress should account for each 

of these strengthening mechanisms. The development of such a model is 

one of the objectives of Chapters 6 and 7.  

5.6. Conclusions 

The UMAT user material subroutine developed in Chapter 4 is applied here 

to numerous different loading applications for variable strain-rate sensitivity 

during high temperature fatigue of P91 steel, including (i) comparison with 

thermo-mechanical fatigue test results, (ii) notched specimens and (iii) a 

thermo-mechanically pressurised thin-walled pipe. The study concludes 

that: 

 The hyperbolic sine material model has the ability to operate across 

a large stress and strain-rate regime, as typically observed under 

realistic loading and geometry conditions, and with the ability to 

allow reliable extrapolation from high-rate laboratory test conditions 

to low-rate plant conditions. 

 When applying material models to conditions outside the regime of 

calibration, care must be exercised to ensure reliable results. The 

present novel constitutive model predicted a notch (Coffin-Manson) 

fatigue life of 28 % less than the power-law model, for almost equal 

smooth specimen lives. The power law is considered to be unsafe for 

this example case. 

 For pressurised TMF loading of thin-walled pipes, ratchetting is 

predicted to be a candidate mode of failure, with increased pressure 

predicted to significantly increase the ratchet rate and strain, and 

hence reduce component life. 
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6. A dislocation-based model for high temperature cyclic 

deformation of 9-12Cr steels 

6.1. Introduction 

This chapter is concerned with the development of a dislocation-mechanics 

modelling methodology for 9-12Cr ferritic-martensitic steels under high 

temperature loading conditions. The motivations for the development of 

such a model are: 

 To provide a mechanistic link between crystal plasticity modelling at 

the micromechanical level (e.g. [Li et al., 2013b; Golden et al., 

2014]) and microstructurally informed-modelling at the component 

level.  

 To enable more accurate simulation of the complex interactions 

between the physical strengthening mechanisms and the primary 

mechanisms of deformation for 9-12 Cr steels. 

 To facilitate development of a continuum level material model to 

allow the complex heterogeneous behaviour of welded connections 

to be predicted during high temperature thermo-mechanical 

deformation. 

6.2. Strengthening mechanisms of 9-12Cr steels 

The microstructure of 9-12Cr steels is a complex precipitate and solute 

strengthened martensitic microstructure, designed for high creep strength at 

high temperatures and formed due to careful consideration of the heat 

treatment process. The primary strengthening mechanisms of 9-12Cr steels 

are illustrated in Figure 6.1. 
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Figure 6.1: Strengthening mechanisms in 9-12Cr steels.  

The microstructure is hierarchical in nature, consisting of prior austenite 

grains (PAGs), packets and blocks, all of which are high angle grain 

boundaries (HAGBs). The dimension of prior austenite grains, which form 

during the austenitisation phase of heat treatment, is in the range of 20 to 

150 μm [Das et al., 2009] and have an angle of misorientation of 60° 

between neighbouring grains. Blocks are defined as regions with a typical 

dimension of 3 to 4 μm [Sauzay et al., 2005] and an angle of misorientation 

of approximately 45° between adjacent blocks. The HAGBs in 9-12Cr steels 

increase strength via dislocation interactions, whereby mobile dislocations 

approach the HAGBs and the high level of disorder at the boundary will 

cause dislocations to pile-up and hence, retard plastic deformation.  

Dislocation substructures of low-angle boundary (LAB) martensitic laths 

are located within the block structures, with typical martensitic lath widths 

in the range of 0.3 to 1 μm [Abe, 2008; Giroux, 2011; Saad et al., 2011b; 

Sauzay et al., 2005; Sauzay et al., 2008] and angles of misorientation of less 

than 5°. The LABs provide strengthening by impeding the motion of mobile 

dislocations and the maintenance of a high yield stress. As the smallest grain 

dimension in 9-12Cr steels, martensitic laths play a key role in the 
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dislocation behaviour, as well as controlling the cyclic softening 

microstructural degradation mechanism. 

Solid solution strengthening in 9-12Cr steels exists predominantly in the 

form of molybdenum and tungsten solutes. Due to the large atomic size of 

these particles, Mo and W provide substitutional solid-solution 

strengthening as illustrated schematically in Figure 6.1, where Mo or W 

atoms take the place of Fe atoms in the lattice structure, thereby increasing 

the yield strength of the material by retarding the motion of mobile 

dislocations. Similarly, the inclusions of Mo and W in the chemical 

composition are known to contribute to the high creep strength of 9Cr steels 

[Hald, 2008]. Other elements such as carbon and nitrogen can provide solid-

solution strengthening in interstitial form [Abe et al., 2008], thereby 

increasing the creep strength of the material. 

In the initial microstructure, two main precipitate types are present; (i) 

M23C6 carbides dispersed along grain and martensitic lath boundaries and 

(ii) MX type particles within the martensitic lath interiors. M23C6 carbides, 

where M can represent Fe, Cr, Mo or W, are a key strengthening mechanism 

for 9Cr steels, with thermally stable precipitates being required to maintain 

a high creep strength (e.g. Mo is found to provide accelerated M23C6 carbide 

coarsening, with W known to retard the growth of M23C6 carbides 

[Maruyama et al., 2001]). M23C6 carbides initially have a mean diameter in 

the region of 65 to 130 nm [Maruyama et al., 2001], with a volume fraction 

of approximately 2 % [Abe, 2008]. The nano-scale MX particles, primarily 

present in the form of VN and NbC particles, are thermally stable particles 

with a typical diameter of 10 to 40 nm [Abe, 2008; Ennis and Czyrska-

Filemonowicz, 2002; Panait et al., 2010b]. The mechanism for hardening 

via these precipitates has been identified by Sauzay and co-workers [Giroux, 

2011; Sauzay et al., 2005; Sauzay et al., 2008] and Panait et al. [2010a; 

2010b] as bowing out of mobile dislocations pinned at obstacles, for both 

high temperature cyclic and creep deformation respectively, as depicted in 

the TEM images of Figure 2.49. Thus, it is concluded that the mean 

precipitate radius in the tempered microstructure is too large for particle 
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shearing to occur, resulting in higher strengthening for smaller precipitate 

diameters, as illustrated in Figure 6.2. 

 

Figure 6.2: Schematic representation of a dislocation interacting with precipitates 
in the form of particle shearing and the production of Orowan loops. 

During long-term, high temperature creep exposure, both Laves phase 

(Fe2Mo and Fe2W) and complex Z-phase Cr(Nb,V)N precipitation occurs. 

Laves phase precipitates form at the expense of the Mo and W solid-

solution strengthening mechanism. Although the Laves phase particles 

provide an initial pinning mechanism, they coarsen to diminish their 

contribution to the overall strength of 9Cr steels [Hu et al., 2011]. The Z-

phase particles form at the expense of the thermally stable MX precipitates 

and their precipitation is found to reduce the creep strength of the material 

[Abe, 2008]. Thus, the instantaneous spacing of precipitates and 

concentration of solutes represent key microstructural parameters for 9-12Cr 

steels. 

6.2.1. Cyclic softening 

One of the key contributions to a loss of strength in 9-12Cr steels under 

fatigue, TMF and fatigue-creep loading conditions is cyclic softening 

[Sauzay et al., 2005], which typically occurs in materials with a high initial 
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dislocation density. The significant measured effects of cyclic softening on 

the material stress-strain response are presented and discussed in Chapter 3 

for the ES-P91 steel of the present study. The work of Sauzay et al. [2005; 

2008] concluded that the physical mechanisms behind cyclic softening in 9-

12Cr steels are: (i) a loss in overall dislocation density, (ii) a loss of the 

LAB dislocations eventually resulting in a disappearance of the LAB and a 

decrease in the angle of misorientation between LABs, (iii) a subsequent 

coarsening of the martensitic lath microstructure and (iv) precipitate 

coarsening at higher temperatures. Due to the presence of M23C6 precipitates 

along boundaries, it is assumed that HAGBs (PAGs, packets and blocks) do 

not coarsen due to cyclic deformation. Coarsening of LABs is attributed 

here to the mechanism of LAB annihilation in which the angle of 

misorientation reduces to zero. As Sauzay and co-workers [2008] have 

illustrated for lath coarsening, the M23C6 precipitates, which were originally 

present on LABs, remain behind after the LAB has disappeared and form 

part of the coarsened lath interior. 

6.3. Dislocation-based material model 

The material model is defined in terms of a number of micro-structural 

variables describing the main strengthening and cyclic softening 

mechanisms, within the hyperbolic sine flow rule framework developed in 

Chapter 4. The increment in stress, Δσ, presented in uniaxial form here, is 

defined using Hooke's law: 

 plel   EEσ  (6.1) 

where E is Young's modulus and Δεel, Δε and Δεpl are the increments in 

elastic, total and viscoplastic strain, respectively. To enable more accurate 

extrapolation from the strain-rates conducted in laboratory experiments to 

the strain-rates typically observed in realistic plant, a hyperbolic sine 

material model is used to simulate strain-rate sensitivity and strain-rate 

independence of the material parameters. Thus, the flow rule for the 

increment in viscoplastic strain is defined using the following equation set: 
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   b
pl sgnsinh σσβfαε   

(6.2) yb σσσf   

plεp    

where f is the viscous stress for f ≥ 0 and defines the elastic domain for f < 0,

p  is the accumulated effective viscoplastic strain-rate, α and β are the 

cyclic viscoplastic material parameters, σ is stress, σb is the back-stress, 

which accounts for the strengthening mechanisms in 9-12Cr steels, and σy is 

the cyclic yield stress, which accounts for dislocation-based cyclic 

softening. The main strengthening mechanisms represented in the present 

model are: (i) precipitate strengthening, σp, (ii) dislocation strengthening, σd, 

and (iii) martensitic lath hardening coupled with a back-stress produced by 

the presence of the dislocation network within a hierarchical grain structure, 

σd. For monotonic loading, the back-stress is defined using a linear 

superposition of the above mentioned strengthening mechanisms. However, 

for fully reversed loading, it is also assumed that the presence of the 

precipitates facilitates the deformation process during reverse loading 

[Suresh, 1998]. Thus, the evolution of back-stress is defined as: 









reversal load

loading monotonic

dp

dp
b 2 σσ

σσ
σ




  (6.3) 

where σp and σd are the back-stresses produced by precipitate hardening and 

dislocation strengthening, respectively. The evolution of cyclic yield stress, 

σy, is based on the cyclic evolution of mobile dislocation density, 


, where 

the cyclic yield stress is defined as: 

 ρbμαcBτMσ y


10   (6.4) 

where 0  is the friction shear stress accounting for the intrinsic strength 

(lattice resistance) of the material, B is a material constant, c is 

concentration of solutes, α1 is a material parameter, M is the Taylor factor, μ 

is shear modulus and b is the magnitude of the Burgers vector. For long-
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term creep, a solute strengthening model such as that of Gypen and 

Deruyttere [1977a; 1977b], which accounts for multiple solutes (e.g. Mo 

and W in 9-12Cr steels) is required. However, due to the short-term nature 

of the present application, the evolution of the solute strengthening stress 

with time can be assumed to be negligible as the concentration of solutes 

does not decrease. Thus, the time evolution of the cyclic yield stress is thus: 

ρ
ρ

Mbμα
σ y




2
1  

(6.5) 

The lattice resistance, 
0τ , does not evolve as a function of time and 

temperature dependence of the yield stress is accounted for via the 

temperature-dependent shear modulus, μ. The above material model is 

implemented in uniaxial form within a standalone computer program. A 

flowchart of the main processes in this implementation is presented in 

Figure 6.3.  

 

Figure 6.3: Flowchart of the main processes in the uniaxial material model. 
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6.3.1. Precipitate Hardening 

The Fisher-Hart-Pry (FHP) model [Fisher et al., 1953; Hart, 1972] is used 

to simulate the back-stress caused by the presence of the various 

precipitates. For small strain monotonic loading and a single precipitate of 

type j, the precipitate hardening produced is: 





















 pf
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Cμ
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σσ jjp
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21

0
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(6.6) 

In Equation (6.6), σ0 is the Orowan stress, fj is the volume fraction of 

precipitate type j and C is a material parameter, defined as [Hart, 1972]: 
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(6.7) 

where ν is Poisson’s ratio. Thus, differentiating Equation (6.6) with respect 

to time and adapting the FHP model for cyclic plasticity, the evolution of 

hardening due to m precipitates is defined as: 

   b

m

j
jcycj,jp σσpCf

p
fCμσσ 
















sgn18
1

3
1

21

0

2343

   
(6.8) 

where pcyc is the cyclic range of effective viscoplastic strain accumulated 

during load reversal. The Orowan stress associated with a precipitate of type 

j is defined as: 

j

,j λ

Mbμ
σ 0  

(6.9) 

where λj is the inter-particle spacing, defined as [Spigarelli, 2013]:  

3

2
2

6
j

j

j

j r
πf

r
λ   (6.10) 

with rj as the mean precipitate radius. In the present study, it is assumed that 

insignificant particle coarsening occurs during high temperature cyclic 

viscoplasticity, i.e. rj is assumed to be constant. 
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6.3.2. Dislocation strengthening and evolution of dislocation 

density 

Dislocation-based work hardening occurs as mobile dislocations interact 

with immobile dislocations in lath interiors and at lath boundaries. Thus, the 

contribution to the flow stress from the dislocation network using the 

approach of Nes [1997] and Ryen [2003], extended to the continuum level 

using the Taylor factor, is defined as: 







 

Dw
MbμαρMbμασ id

11
21  

(6.11) 

where ρi is the lath interior immobile dislocation density, α2 is a material 

parameter, w is the martensitic lath width and D is PAG size. Assuming that 

PAGs do not coarsen during short-term cyclic plasticity, the hardening rate 

due to the dislocation structure is defined as: 
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(6.12) 

The evolution of dislocation density is defined here in three distinct groups: 

(i) mobile dislocations, ρ
 , (ii) lath interior immobile dislocations, ρi, and 

(iii) lath boundary immobile dislocations, ρw, so that the overall dislocation 

density, ρ, is defined as [Roters et al., 2000]: 

  wwiw1  ff 


 (6.13) 

where fw is the volume fraction of the lath boundary regions. As mobile 

dislocations are the carriers of viscoplastic deformation, the Orowan 

equation [Orowan, 1940] is used to define mobile dislocation density 

evolution rate in terms of the rate of deformation: 

ebL

pl



   

(6.14) 
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where vpγ  is the crystallographic viscoplastic slip-rate and Le is the mean 

free path travelled by a mobile dislocation before it is annihilated or 

immobilised. To relate the microscopic viscoplastic slip-rate, pl , to the 

macroscopic accumulated effective plastic strain-rate, p , the Taylor model is 

used [Taylor, 1938]: 

pMγn  pl  (6.15) 

where n is the number of active slip systems required to define the 

deformation-rate in the Taylor model. In this model, due to the assumption 

of incompressibility, only five independent components of viscoplastic 

strain-rate are required to define the deformation of a polycrystalline 

material. Hence, the combination of deformation-rates from five slip 

systems which contribute the lowest energy dissipation must be identified 

using Taylor's minimum work principle. However, as the macro-scale model 

presented here is independent of slip system, i.e. the level of deformation 

per slip system is homogeneous across all slip systems, the contribution of 

five arbitrary active slip systems (of 48 active slip systems for b.c.c.) will 

suffice to define the deformation-rate and hence, n is assigned a constant 

value of 5.   

The evolution of mobile dislocation density includes both growth and 

consumption terms, where the growth of mobile dislocations is determined 

using the Orowan equation above. Following the work of Cheong and Busso 

[2004; 2005], the probability of a mobile dislocation consumption event 

occurring is ρA.P


50 , where A is the critical area for consumption of 

mobile dislocations. The present study extends the approach of Cheong and 

Busso [2004; 2005] to the macro-scale and includes consumption of mobile 

dislocations via the mechanisms discussed in Roters et al. [2000]; namely 

(i) mutual annihilation of two mobile dislocations, (ii) the formation of 

immobile locked configurations and (iii) dipole dislocation formation, as 

well as incorporating LAB annihilation as described in Sauzay et al. [2005; 

2006]. The critical areas for consumption for each event are illustrated 
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schematically in Figure 6.4 and the evolution equation for mobile 

dislocation density is:   

  







 eldip

e

dnddρ
Lbn

Mp
ρ 142

1   
(6.16) 

where de, ddip and dl are the critical distances for loss of mobile dislocations 

due to annihilation, dipole formation and locked configurations, 

respectively. The mean free path is defined as: 

κ

w
Le   (6.17) 

where κ is a material parameter. The evolution of lath interior immobile 

dislocations accounts for the loss of mobile dislocations due to the 

formation of immobile locked configurations, with the density of lath 

interior immobile dislocations decreasing via a dislocation climb process. 

Thus, the evolution equation for ρi is defined as [Magnusson and 

Sandström, 2007]: 

  2214 iclli ρμbmρnd
bn

Mp
ρ 


  (6.18) 

where mcl is the climb mobility rate of dislocations. From the Taylor 

hardening equation, ww ρMbμασ 1 , and Equation (6.11), the density of 

immobile dislocations at lath walls is: 
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with a subsequent rate evolution given by: 
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Figure 6.4: Critical areas (shaded regions) for (a) mutual annihilation of two 
mobile dislocations, (b) formation of an immobile locked configuration, (c) 
formation of a dipole configuration and (d) LAB dislocation annihilation. 

6.3.3. Evolution of the lath microstructure 

The growth of martensitic laths is assumed here to consist of two 

mechanisms, a static term defining time-dependent growth due to high 

temperature and a dynamic component accounting for the dependence on 

applied plastic strain [Lin and Dunne, 2001]. This model has been adapted 

to include an Arrhenius temperature-dependent function describing the 

static grain growth term: 

wγ

w
w

w, wpβ
TR

Q
αw 
















   exp0  

(6.21) 

where γw is a material parameter, αw,0 is a static lath growth model 

parameter, Qw is activation energy, R is the universal gas constant and βw is 

a dynamic lath growth material parameter. 

6.4. Results 

The newly developed continuum level material model is applied to HTLCF 

experiments on ex-service P91 steel from Chapter 3. Firstly, the necessary 
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material parameters are identified using a step-by-step procedure involving 

a combination of physically measured parameters and comparison with 

experimental test data. Calibration is then carried out via comparison with 

experimental data at an applied strain-rate of 0.1 %/s and applied strain-

range of ±0.5 %. The material model is finally validated against test data at 

other conditions and the effects of some key microstructural parameters are 

investigated.  

6.4.1. Parameter identification 

The step-by-step procedure for the identification of the material parameters 

is illustrated in Figure 6.5. The material parameters within this study may be 

split into three distinct groups, namely: (i) elastic material parameters, viz. 

Young's modulus, E, shear modulus, μ, Poisson's ratio, ν, and initial yield 

stress, σy,0, (ii) the cyclic viscoplasticity material parameters, α and β, and 

(iii) the microstructural material parameters, related to the evolution of 

dislocation density, coarsening of the lath structure and precipitate 

hardening.  
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Figure 6.5: Flowchart for parameter identification method used in the present 
study. 

The elastic material parameters are easily identified from monotonic test 

data and are presented in Table 6.1. Although Poisson's ratio is a 

temperature-dependent parameter, for simplicity a constant value of 0.3 is 

used throughout the present study. The cyclic viscoplasticity material 

parameters, α and β, are obtained from stress relaxation data. The identified 

cyclic elasto-viscoplastic material parameters for temperatures of 400 °C, 

500°C and 600°C are presented in Table 6.1. 

As 9-12Cr steels are b.c.c. crystals, the magnitude of Burgers vector is 0.248 

nm and the Taylor factor is 2.9. The specific microstructural material 

parameters related to (i) precipitates, (ii) dislocation densities and (iii) 

evolution of the martensitic laths are defined below. The microstructural 

material constants employed here are listed in Table 6.1. The initial mean 

radii for the M23C6, VN and NbC precipitates have been obtained from 

measurements using TEM [Maruyama et al., 2001]. Similarly the initial 

volume fractions of a given precipitate were estimated using thermo-kinetic 
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simulations calibrated against experimental data [Srinivas Prasad et al., 

2012].  

From the heat treatment process, 9-12Cr steels have an initially high overall 

dislocation density, with a range of values from 1.61014 m-2 to 7.51014 m-2 

identified in the literature using TEM, e.g. as per the work of Sauzay et al. 

[2008] or Ennis and Czyrska-Filemonowicz [2003]. Thus, the initial 

dislocation density is set at 4.51014 m-2. The overall dislocation density of 

the 'as-received' material is approximately 10 % greater than that at the lath 

walls [Pešička et al., 2003], such that the initial lath boundary immobile 

dislocation density, ρw,0, is 0.9ρ0. The initial lath interior immobile 

dislocation density is assigned a low value of 11011 m-2 [Magnusson and 

Sandström, 2007]. The critical distance for a dipole dislocation to form is 

assigned a constant value of 7b. The volume fraction at the lath boundaries 

is defined as [Collini and Bonardi, 2013]: 

w
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f ww
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(6.22) 

where tw is the cell wall thickness and is assigned a constant value of 100b 

[Magnusson and Sandström, 2007]. To account for the effect of the Mo 

interstitial atoms reducing the climb mobility rate, mcl is defined as 

[Magnusson and Sandström, 2007]: 

Tk

bD
km

b

Fe
solcl   

(6.23) 

where ksol is a solute atom constant with a value of 0.05 [Magnusson and 

Sandström, 2007], kb is the Boltzmann constant and DFe is the diffusion 

coefficient for iron, defined as: 

TRQeDD CR

Fe,0Fe
  (6.24) 

where QCR is the activation energy for creep. The lath material parameters 

are obtained by fitting the lath evolution model to creep data [Orlová, 

1998]. Figure 6.6 presents the correlation achieved with experimental data 
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during the calibration procedure for the identification of the lath growth 

parameters αw,0, βw and γw.  
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Table 6.1: Material parameters for ex-service P91 steel. 

Parameter T (°C) Value Source 
Elastic material parameters 

E 
400 183.6 GPa 

 500 173.1 GPa 
600 144.7 GPa 

ν N/A 0.3  

σy,0 
400 255 MPa 

 500 228 MPa 
600 196 MPa 

Material constants (b.c.c.) 
M N/A 2.9  
b N/A 0.248 nm  
α1 N/A 0.235  
α2 N/A 3.0  
n N/A 5  

Precipitate material parameters 
rM23C6 N/A 45 nm 

[Srinivas Prasad et al., 2012] rNbC N/A 25 nm 
rVN N/A 20 nm 

fM23C6 N/A 1.9 % 
[Maruyama et al., 2001] fNbC N/A 0.1 % 

fVN N/A 0.4 % 
Martensitic lath material parameters 

αw,0 N/A 1.0  10-18  

βw N/A 2.05  10-9  

γw N/A 2.002  

Qw N/A 303 kJ/mol [Oruganti et al., 2011] 

w0 N/A 0.7 μm [Sauzay et al., 2008] 
Dislocation density material parameters 

0ρ


 N/A 4.51014 m-2  

ρi,0 N/A 1.01011 m-2 [Magnusson and Sandström, 2007] 
ρw,0 N/A 0.9 ρ0 [Pešička et al., 2003] 
tw N/A 100b [Magnusson and Sandström, 2007] 

ddip N/A 7b  
de N/A 6b [Essmann and Mughrabi, 1979] 
dl N/A b  

DFe,0 N/A 1.6  10-4 m2/s [Ashby and Jones, 2012] 

ksol N/A 0.05 [Magnusson and Sandström, 2007] 
κ N/A 1.45  

QCR N/A 400 kJ/mol [Oruganti et al., 2011]: 

Cyclic viscoplastic material parameters 

α 

400 8.0  10-6  

500 4.0  10-6  

600 4.2  10-5  

β N/A 0.05 MPa-1  
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Figure 6.6: Identification of the martensitic lath growth material parameters from 
the material data of Orlová [1998].  

6.4.2. Calibration of micro-structural parameters 

The material model is calibrated against high temperature cyclic 

viscoplasticity experiments conducted at a strain-rate of 0.1 %/s. Figure 6.7 

illustrates the typical correlation achieved with the experimental data for the 

initial and 600th cycles under the calibration regime at temperatures of 400 

°C, 500 °C and 600 °C respectively. From the results of Figure 6.7a to 

Figure 6.7c, it is evident that the material undergoes significant cyclic 

softening, which is captured by the model. This capability of the model is 

verified in Figure 6.7d, which compares the maximum stress from the model 

with the experimental data. Clearly, good agreement with the data is 

achieved for the calibration conditions of a strain-rate of 0.1 %/s and a 

strain-range of ±0.5 %. Table 6.1 shows the resulting set of micro-structural 

parameters identified through the calibration process.  
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Figure 6.7: Comparison of the calibrated model against measured stress-strain 
response for the 1st and 600th cycles at a strain-rate of 0.1 %/s at (a) 400 °C, (b) 500 
°C, (c) 600 °C and (d) the evolution of maximum stress with cycles for 
temperatures of 400 °C and 600 °C. 

6.4.3. Validation against high temperature fatigue data 

Validation of the performance of the model for extrapolation with respect to 

strain-rate, for example, is achieved via comparison with high temperature 

cyclic viscoplasticity data at the strain-rate of 0.025 %/s, across a range of 

temperatures. Figure 6.8a to Figure 6.8c depict the correlation achieved with 

the experimental data at temperatures of 400 °C, 500°C and 600 °C and a 

strain-rate of 0.025 %/s for the initial and 600th cycles. Figure 6.8d 

demonstrates the capability of the model to predict the softening behaviour 

of 9-12Cr steels outside the range of calibration. For the 400 °C case, the 

model captures the material behaviour reasonably well but over predicts 

cyclic softening.  
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Figure 6.8: Validation of the material model against measured stress-strain 
response for the 1st and 600th cycles at a strain-rate of 0.025 %/s and temperature of 
(a) 400 °C, (b) 500 °C, (c) 600 °C and (d) the evolution of maximum stress with 
cycles for temperatures of 400 °C and 600 °C. 

The effect of extrapolating the material model to strain-rates which are more 

representative of those observed in modern plant is presented in Figure 6.9. 

These results compare the predicted stress-range for strain-rates of 0.1 %/s 

and 0.0001 %/s respectively. Although the lower strain-rate is still larger 

than values typically observed in base-load operating plant [Nabarro, 2002], 

this result predicts a decrease of 70 MPa in stress-range; this is a significant 

loss in cyclic strength, e.g. see Figure 3.20. This illustrates the need for an 

ability to accurately extrapolate from laboratory test conditions (typically 

higher loading rates) to those observed in realistic loading conditions 

(typically much lower). 
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Figure 6.9: Model prediction of the stress-strain response at 600 °C at strain-rates 
of (a) 0.1 %/s and (b) 0.0001 %/s. 

6.4.4. Effects of micro-structural parameters 

The effects of two primary micro-structural variables, namely (i) the initial 

precipitate radii (M23C6 and MX particles) and (ii) initial lath width, on 

predicted plastic strain-range is investigated. Five initial precipitate radii, 

above and below typical values (e.g. see Maruyama et al. [2001]) are 

considered. Figure 6.10 illustrates the effect of increasing the initial 

precipitate radius on the stress-strain response for a stabilised loop. Larger 

particles are predicted to give a weaker material, as the particle spacing is 

increased, viz. Equation (6.10), and assuming constant fj. For example, 

increasing rj from 15 nm to 90 nm causes a 19.5 % reduction in cyclic 

strength for M23C6 precipitates. Hence, the capability of the pinning 

mechanism provided by the M23C6 precipitates is reduced. Figure 6.11 

summaries the results of simulations on the effect of varying the initial 

precipitate radii. As is evident from Figure 6.11, the predicted effect MX 

precipitate size is less significant than for M23C6 precipitates.     
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Figure 6.10: Predicted effect of M23C6 particle radius (rj) on stress-strain response 
at 600 °C for a strain-rate of 0.1 %/s for the 600th cycle. 

 

Figure 6.11: Predicted effect of varying the mean initial precipitate radius of the 
MX and M23C6 particles (relative to the values at a radius of 15 nm) on (a) the 
plastic strain range and (b) the stress range at a temperature of 600 °C, strain-range 
of 0.5 % and a strain-rate of 0.1 %/s. 

Figure 6.12 shows the effect of initial lath width, w, on the stress-strain 

response at 400 °C and 600 °C, respectively, for the 600th cycle, where the 

initial dislocation density is defined using Equation (6.19). A significant 

effect of up to 21 % on cyclic strength (stress range) is predicted at the 

lower temperature of 400 °C. At 600 °C, the effect of stress range and 

plastic strain range is significantly less for the 600th cycle. Figure 6.13 

shows the effect of temperature and lath width on the predicted plastic 

strain-range. Below 500 °C, an intrinsic size effect is predicted, where the 

presence of more LABs of smaller dimensions inhibits cyclic plasticity and 
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increases cyclic strength. However, at temperatures above 500 °C, initial 

lath width is predicted to have a negligible effect. 

 

Figure 6.12: Comparison of the predicted stress-strain responses for various initial 
martensitic lath sizes at (a) 400 °C and (b) 600 °C for a strain-range off ±0.5 % and 
a strain-rate of 0.1 %/s for the 600th cycle. 

 

Figure 6.13: Predicted effect of various initial mean martensitic lath dimensions on 
the plastic strain-range produced for 400 °C, 500 °C and 600 °C for the 600th cycle. 

6.5. Discussion 

The present model simulates the mean effect of precipitate strengthening 

and dislocation-based cyclic softening. The measured history of hardening 

has been reasonably well predicted for a range of loading conditions and 
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conditions and in Figure 6.8 for the validation regime. The back-stress 

produced is dependent on the stress exerted by (i) the various nano-scale 

precipitates and their effectiveness in pinning dislocation motion and 

maintaining a lath hardening structure, e.g. see Kostka et al. [2007] and (ii) 

dislocation hardening due to the presence of immobile dislocations. The 

model predicts the effectiveness of smaller precipitate size in increasing the 

(cyclic) strength and reducing the resultant cyclic plastic strain-range across 

all temperatures. As Figure 6.10 illustrates, the effect of the precipitate 

radius on the predicted stress-strain response is pivotal for the larger and 

more abundant M23C6 carbides dispersed along LABs, with a minimal size 

effect observed for the MX precipitates. Figure 6.11 predicts that a factor of 

6 increase in M23C6 precipitate size causes a 10 % increase in plastic strain-

range and a 19.5 % decrease in (cyclic) strength. This highlights the 

importance of ensuring a minimum M23C6 particle radius from tempering. 

The predicted effect of an increase of NbC particle size is not as important, 

giving only a 4 % change in plastic strain-range. However, it should also be 

noted that an initial diameter of 20 nm for M23C6 precipitates is less than 

half the minimum values typically observed in realistic components at the 

commencement of service and hence, the predictions made here represent an 

extreme case. Furthermore, for the initial diameters considered here, it is 

worth noting that Figure 6.11 shows a larger volume fraction effect than 

particle radius effect as the VN particles, with a higher volume fraction, are 

predicted to have a greater effect on plastic strain-range than the NbC 

precipitates.   

Figure 6.13 indicates an optimum initial lath width of less than 1 μm for the 

current material. This result is consistent with an intrinsic size effect, i.e. a 

smaller grain size decreases the predicted plastic strain-range and increases 

the strength at the lower temperature. The results from Chapter 3 illustrate a 

negligible strain-rate effect at 500 °C, but a significant effect at 600 °C. As 

presented in Figure 6.13, at the higher temperature, where rate-dependency 

and creep effects are important, it is predicted that the benefit of smaller lath 

width is mitigated. This prediction is similar to the findings of Kassener and 

co-workers [Doherty et al., 1997; Kassner, 1993; Kassner, 2004], who have 
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shown experimentally that the flow stress of aluminium alloys under high 

temperature creep loading is independent of initial subgrain size. However, 

this effect is attributed here to the lath evolution model of Equation (6.21) 

which simulates the effects of temperature-induced static lath growth, 

combined with a lath width size effect. This results in an interaction 

between (static) lath growth and the lath size effect, such that at higher 

temperatures, the evolution of lath width overrides (i.e. saturation occurs) 

the lath size effect after 600 cycles at 600 °C. This is due to the laths 

coarsening (and saturation of size increase occurring) much more rapidly 

than at 400 °C. Furthermore, the predicted lath width at 600 °C is 3.8 μm 

after 600 cycles (for w0 = 0.6 μm), a value which is consistent with the 

measured final TEM values of 3 to 4 μm for a block structure in P91 steel at 

a lower temperature of 550 °C [Sauzay et al., 2005]. Thus, this result at 600 

°C illustrates that the coarsened lath width is approaching the dimension of 

the HAGB blocks (approximately 4 μm); the latter do not cyclically coarsen. 

In comparison, a lath width of 1 μm is predicted for the 400 °C case after 

600 cycles. This shortcoming (static lath growth and over-prediction of 

martensitic lath width) illustrates that the current model for martensitic lath 

growth does not accurately predict the mechanism of LAB deformation and 

martensitic lath growth (and subsequent effects with respect to dislocation 

density evolution) in 9-12Cr steels. Hence, improvements to the LAB 

dislocation density evolution model of Equation (6.19) are required. 

Although the general (qualitative) trends of the latter investigations into the 

effects of varying the precipitate radii and lath width microstructural 

parameters can perhaps be deduced from individual equations, the 

significance of the present work is the quantitative prediction on stress-

strain hysteresis (cyclic plasticity) response, which is not possible without 

solving the complete system of non-linear equations, including the 

viscoplastic flow-rule equation.  

Chapter 7 will address the limitations of the present framework via 

significant enhancements to the evolution of dislocation density. In 

particular, a novel approach to simulating low-angle boundary dislocation 

annihilation, the key mechanism of deformation during cyclic deformation 
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of 9Cr martensitic steels, is developed. Further modifications to the model 

include (i) simulation of both edge and screw dislocations, (ii) simulation of 

the formation of dislocation pile-ups at HAGBs and (iii) inclusion of a 

dislocation bowing model for M23C6 and MX precipitate strengthening. 

These modifications will significantly reduce the number of fitted material 

parameters, yielding a microstructure-sensitive model which is more 

representative of the primary mechanisms of deformation under high 

temperature fatigue. 

6.6. Conclusions 

The key outcomes and conclusions of this chapter are: 

 Initial development of a microstructure-sensitive modelling 

framework for the simulation of cyclic viscoplasticity in 9-12Cr 

steels via the incorporation of the key microstructural variables of 

martensitic lath width, dislocation density and the M23C6 and MX 

precipitates. 

 A dislocation-based cyclic softening model is developed to account 

for the main mechanisms of cyclic deformation, including (i) 

decrease in overall dislocation density, (ii) loss of low angle 

boundary dislocations and (iii) a coarsening of the lath 

microstructure and precipitates. The model captures the 

experimentally observed phenomena across a range of strain-rates 

and strain-ranges. 

 Hardening effects, produced by the main strengthening mechanisms 

in 9-12Cr steels, are modelled through the inclusion of evolution 

equations defining precipitate strengthening. 

 Using the present framework, M23C6 precipitates are predicted to 

dominate in terms of effect on the plastic strain-range and cyclic 

strength and hence, life, relative to other precipitate types (e.g. MX 

precipitates). 

 At low temperatures, a lath size effect on plastic strain-range was 

predicted, i.e. a smaller lath width gave a lower plastic strain-range. 
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However, at the higher temperatures, lath growth is accelerated and 

the model predicts more rapid saturation of lath width and hence, 

cyclic softening. Thus, the initial lath width is predicted to have little 

effect on the plastic strain range at 600 °C.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

  



 
 

273 
 

7. An improved dislocation-mechanics model for 

microstructural evolution and degradation in 9-12Cr 

steels 

7.1. Introduction 

This chapter describes a number of modifications and significant 

improvements to the dislocation-mechanics framework of Chapter 6, with 

the objective of (i) simulating the key mechanisms of deformation, (ii) 

reducing the number of fitted material constants in the model and (iii) 

identification of material parameters from a physical basis via 

microstructural studies. These enhancements include: 

1. Simulation of the LAB dislocation annihilation process via the 

development of a LAB model for the martensitic lath geometry and 

LAB dislocation density. This model uses the microstructural 

variables for martensitic lath width, angle of misorientation and lath 

shape to define the evolution of the martensitic lath microstructure. 

2. Extension of the dislocation-mechanics approach to incorporate edge 

and screw dislocations. The volume fraction approach of Chapter 6 

is also extended to include dislocations at HAGBs. 

3. Inclusion of a kinematic back-stress to simulate dislocation pile-up 

formation at HAGBs. This back-stress accounts for the effect of the 

block structure in 9Cr steels. 

4. The FHP model of Chapter 6 is replaced by a dislocation bowing 

model to provide precipitate strengthening. A volume fraction 

approach is used to account for M23C6 carbides dispersed along 

boundaries and MX carbonitrides within the martensitic lath 

interiors, with the back-stress defined as a function of the mean 

precipitate spacing. 

The following section outlines the improved dislocation-mechanics 

modelling framework for simulating the constitutive behaviour of alloys 
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with a precipitate and solute strengthened hierarchical microstructure. The 

concept is based on a multi-scale dislocation-mechanics modelling 

methodology and uses mean values and evolution of a set of key 

microstructural variables representing the primary strengthening 

mechanisms in 9-12Cr steels. The proposed model is intended for 

simulating the constitutive behaviour and associated microstructural 

degradation under general high temperature deformation, including cyclic 

plasticity and creep effects. The present study focuses on the cyclic 

plasticity (LCF) aspect, although some creep results are also presented at the 

end of this chapter. 

7.2. A dislocation-mechanics framework for 9Cr steels 

The dislocation-mechanics material model is developed based on a set of 

key microstructural variables, chosen based on the discussion of Section 6.2 

and the important role they play in cyclic plasticity and creep deformation. 

This framework is predicated on the evolution and degradation of the 

material microstructure during cyclic plasticity or creep. The inelastic 

strain-rate, is defined to be a function of the set of key microstructural 

variables, such that: 

  ,,, c,wdfε g
in   (7.1) 

where dg is block width, w is martensitic lath width, λ is precipitate spacing, 

c is the concentration of solutes and ρ is dislocation density.  

The framework defining the constitutive behaviour of the material is based 

on the unified cyclic viscoplastic constitutive model of Chapter 4. The 

hyperbolic sine formulation is extended here to incorporate the 

microstructural variables describing the primary strengthening and 

degradation mechanisms. In the proposed framework, it is defined that the 

inelastic deformation consists only of creep if the effective stress, σe, is less 

than the yield value for viscoplastic deformation, σy. For an effective stress 

value above σy, the deformation is defined to consist also of viscoplasticity. 

Thus, the yield criterion for viscoplastic deformation is: 
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 in
ybe       Elastic-creep deformation 

(7.2) 

 in
ybe       Viscoplastic deformation 

where σ is stress and σb is back-stress. The yield stress, σy, evolves as a 

function of inelastic deformation, as discussed below. The rate of inelastic 

deformation is defined using a hyperbolic sine flow rule to allow reliable 

extrapolation from the higher strain-rates, at which laboratory tests are 

normally conducted, to the intermediate and lower strain-rates, at which 

power plant typically operate [Farragher, 2013; Nabarro, 2002]. Thus, the 

flow rule defining the inelastic deformations for cyclic plasticity (LCF), 

based on the yielding criteria is: 

   byb
in σσσσσβαε  sgnsinh  (7.3) 

where α and β are the cyclic viscoplastic material constants. The kinematic 

back-stress is incorporated to capture the Bauschinger effect and the 

primary creep behaviour during long-term constant load deformation. These 

effects are due to an alteration of the local (microscopic) stress distribution 

within the polycrystalline microstructure, as a result of (i) bowing out of 

dislocations pinned at obstacles and (ii) dislocation pile-up formation at 

HAGBs, such that the kinematic back-stress is: 

gpb σσσ   (7.4) 

where σp is the contribution of obstacles such as precipitates and solutes to 

the Orowan pinning mechanism back-stress and σg is the back-stress due to 

dislocation pile-ups at HAGBs. From the discussion of strengthening 

mechanisms in Chapter 2, the yield stress is a function of the lattice 

resistance, solid solution strengthening and dislocation network, and is 

defined here as: 

 dsoly τττMσ  0  (7.5) 
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where M is the Taylor factor (2.9 for b.c.c. materials), τ0 is the friction shear 

stress accounting for the intrinsic strength (lattice resistance) of the material, 

and τsol is the contribution of the solutes to the yield strength. The 

contribution of the density of dislocations to the yield strength, τd, is 

quantified using the Taylor equation, such that the yield strength can be 

defined as:  

 ρμbαcBτMσ y


10   (7.6) 

where α1 and B are material constants, μ is shear modulus and ρ
 is mobile 

dislocation density. As τ0 is a constant and Mo is assumed to be the sole 

contributor to solid-solution strengthening in P91 steels, the rate form of 

Equation (7.6) is: 











 ρ

ρ

μbα

c

c
BMσ y





 1  (7.7) 

The material model described here is implemented in a uniaxial standalone 

computer program with Figure 7.1 highlighting the main processes in the 

code. 
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Figure 7.1: Flowchart representing the main processes in the uniaxial model. 

7.2.1. Precipitate hardening in 9-12Cr steels 

Based on microstructural deformations studies, e.g. the TEM images of 

Figure 2.49, the controlling mechanism for interactions of mobile 

dislocations and precipitates in 9-12Cr steels has been identified as the 

Orowan mechanism [Giroux, 2011; Panait et al., 2010b]. A pinned 

dislocation bows out from its original position under viscoplastic 

deformation, as illustrated schematically in Figure 7.2, resulting in a back-
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stress which is inversely proportional to the spacing of precipitates, λ. This 

back-stress occurs at (i) M23C6 carbides dispersed along grain boundaries 

and (ii) MX particles within the martensitic lath interiors. The formation of 

Laves phase particles following long-term, high temperature exposure also 

yields a similar strengthening mechanism [Spigarelli, 2013]; the Laves 

phase precipitate strengthening is a function of (i) long-term thermal 

stability of the Laves phase precipitates and (ii) the radii and volume 

fraction of such precipitates.  

 

Figure 7.2: Process of a dislocation, pinned at two precipitates, bowing out under 
an applied force, f, for (a) the initial configuration, (b) the dislocation bowed out at 
a radius of curvature, R, and (c) at the point of detachment at a radius of curvature 
of λ/2 

In the initial microstructure of 9Cr steels, the arrangement of precipitates 

can be defined as MX particles in the martensitic lath interiors and M23C6 

carbides dispersed along both HAGBs and LABs. Thus, using a volume 

fraction approach, the rate change in precipitate strengthening is defined as: 

    MXgwCMgwp σffσffσ   1
623

 (7.8) 

where fw and fg are the volume fractions of the LABs and HAGBs, 

respectively, and σM23C6 and σMX are the back-stresses associated with the 

M23C6 and MX precipitates. The micromechanical model developed by 

Giroux and co-workers [Giordiana et al., 2012; Giroux, 2011], for a single 

dislocation bowing out whilst pinned at two obstacles, is adopted and 

modified here to account for precipitate strengthening from M23C6 carbides 

and MX particles. During this process, a dislocation is subjected to an 
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applied force F and the resulting plastic slip, γin, is defined by the Orowan 

equation: 

blργin 
  (7.9) 

where l is the distance by which the dislocation has bowed out (see Figure 

7.2). The dimension, l, is defined as the swept area, A, divided by the 

spacing of obstacles, λ, such that the plastic slip is [Giordiana et al., 2012; 

Giroux, 2011]: 

 




























2

1
22

2

1

2

2
2 4

4
14arctan λR

λ

λ

R
R

λ

bρ

λ

A
bργ in




 (7.10) 

where R is the radius of curvature. As all points along the dislocation are in 

a state of equilibrium between the applied force, bF  , and the dislocation 

line tension, 22bT  , the radius of curvature is: 

τ

μb

F

T
R

2
  (7.11) 

where τ is the resultant back-stress at the micromechanical level. The 

minimum value of the radius of curvature is 2λR , the point where the 

dislocation detaches from the pinning obstacles as illustrated in Figure 7.2c. 

Thus, the maximum value of the back-stress, τ, is the Orowan stress: 

λ

μb
τ max

 (7.12) 

Thus, rewriting Equation (7.10) and generalising the equation for a 

precipitate of type i gives the plastic slip as: 
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The Taylor model is used to relate the microscopic shear strain-rate, 
inγ , to 

the accumulative effective plastic strain-rate, p , at the macro-scale [Taylor, 

1938]: 

pMγn in    (7.14) 

where n is the number of active slip systems required to define deformation 

in the Taylor model. Thus, under the assumption that the mobile dislocation 

density, 


, and the precipitate spacing, λi, are constant for an infinitesimal 

change in back-stress, differentiating Equation (7.13) with respect to time 

and introducing the Taylor model gives the rate change in back-stress at the 

macro-scale as: 
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The model of Equation (7.15) exhibits finite limits at σi = 0 and σi = σi,max 

[Giroux, 2011]: 
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7.2.2. Back-stress at high angle grain boundaries 

Unlike LABs, HAGBs are capable of hindering the motion of mobile 

dislocations [Zhang and Wang, 2000]. This is achieved by the ability of 

such boundaries to impede the motion of mobile dislocations as a result of 

the high angle of misorientation and variation of the crystal lattice structure 

between neighbouring grains. As the material undergoes viscoplastic slip, 

mobile dislocations will pile-up at disordered regions along grain 

boundaries of the crystalline structure, as illustrated schematically in Figure 
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7.3. The motion of mobile dislocations and hence, viscoplastic slip, is then 

retarded due to the difficulty in overcoming the angle of misorientation and 

disordered structure at grain boundaries. This results in a localised back-

stress which enables the dislocations to move through the matrix material 

more easily upon load reversal, and hence, allows viscoplastic deformation 

to occur at lower values of stress.  

 

Figure 7.3: Mechanism of dislocation pile-up formation at a high angle boundary. 

The back-stress, σg, at the HAGBs is [Ashby and Jones, 2012]: 

g
gg

g n
d

Mb
σ




  (7.17) 

where αg is a material constant and ng is the number of dislocations in the 

pile-up. The mean block size, dg, is used to represent the mean distance 

between HAGBs. Hence: 
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 (7.18) 

As dislocations of opposite sign will interact at grain boundaries, not all 

dislocations at the boundaries are available to contribute to the back-stress 
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presented in Equation (7.18). Following Sinclair et al. [2006], the 

probability that a dislocation contributes to grain boundary strengthening is: 

*
g

g
g n

n
P  1  (7.19) 

where ng
* is the number of sites at the boundary available for dislocations to 

form a dislocation pile-up. Thus, the modified Sinclair model for cyclic 

deformation (Bardel and co-workers [2015]) is implemented to define the 

rate change of ng: 

 
in

in*
g

gg
g ε

εn

n

b

Mλ
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sgn
1  (7.20) 

where λg is the mean spacing between slip lines and the quantity λg/b is the 

number of dislocations required, geometrically, to generate deformation. 

The number of sites available for dislocations to pile-up, ng
*, should be a 

function of (i) grain size, dg, and (ii) the applied strain. However, for 

simplicity, ng
* is set as a constant value. For high temperature cyclic 

loading, the block size can be taken as a constant [Touboul et al., 2012], 

such that the back-stress evolution due to dislocation pile-up formation is: 

g
gg

g n
d

Mb
σ 




  (7.21) 

For long-term creep deformation, in contrast, degradation of the HAGB 

structure must be simulated. As this microstructural degradation is both 

strain- and temperature-dependent, the block growth model is: 

    g
cr

g dd 
21  (7.22) 

where η1 is the static HAGB growth parameter, η2 is strain-dependent grain 

growth parameter and ζ is a material constant. 
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7.2.3. A model for dislocation density evolution 

The overall density of dislocations, ρ, consists of mobile dislocation density,

ρ
 , and immobile dislocation densities along LABs, HAGBs and within 

martensitic lath interiors, ρw, ρg, and ρi, respectively, such that the overall 

density of dislocations is:  

  igwggww ρffρfρfρρ  1


 (7.23) 

The density of dislocations varies as a function of time due to growth, 

annihilation and immobilisation processes, such that the rate change of the 

various dislocation density terms can be defined using evolutionary models 

of the form [Roters et al., 2000]: 

  ρρρ   (7.24) 

The first term on the right hand side represents growth (accumulation) and 

the second term represents consumption (annihilation and immobilisation). 

The density of mobile dislocations is: 

se ρρρ


  (7.25) 

where the subscripts e and s represent edge and screw types respectively. 

The growth of mobile dislocations is assumed to occur due to a Frank-Read 

source [Frank and Read, 1950; Frank, 1980] (Figure 7.4a). These 

dislocations are formed from existing dislocations due to plastic slip and the 

complex mixed dislocation is modelled here based on the assumption that 

the Frank-Read source is considered to be made up of edge parts, with a 

Burgers vector perpendicular to the dislocation line direction and screw 

parts, characterised by a Burgers vector parallel to the dislocation line 

direction, as illustrated in Figure 7.4b. The Orowan equation is used to 

model the growth of mobile dislocations, with the assumption that half are 

of type edge and half are of type screw:  
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n

Mp

bL
ρρ

eff
se

 2
   (7.26) 

where Leff is the active slip length, the mean free path travelled by a 

dislocation before it is annihilated or immobilised. For materials with a 

LAB dislocation substructure, the active slip length is a function of the 

martensitic lath width, w [Plumtree and Abdel-Raouf, 1998]. 

 

Figure 7.4: Multiplication of mobile dislocations from (a) a Frank-Read source and 
(b) simplified model of a Frank-Read source using edge and screw components. 

The consumption of mobile dislocations occurs due to (i) mutual 

annihilation of two mobile dislocations, (ii) LAB dislocation annihilation, 

(iii) formation of locked dislocation configurations and (iv) dipole 

dislocation formation.  

Spontaneous mutual annihilation of two mobile dislocations will occur if 

two edge (or screw) mobile dislocations of opposite sign and anti-parallel 

Burgers vector are present within a critical area for annihilation. Following 

a similar approach to the work of Roters et al. [2000] and Hosseini et al. 

[2011], two mobile dislocation of opposite Burgers vector will move a total 

distance of 2vdt towards each other during a time increment, dt, as 

illustrated in Figure 6.4a before being annihilated. Mutual annihilation of 

these two mobile dislocations will occur if both dislocations lie within a 

critical distance for annihilation, de for edge (or ds for screw) dislocations. 

Thus, under the assumption that half of the mobile dislocations are positive 

and half are negative, the probability that relevant dislocations for an 
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annihilation event are present within the critical area of interest is [Cheong 

and Busso, 2004; Cheong et al., 2005; Hosseini et al., 2011]:  

kkkkk ρvdtdρAdP


4
2

1

2

1
  (7.27) 

where the subscript k can be e or s and the dislocation velocity, v, is defined 

using the Orowan equation [Orowan, 1940]. The annihilation event 

consumes two mobile edge (or screw) dislocations. Thus, the reduction rate 

of mobile edge (or screw) dislocations due to mutual annihilation is: 

ρ

ρ

bn

Mp
dρ k

kk 




2

4  (7.28) 

The critical distance for annihilation of edge dislocations is set at a constant 

value of 6b [Sauzay et al., 2005; Sauzay et al., 2008] and the critical 

distance for annihilation of two mobile screw dislocations is given by the 

following expression [Essmann and Mughrabi, 1979]: 

crss
s πτ

μb
d

2
  (7.29) 

where τcrss is the critically resolved shear stress, assumed here to be 

ρμbατcrss


1 . 

The mechanism for LAB dislocation annihilation occurs under a similar 

mechanism to that of mutual annihilation. However, as LAB dislocations 

are immobile, only one edge (or screw) mobile dislocation will travel a 

distance of vdt to interact with the LAB dislocation within the critical 

annihilation distance de for edge (or ds for screw) dislocations, as illustrated 

in Figure 6.4d. Thus, LAB dislocation annihilation occurs when a mobile 

dislocation of anti-parallel Burger’s vector is present within a critical area 

for annihilation and as only one edge (or screw) mobile dislocation is 

annihilated during each event, the contributions to a reduction of mobile 

dislocation density due to LAB annihilation is: 
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ρ
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Mp
dρ k,wk

kk 


   (7.30) 

where the inclusion of the parameter defining the volume fraction of LABs, 

fw, ensures that such an event only occurs at LABs. There is also a 

concomitant loss of LAB dislocations, assumed here to be the only 

mechanism for loss of the LAB structure under high temperature fatigue 

deformation. 

Locked dislocation configurations can form due to the processes highlighted 

in Figure 7.5, leading to the immobilisation of dislocations. The number of 

active slip systems and the processes are described below: 

 Two edge (or screw) mobile dislocations interact with the 

immobilisation of two edge (or screw) mobile dislocations. As edge-

edge (or screw-screw) immobilisation of dislocations cannot take 

place on the same slip system, the number of active slip systems in 

this process is (n-1)/n [Hosseini and Kazeminezhad, 2011]. 

 One edge (or screw) mobile dislocation interacts with one screw (or 

edge) mobile dislocation leading to the immobilisation of one edge 

and one screw mobile dislocation. This process can occur on all slip 

systems.  

 One edge (or screw) mobile dislocation interacts with one edge (or 

screw) immobile dislocation, leading to dislocation entanglement 

and an immobilisation of the edge (or screw) mobile dislocation.  

 One edge (or screw) mobile dislocation interacts with one screw (or 

edge) immobile dislocation leading to the immobilisation of one 

edge (or screw) mobile dislocation.  

Thus, the loss of mobile dislocations due to dislocation lock formation is: 

  kjkj
jl

j ρρρρn
n

Mp

ρ
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 214     where j, k =e, 
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(7.31) 
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where dl is the critical distance for locked configurations to form and ρe and 

ρs are the density of immobile edge and screw dislocations respectively, 

defined as:  

  jggjwwjigwj ffffρ ,,,1       where j =e, s (7.32) 

 

Figure 7.5: Formation of locked configurations for (a) edge-edge, (b) screw-screw, 
(c) edge-immobile edge, (d) screw-immobile screw, (e) edge-screw and (f) edge-
immobile screw. 

The final mechanism for loss of mobile dislocations considered in this work 

is the formation of dipole dislocations. Dipole dislocations are mobile 

dislocations, but do not accommodate plastic deformation [Hosseini and 

Kazeminezhad, 2011, Roters et al., 2000] and are only considered to be 

immobilised upon reaching a HAGB. The formation of a dipole 

configuration is illustrated in Figure 6.4c for an edge configuration, with the 

critical distance for dipole generation defined as [Hosseini and 

Kazeminezhad, 2011, Ma and Roters, 2004; Zaafarani et al., 2008]: 
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where τa
* is defined using a Taylor dislocation hardening model as 

se
*
a ρρbματ  1 . A similar model for mutual annihilation can describe 

the formation of dipole dislocations, such that the rate of reduction in 

mobile dislocation density is: 
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  (7.34) 

The generation of screw dipole dislocations is possible [Hosseini and 

Kazeminezhad, 2011] but due to the large value of ds, the rate of reaction 

tends to be quite small and hence, their generation can be neglected. 

7.2.4. Simulating the martensitic lath microstructure 

The martensitic laths are regions separated by walls of LAB dislocations 

with an angle of misorientation of less than 5°, as illustrated in the TEM 

images of Figure 7.6a and Figure 7.6b. Due to the small angle of 

misorientation, LABs cannot retard the motion of mobile dislocations via a 

dislocation pile-up mechanism, in a similar manner to HAGBs [Zhang and 

Wang, 2000]. However, LABs do (i) interact and impede the motion of 

mobile dislocations due to the high number of boundaries [Sonderegger et 

al., 2007] and (ii) owing to the presence of M23C6 precipitates dispersed 

along LABs, LABs provide strengthening via the Orowan strengthening 

mechanism.  
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Figure 7.6: Martensitic lath and low-angle boundary dislocation microstructure of 
9-12Cr steels for (a) the low-angle boundary dislocation substurcture with M23C6 
carbides dispersed along martensitic lath boundaries for a CLAM steel [Hu et al., 
2013], (b) martensitic lath structure in a P92 steel [Giroux, 2011] and (c) the 
assumed martensitic lath structure for the material model. 

To simulate (i) the kinematic back-stress provided by the M23C6 carbides 

dispersed along LABs and (ii) the reduction in creep strength as a result of 

the loss of the martensitic lath structure due to LAB dislocation annihilation, 

a definition of the structure of a martensitic lath is required. The key 

parameters defining the structural integrity of a martensitic lath include lath 

width, shape and the angle of misorientation between the given lath and its 

neighbouring lath [Sonderegger et al., 2007]. Hence, to simulate the 

contribution of the martensitic lath structure to the constitutive behaviour of 

the material, a relationship between the martensitic lath width, shape and 

LAB angle of misorientation is developed. In the present work, the 

formulation developed is primarily concerned with pure fatigue deformation 

and hence, transformation of the martensitic lath structure to a more equi-

axed subgrain structure and simultaneous coarsening (the primary 

mechanism of martensitic lath degradation during creep deformation) is 

currently not considered in the material model. This deformation 

mechanism is discussed in more detail in Section 7.3.5. 
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As martensitic laths are regions separated by an array of LAB dislocations, 

the martensitic lath width will increase as the density of LAB dislocations 

decreases. Hence, as the cyclic softening behaviour observed in 9Cr steels is 

primarily due to a loss of the LAB structure [Fournier et al., 2005; Sauzay 

et al., 2005; Sauzay et al., 2008], a subsequent widening of the mean 

martensitic lath width will occur, such that the martensitic lath width, w, is 

defined in terms of the fraction of LAB dislocations annihilated [Giroux, 

2011]: 

w

www
w





0,00

1



  (7.35) 

where κ is the fraction of annihilated LABs and w0 and ρw,0 are the initial 

martensitic lath width and initial LAB dislocation density, respectively. 

Thus, the widening of martensitic laths during cyclic loading is defined here 

as martensitic lath coalescence, as the boundary between two adjacent laths 

does not move, but is annihilated to form a single martensitic lath 

configuration.  

LAB dislocations are made up of both tilt and twist boundaries, arrays of 

edge and screw dislocations respectively [Dieter, 1986], such that: 

sweww ,,    (7.36) 

where ρw,e is the density of edge LAB dislocations and ρw,s is the density of 

screw LAB dislocations. From the schematic of Figure 7.7 and the work of 

Read and Shockley [1950], the number of dislocations per metre of 

boundary, Λw, is: 

b

θ
ΛΛΛ w,sw,ew   (7.37) 

where Λw,e and Λw,s are the number of LAB dislocations per metre of tilt and 

twist boundary respectively, and θ is the angle of misorientation between 

two adjacent LABs. For Λw dislocations per metre of boundary, the spacing 

between two LAB dislocations, s, is: 
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wΛ
s

1
  (7.38) 

 

Figure 7.7: Schematic representation of the low-angle boundary structure in 
martensitic steels. 

For a martensitic lath of perimeter length, Pw, the density of LAB 

dislocations is: 

w
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  (7.39) 

where Aw is the area of the LAB regions and the factor ½ ensures that a 

given LAB is only accounted for once. Equation (7.39) assumes that LABs 

are a dislocation wide [Riccoult and Kohlstedt, 1983]. To model the LAB 

regions, a martensitic lath geometry has been developed based on TEM 

observations and is dependent on the martensitic lath width, w, as shown in 

Figure 7.8. Using this geometric model, the volume of a martensitic lath is: 

3
321321 wXXXLLLVl   (7.40) 

where Li are the individual lengths which characterise the martensitic lath 

model in Figure 7.8 (where i = 1,2,3) and the constants Xi represent the 
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relationship between the martensitic lath width, w, and the length, Li, i.e. 

wXL ii  . The LAB volume is: 

   030201321 sLsLsLLLLVw   (7.41) 

where s0 is the initial LAB dislocation spacing and thus, the width of a 

LAB. Hence, the volume fraction of the LAB region is: 

l

w
w V

V
f   (7.42) 

Thus, the surface area is defined using the geometry of Figure 7.8 as: 
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Figure 7.8: Representative model for the LAB microstructure. The shaded regions 
represent the LAB regions. 

As the lath perimeter is   wZXXXwPw 44 321  , the density of LAB 

dislocations (Equation (7.39)), becomes: 
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From Equation (7.35) and rearranging, gives the LAB spacing as: 
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where ZρwΓ w,00  is a constant dependent on the initial conditions. Then: 
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Equation (7.46) allows the mean angle of misorientation of LABs to be 

updated incrementally, i.e. as the density of LAB dislocations decreases, the 

spacing between LAB dislocations continues to increase.   

7.3. Results 

7.3.1. Material parameter identification 

The process of identifying the required material parameters is carried out 

using a step-by-step procedure. For high temperature cyclic deformation 

initially, the key steps are (i) elastic, (ii) b.c.c. (iii) precipitate hardening, 

(iv) HAGB back-stress, (v) dislocation density and (vi) cyclic viscoplastic 

material parameters. These steps are carried out using a combination of 

experimental test data and microstructural analysis.  

Step 1: The elastic material constants for Young's modulus, E (as illustrated 

in Chapter 4) and initial cyclic yield stress, σy,0, are identified from 

monotonic test data. Poisson's ratio, ν, is assumed to take a constant value of 

0.3 throughout. The shear modulus is defined using Lamé’s equation and the 

elastic material parameters for the ex-service P91 steel are presented in 

Table 7.1. 

Step 2: For b.c.c. materials, the Taylor factor is 2.9, the magnitude of the 

Burger’s vector, b, is 0.248 nm and the material constant, α1 is 0.4. The 

number of active slip systems, n, required to define the deformation-rate in 

the Taylor model is 5. 
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Step 3: For cyclic loading, it is assumed that the precipitate diameter and 

volume fraction are constant. Furthermore, it is assumed here that the excess 

Mo, i.e. Mo which does not form solutes contributing to the solid solution 

strengthening, forms Mo23C6 carbides dispersed along boundaries. Although 

the carbides along boundaries are typically dominated by the Cr23C6 

carbides, these precipitates are treated here as one family of precipitate and 

hence, their spacing is quantified using a mean spacing approach. The 

model of Spigarelli [2013a] is extended to incorporate the assumption that 

M23C6 carbides are dispersed along boundaries and MX carbonitrides are 

within martensitic lath interiors to define the spacing between particles: 
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62
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  (7.47) 

where di and fi are the precipitate diameter and volume fraction respectively 

and i is M23C6 or MX, with the values taken from measured data [Abe, 

2008]. The quantity f is the volume fraction of boundaries for M23C6 

carbides ( gw ff  ) and the volume fraction of martensitic lath interiors (

gw ff 1 ) for MX precipitates. Due to the short-term nature of the cyclic 

tests, Laves phase particles do not form and hence, the concentration of 

molybdenum solutes, c, remains constant, such that the dc/dt term in 

Equation (7.7) goes to zero. The precipitate material parameters are 

presented in Table 7.1. 

Step 4: The fourth group of parameters to be identified are the dislocation 

pile-up material parameters, namely (i) the number of positions available for 

dislocation pile-ups, ng
*, (ii) the number of dislocations required for 

deformation, λg/b, and (iii) the grain (block) size parameter, αg. Assuming 

that viscous effects can be neglected for temperatures below 500 °C, these 

parameters are determined by implementing the material model as an elasto-

plastic flow rule (as opposed to the elasto-viscoplastic flow rule of Equation 

(7.6)). The development of the elasto-plastic flow rule is similar to that 

presented in the precipitate strengthening dislocation-mechanics model of 
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Bardel et al. [2015] and the phenomenological approach in Dunne and 

Petrinic [2005], with the governing flow rule defined as: 

 
    bpg

b
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(7.48) 

where Ψ is isotropic hardening modulus and Ωg and Ωp are the dislocation 

pile-up and dislocation bowing kinematic back-stress moduli respectively, 

defined as: 
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  (7.49c) 

Under the assumption that cyclic softening is not important for the initial 

monotonic phase of loading, the flow rule of equation (7.48) is a function of 

the kinematic back-stress only. Hence, using the precipitate strengthening 

spacing constants and initial mobile dislocation density (as described 

below), the three parameters, ng
*, λg, and αg, are determined by fitting the 

constants to test results at 20 °C, 400 °C and 500 °C to ensure that the 

identified parameters are temperature-independent. The resulting monotonic 

predicted response with the optimised fit is presented in Figure 7.9 for 

calibration conditions of applied strain-rate of 0.1 %/s and applied strain-

range of ±0.5 %. The identified material parameters for the formation of 

dislocation pile-ups at high-angle grain boundaries are presented in Table 

7.1.  
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Figure 7.9: Identification of the dislocation pile-up back-stress parameters from 
monotonic test data at temperatures of 20 °C, 400 °C and 500 °C. 

Step 5: The dislocation density evolution material parameters relating to 

Equations (7.27) to (7.38) are determined using microstructural analysis 

based on values presented in the literature. The initial mobile dislocation 

density, ρ
 , is set at 1.6×1014 m-2, as per the TEM measurements of Sauzay 

and co-workers [2005; 2008] and the initial density of LAB dislocations is 

determined based on Equation (7.44) in conjunction with the initial values 

of mean initial martensitic lath width, w0, and mean angle of misorientation, 

θ0. These values are identified from EBSD measurements on ES-P91 steel 

as discussed in Chapter 3, where the initial values are estimated at 0.5 μm 

and 1.6° for w0 and θ0, respectively. Based on the idealised geometry of a 

martensitic lath structure as shown in Figure 7.6c, with X1 = X2 = 4.0 and X3 

= 1.0, the initial LAB dislocation density, ρw,0, is 9.53×1015 m-2, a value 

which is within the range of 1015 to 1016 m-2 given in the literature 

[Magnusson and Sandström, 2007]. The mean width of the block 

configuration is 4.0 μm, from the measured EBSD images of Golden et al. 

[2014], with a block structure model similar to that of the martensitic lath 

structure of Figure 7.6c, with X1 = X2 = 5 and X3 = 1. Assuming that the 

initial density of HAGB dislocations, ρg,0, is set at a value of 1016 m-2, the 

volume fraction of HAGBs is estimated to be 0.1 if the spacing of HAGB 
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dislocations is determined as gg ρs 1 and using the identified parameters 

of  Table 7.1. This value is consistent with similar values   obtained by 

Roters and co-workers [2000] for an aluminium alloy, where the volume 

fraction of the cell wall regions was 0.1. The initial density of cell interior 

immobile dislocations, ρi,0, is set at 1.0×1011 m-2, assuming that the material 

is initially in a relaxed state [Magnusson and Sandström, 2007]. The critical 

distance for annihilation of edge dislocations, de, is set at a value of 6b, as 

determined for copper [Essmann and Mughrabi, 1979] and applied to P91 

steel in the work of Sauzay and co-workers [2005; 2008]. It is assumed that 

there are initially equal densities of edge and screw mobile, LAB and 

HAGB dislocations. Thus, one fitting parameter is left to be identified, the 

critical distance for dislocation lock configurations to form, dl. This value is 

identified using a best fit to experimental data for cyclic softening. The 

identified value of dl is 2b, a value which lies within the range of values 

presented in the literature for the critical distance for dislocation lock 

formation, i.e. from b [Hosseini and Kazeminezhad, 2011] to 6b [Roters et 

al., 2000].  

Step 6: The final step involves the identification of the cyclic viscoplastic 

material parameters, α and β. The value of β is set a constant value of 0.055 

MPa-1 for P91 steel and the value α is then fitted to stress relaxation test 

data. The identified temperature-dependent material parameter, α, is 

presented in Table 7.1 and the correlation achieved with experimental data 

for the calibration regime is presented in Figure 7.10. 
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Table 7.1: Material constants for ex-service P91 steel. 

Parameter T (°C) Value Source 
Elastic material parameters 

E 
400 183.6 GPa 

 500 173.1 GPa 
600 144.7 GPa 

μ 
400 70.6 GPa 

 500 66.6 GPa 
600 55.7 GPa 

σy,0 
400 275 MPa 

 500 200 MPa 
600 120 MPa 

Material constants (b.c.c.) 
M N/A 2.9  
b N/A 0.248 nm  
α1 N/A 0.4  
n N/A 5  

Precipitate material parameters 
dM23C6 N/A 50 nm [Abe, 2008] 
fM23C6 N/A 2.0 % [Abe, 2008] 
dMX N/A 20 nm [Abe, 2008] 
fMX N/A 0.2 % [Abe, 2008] 

Dislocation pile-up back-stress material parameters 
dg N/A 4.0 μm EBSD 
ng

* N/A 8.0  
λg N/A 1.0 μm  
αg N/A 1.0  

Martensitic lath material parameters 
w0 N/A 0.5 μm EBSD 
θ0 N/A 1.6° EBSD 

Dislocation density material parameters 

0ρ


 N/A 1.61014 m-2 [Sauzay et al., 2008] 

ρi,0 N/A 1.01011 m-2 
[Magnusson and 
Sandström, 2007] 

ρg,0 N/A 1.01016 m-2  
fg N/A 0.1  

de N/A 6b nm 
[Essmann and Mughrabi, 

1979] 
dl N/A 2b nm  

Cyclic viscoplastic material parameters 

α 
400 6.0×10-6 s-1  
500 1.0×10-6 s-1  
600 8.0×10-7 s-1  

β N/A 0.055 MPa-1  
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Figure 7.10: Comparison of the experimentally-measured and predicted evolutions 
of stress-strain response for temperatures of (a) 400 °C, (b) 500 °C, (c) 600 °C and 
(d) stress relaxation across the three temperatures under calibration conditions of 
an applied strain-range of ±0.5 % and strain-rate of 0.1 %/s. 

7.3.2. Validation for 9Cr steel cyclic plasticity 

The model is validated against ES-P91 tests for a range of strain-rates and 

strain-ranges different to the calibration conditions. The results are 

presented in Figure 7.11 for the initial and softened states across multiple 

strain ranges, for temperatures of 400 °C and 600 °C.  
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Figure 7.11: Comparison of the measured and predicted stress-strain response for 
an applied strain-rate of 0.033 %/s for the (a) initial cycle at 400 °C, (b) 600th cycle 
at 400 °C, (c) initial cycle at 600 °C and (d) 600th cycle at 600 °C across strain-
ranges of ±0.3 %, ±0.4 % and ±0.5 %. 

Figure 7.12 compares the predicted stress-strain response at sample strain-

rates of 0.1 %/s and 0.0005 %/s for two different strain-ranges, to show the 

ability of this model to predict both strain-range and strain-rate effects, as 

well as kinematic back-stress. 
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Figure 7.12: Comparison of predicted and measured stress-strain response at 600 
°C, for strain-rates of 0.1 %/s and 0.0005 %/s and strain-ranges of ±0.5 % and ±0.3 
%. 

7.3.3. Effect of microstructure on constitutive behaviour 

This section investigates the effect of the microstructural parameters on the 

constitutive behaviour of P91 steel, including the effect of precipitate radii 

and volume fraction, as well as the effect of initial block size. These 

microstructural parameters, which are sensitive to the heat treatment process 

and thermal aging, directly affect the key strengthening mechanisms for 

both fatigue and creep loading, and hence, play an important role in the high 

temperature performance of P91 steel. The effects of cyclic loading on the 

evolution of microstructural parameters, such as martensitic lath width and 

mobile dislocation density, is also investigated. The microstructural 

investigations are carried out for the calibration conditions of a strain-rate of 

0.1 %/s and a strain-range of ±0.5 %. 

The predicted effect of the initial diameters of MX and M23C6 precipitates 

on the first hysteresis cycle at 600 °C is shown in Figure 7.13. Smaller 

precipitates (for a constant volume fraction) are predicted to yield higher 

strength material, as there are more obstacles to impede the motion of 

mobile dislocations. This model does not include particle shearing. For the 

range of precipitates included in this analysis, the MX particles are 
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predicted to have a larger effect on the P91 response, as highlighted in the 

normalised stress-range predictions of Figure 7.14. The mean spacing 

between MX precipitates is smaller leading to an increased pinning effect 

within the martensitic lath interiors. 

 

Figure 7.13: Predicted stress-strain response for varying the initial (a) MX and (b) 
M23C6 precipitate diameter. 

 

Figure 7.14: Normalised comparison of the effect of MX and M23C6 precipitate 
diameters on the predicted stress-range. σ0 is the stress range for the precipitate 
diameter, di,o. 

The initial block size of 9Cr steels is dependent on the heat treatment 

process; longer hold times and higher temperatures result in a coarser 

‐500

‐250

0

250

500

‐0.6 ‐0.3 0 0.3 0.6

St
re
ss
 (
M
P
a)

Mechanical Strain (%)

20 nm

30 nm

40 nm

50 nm ‐500

‐250

0

250

500

‐0.6 ‐0.3 0 0.3 0.6

St
re
ss
 (
M
P
a)

Mechanical Strain (%)

60 nm
90 nm
120 nm
150 nm

(a) (b)

0.7

0.8

0.9

1

0.4 0.6 0.8 1

St
re
ss
 R
an

ge
 (
σ
/σ

0
)

Precipitate radius (d/d0)

M23C6

MX

dM23C6,0 = 150 nm
dMX,0 = 50 nm



7.   An improved dislocation-mechanics model for microstructural evolution 
and degradation in 9-12Cr steels 

 

303 
 

microstructure. In the model presented here, the effect of block size is taken 

into account via the back-stress for dislocations accumulating at HAGBs 

(see Equation (7.18)). The model predicts that coarser microstructures give 

a softer response (reduced stress-range), as illustrated by the result presented 

in Figure 7.15. The decrease in stress-range for increasing initial block 

width gives an increased plastic strain-range for the same strain-controlled 

loading conditions. This, in turn, reduces low cycle fatigue life, assuming 

material strain-life response is independent of block width, highlighting the 

requirement to optimise heat treatment prior to use under creep-fatigue 

loading conditions.  

 

Figure 7.15: (a) Effect of initial block width on the predicted constitutive behaviour 
of P91 steel and (b) comparison of predicted ES-P91 block size effect with 
measured data for an Fe-0.2C-2Mn steel [Morito et al., 2006]. 

The predicted effect of temperature on cyclic evolution of lath width is 

shown in Figure 7.16a for ES-P91 steel, with only a small effect of 

temperature predicted. This is expected as thermal aging has been shown to 

have little effect on the martensitic lath widening [Panait et al., 2010a], and 

hence, highlighting the importance of plastic deformation on the LAB 

dislocation annihilation process. However, it must be noted that the cross 

slip mechanism for immobile dislocations has been omitted from the present 

study, assuming that dislocation glide is the dominant mechanism for 

dislocation annihilation. Figure 7.16b highlights the effect of temperature on 

the dislocation density evolution for temperatures of 400 °C, 500 °C and 600 
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overall trend of a loss of mobile dislocations is predicted which is consistent 

with experimental observations [Giroux, 2011; Sauzay et al., 2005; Sauzay 

et al., 2008]. The model predicts some initial (anomalous) dislocation 

hardening for the 400 °C case. This appears to be due to the identification of 

the critical distance of dislocation lock formation, dl, and the assumption of 

constant immobile dislocation density at HAGBs. At lower temperatures, 

the effects of climb and cross slip are minimised, resulting in a net increase 

of immobile dislocations and subsequently an increased quantity of mobile 

dislocations trapped via dislocation entanglement (e.g. dislocation lock 

formation). Overall, for all three temperatures, a decreasing mobile 

dislocation density is predicted (indicative of cyclic softening). The initial 

loss of mobile dislocations for 600 °C (i.e. during cycle 1), appears to be 

quite large. Once again, this can be linked, at least partially, to the fitting 

parameter, dl, and the omission of immobile dislocation density evolution.  

 

Figure 7.16: Predicted effect of temperature on (a) martensitic lath width and (b) 
mobile dislocation density with cyclic evolution. 

Figure 7.17a shows a comparison of the predicted evolution of martensitic 

lath width, for two different initial martensitic lath widths, with measured 

data from the literature [Saad et al., 2011b; Sauzay et al., 2008] for a 

temperature of 600 °C. Similar martensitic lath growth is predicted for both 

initial lath widths. The predicted values show significantly more growth 

than measured data of Saad et al. [2011b]. The latter data was obtained from 

‘as-received’ P91, which experienced considerably lower plastic strain 

accumulation (see Figure 3.57) and the differences in initial microstructure 
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have not been accounted for here, e.g. initial value of dislocation density. 

The comparison with the measurements by Sazuay et al. [2008] of P91 steel 

tested under cyclic loading (1.0 % applied strain-range) at a temperature of 

550 °C give very good agreement. The final value of 1.4 μm predicted here 

is in very good agreement with the final measured value of 1.5 μm. The 

evolution of mobile dislocation density is presented in Figure 7.17b; the 

final predicted value is in agreement with that of Sauzay et al. [2008], 

highlighting the ability of the material model to predict the evolution of 

mobile dislocation density. 

 

Figure 7.17: Comparison of predicted microstructural evolution with measured data 
for (a) martensitic lath width (test data of [Saad et al., 2011b; Sauzay et al., 2008]) 
and (b) mobile dislocation density (data of [Sauzay et al., 2008]). 

Figure 7.18 compares the predicted evolution of densities of LAB 

dislocations and mobile dislocations for increasing numbers of cycles, 

illustrating a significantly higher density of LAB dislocations. The cyclic 

evolution of two initial martensitic lath widths is illustrated, with 

approximately equal densities of LAB dislocations with increasing cycles 

for both cases (only w0 and not the accompanying microstructure were 

modified for this simulation). A considerable reduction in mobile 

dislocation density is predicted for the coarser lath structure, illustrating the 

effect of a lack of boundaries for dislocation interactions to occur.  
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Figure 7.18: Cyclic evolution of mobile dislocation density (mobile) and low-angle 
boundary dislocation density (LAB) in ES-P91 steel. The solid lines correspond to 
an initial martensitic lath width of 0.5 μm and dashed to an initial martensitic lath 
width of 0.383 μm. 

Figure 7.19 compares the cyclic evolution of mobile dislocation density 

with and without the lath structure; highlighting the key role of LAB 

dislocation annihilation in cyclic softening. Note that the effect of the 

martensitic lath microstructure on initial yield strength, (recall that 

σy,0~10μb/w0) and the initially high dislocation density associated with a 

LAB structure is not taken into account. However, the results of Figure 7.19 

highlight the ability of the model to simulate cyclic hardening also (e.g. 

austenitic stainless steels for example). 
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Figure 7.19: Predicted effect of removing the martensitic lath structure. 

7.3.4. Initial modelling of creep deformation 

Application of the microstructure-sensitive modelling framework to 

constant load, long-term creep deformation is carried out using stresses in 

the range of 80 MPa to 125 MPa, at a temperature of 600 °C. This 

simulation of creep deformation represents a preliminary adaptation of the 

material model prescribed above, with some modifications to the creep 

model.  

For creep deformation, under the conditions of Equation (7.5), the inelastic 

strain-rate is:   

   bbcr
in σσσσαε  sgnsinh  (7.50) 

The back-stress, σb, of Equation (7.50) must account for (i) block growth (as 

per Equation (7.18)) and (ii) precipitate coarsening. The long-term, high 

temperature coarsening of precipitates is the key degradation mechanism 

included here and governed by the Ostwald ripening process, where the 

mean precipitate diameter is given by: 

tKdd iii  3
0,

3  (7.51) 
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with ‘i’ denoting either M23C6 or MX precipitates, di,0 is initial precipitate 

diameter, Ki is coarsening rate and t is time. Ki is fitted to measured data 

from the literature, with the correlation presented in Figure 7.20 for MX and 

M23C6 precipitates.  

 

Figure 7.20: Identification of the Ostwald ripening coarsening rates, via 
comparison with the measured data of Hald and Korcakova [2003], for (a) MX 
precipitates and (b) M23C6 carbides. 

The second adjustment to the cyclic deformation model presented above 

relates to the evolution of dislocation density. As the current dislocation-

mechanics model does not yet account for the transformation of the 

martensitic lath microstructure to a subgrain structure, the evolution of 

dislocation density is accounted for via the model of Esposito and Bonora 

[2012]: 











sss ρ

ρ

τ

ρ
ρ 1  (7.52) 

where τs is a constant and ρss is the steady-state value of dislocation density.  

The final difference between the cyclic and creep models relates to the 

viscoplastic (creep) constant, αcr. This parameter is identified by 

consideration of MSR data and the steady state hyperbolic sine creep flow 

rule ( βσαε cr
cr
ss sinh ) is fitted to measured data, as illustrated in Figure 4.10. 

The identified set of creep constants are presented in Table 7.2.  
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Table 7.2: Creep material constants for P91 steel at 600 °C. 

KM23C6 
(m3/hr) 

KMX 
(m3/hr) 

ρ0 (m
-2) ρss (m

-2) τs (hr) αcr (hr-1) 

5.0×10-16 1.0×10-18 8.0×1014 3.0×1014 1000 0.36×10-6 
 

Figure 7.21 illustrates application of the creep model to P91 steel at 600 °C 

for applied uniaxial stresses of 80 MPa, 110 MPa and 125 MPa. The 

comparison of the material model with experimental data demonstrates the 

potential of a microstructure driven approach to simulating creep 

deformation. As this is an initial implementation of the material model, 

some modifications are required to comprehensively account for the 

evolution of the microstructure and its effect on the resulting creep strains. 

Potential modifications to enhance the capability of the model are presented 

in Section 7.3.5. 

 

Figure 7.21: Comparison of model predicted and measured [Orlová, 1998] strain 
for creep deformation at 600 °C. 

7.3.5. Limitations of the current model for creep deformation 

The cyclic plasticity and creep models demonstrate a new concept for 

microstructure-sensitive modelling of 9Cr steels. The creep model provides 

an initial assessment of the capability of the microstructural degradation 
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approach to simulating creep-fatigue deformation in the material. The 

following highlights the future modifications to be incorporated in the 

modelling framework to greatly enhance the creep and cyclic plasticity 

modelling capability. 

The present methodology does not incorporate the effect of the time-

dependent precipitation of Laves phase particles during long-term creep 

deformation and the concomitant loss of the solute strengthening. Under the 

assumption that Laves phase particles form at grain boundaries, as per TEM 

investigations by Panait et al. [2010a], the strengthening owing to these 

secondary phase particles could be incorporated within the present 

framework by taking a mean spacing of precipitate value, using an approach 

similar to Spigarelli [2013]. Although the formation of Laves phase particles 

does provide a key strengthening mechanism during creep deformation, 

contributing to the extended primary creep phase observed in 9Cr steels, the 

loss of the Mo and W solute strengthening mechanism results in (i) 

decreased creep strength and (ii) a reduced yield stress value, σy, via 

Equation (7.7). Thus, a simultaneous model for the rate of Mo and W 

depletion (for P92 steels) depletion is required within the present 

framework.   

There is a requirement to measure and subsequently develop a model, for 

the coarsening of the HAGB microstructure, as well as transformation and 

coarsening of the martensitic lath microstructure to a more equi-axed 

subgrain structure during creep deformation.  

Finally, the creep deformation only incorporates primary and secondary 

creep and does not account for the mechanisms of degradation during 

tertiary creep. In particular, the formation of creep voids, which 

predominantly tend to form near larger particles such Laves phase 

precipitates, lead to creep damage in the material, and hence, tertiary creep. 

The formation of voids could be incorporated using the CDM approach of 

Hayhurst and co-workers [Perrin and Hayhurst, 1996]. The rapid 

degradation of the microstructural parameters, such as HAGB deformation 

[Abe, 2015], during tertiary creep should also be investigated and included 
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within the current formulation to yield more accurate simulations of the 

tertiary creep deformation.  

7.4. Discussion 

The material model presented here, coupled with the parameter 

identification methodology, predicts the constitutive response of the 

material including salient microstructure variables. A key advantage is that 

the microstructural parameters are primarily temperature-independent. 

Furthermore, the hyperbolic sine formulation allows prediction of the strain-

rate effect.  

During cyclic softening, LAB dislocation annihilation occurs, leading to 

martensitic lath coalescence and an increase in the mean martensitic lath 

width (Figure 7.16a and Figure 7.17a). The increased rate of martensitic lath 

widening in the ES-P91 steel when compared to the AR-P91 steel of Saad 

and co-workers [2011a; 2012] is expected due to the higher plastic strain-

range in the ES-P91 steel (see Chapter 3). The predictions of Figure 7.17 

show the ability of the model to capture the effect of initial martensitic lath 

width on the cyclic dislocation density evolution. This illustrates the 

importance of (i) chemical composition and (ii) heat treatment on the high 

temperature constitutive performance of 9Cr steels.  

From the present microstructural evolution predictions and comparisons 

with measured microstructural data from the literature, it is clear that cyclic 

deformation can have a detrimental effect on structural integrity of P91 and 

similar materials. In particular, the initial rapid decrease of dislocation 

density, concomitant with a rapid increase in martensitic lath width, leads to 

a much coarser microstructure over a relatively small number of cycles. 

This coarser hierarchical microstructure, with the potential for strain-

dependent particle coarsening [Taneike et al., 2001], yields a material with a 

significantly reduced creep strength. This highlights the requirement for the 

material microstructure modelling for fatigue-creep and creep-fatigue. It is 

argued here that the microstructural degradation of 9Cr steels due to LCF 

loading is the predominant source of fatigue damage for power plant 
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components, even though such components are predominantly subjected to 

creep loading. However, on the other hand, due to the potential short time to 

fatigue crack initiation in 9Cr steels [Li et al., 2015], the effects of the 

formation of micro-cracks at point defects such as M23C6 and MX 

precipitates cannot be omitted, along with their potential contribution to the 

coalescence of creep voids along boundaries. This requires the inclusion of 

HAGBs and dislocation pile-up formation in a microstructure-sensitive 

macro-scale material model, as dislocation-mechanics plays an important 

role in micro-crack formation [Hu et al., 2014]. Coupled with the 

exacerbated microstructural degradation generally associated with TMF 

conditions, it is anticipated that thermal fatigue (and associated 

microstructural degradation) is a key consideration for failure of power 

plant components, including Type IV cracking. Thus, the development of a 

creep model, using the present set of microstructural parameters, and 

incorporating new parameters, such as the precipitation of Laves phase 

particles and creep void formation, represents a key next step in the 

development of a multi-scale modelling methodology for next generation 

power plant components under flexible operation. 

The ability of the material model to predict the stress-strain response in 

materials without a hierarchical microstructure (Figure 7.19) is of particular 

importance for the simulation of welded connections. For 9Cr welded 

connections, without the inclusion of boron to maintain the hierarchical 

structure following welding [Albert et al., 2005; Abe et al., 2010], the 

microstructure of the material is significantly different to that of parent 

material. Due to the narrow HAZ region in a welded connection (more 

accurately characterised as coarse-grain, fine-grain and inter-critical HAZ 

subdivisions of a heterogeneous microstructure), it is difficult to determine 

phenomenological material parameters, i.e. such as the fourteen parameters 

required per temperature for the model presented in Chapter 4, across a 

broad range of temperatures and loading conditions. Hence, a material 

model based on microstructural parameters measured using EBSD, SEM 

and TEM offers an attractive solution. The yield stress and Young's 

modulus can be determined from micro-hardness and nano-indentation 
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testing, leaving only a small number of material parameters to be identified 

via cross-weld specimen testing.   

Compared to the model presented in Chapter 6, this new model represents 

significant improvements in the definition of (i) martensitic lath widening 

due to the physical LAB dislocation annihilation process, (ii) an improved 

model for the bowing out of a dislocation pinned at precipitates, (iii) 

extension of the dislocation-mechanics framework to include both edge and 

screw type dislocations, and (iv) the incorporation of HAGB strengthening 

via a dislocation pile-up mechanism, resulting in a significant reduction in 

the required number of material parameters and improved prediction of the 

evolution of key microstructural variables, such as martensitic lath 

widening. Although this model does not currently account for immobile 

dislocation-dislocation interactions (e.g. dislocation entanglement leading to 

increased strengthening), future work will look to incorporate this within the 

present framework, in conjunction with (i) strain-dependent precipitate 

coarsening [Taneike et al., 2001] and (ii) more physical representation of the 

cyclic viscoplastic material parameters, as discussed in the work of Dyson 

[2000].   

7.5. Conclusions 

This chapter presents an improved modelling methodology for 

microstructure-sensitive modelling of 9Cr steels compared to the model 

presented in Chapter 6. In particular, this chapter presents a novel macro-

scale modelling methodology for LAB dislocation annihilation and 

enhanced precipitate and grain boundary strengthening. The main 

conclusions from this work are: 

 Incorporation of key microstructural parameters within a strain-rate 

sensitive material model. The newly developed model is capable of 

predicting the strain-rate effect for higher and intermediate strain-

rates via the variable strain-rate sensitivity of the hyperbolic sine 

formulation. 
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 Development of a model for the combined kinematic back-stress due 

to (i) M23C6 carbide and MX carbonitride precipitate strengthening 

and (ii) the formation of dislocation pile-ups at high-angle 

boundaries, with successful application to high temperature low 

cycle fatigue conditions. The predicted results highlight the 

requirement for long-term thermal (and strain-dependent) stability of 

precipitates and the importance of maintaining a minimum block 

width within the hierarchical microstructure for high temperature 

cyclic deformation. 

 Development of a dislocation-mechanics modelling framework for 

simulating cyclic softening due to microstructural degradation and a 

reduction of the initially high mobile dislocation density. The initial 

martensitic lath width is predicted to control the level of 

consumption of mobile dislocations. 

 Due to the complex nature of the hierarchical microstructure in 9Cr 

steels, a broad range of strengthening mechanisms must be 

incorporated to accurately predict the constitutive behaviour. The 

omission of any one of these strengthening mechanisms is found to 

yield unsatisfactory results.  

 The predicted results highlight the considerable microstructural 

degradation which occurs in 9Cr materials under cyclic loading. In 

particular, martensitic lath coalescence due to the loss of the low-

angle boundary microstructure is predicted to be severe for initial 

cycles. This microstructural degradation is anticipated to have a 

significant effect on the thermo-mechanical performance of such 

materials. 
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8. Conclusion and Recommendations 

 

8.1. Conclusions 

The investigation into the high temperature fatigue performance of 9Cr 

steels presented in this research includes (i) the experimental testing of P91 

steel and MarBN, (ii) development of a phenomenological user material 

subroutine and step-by-step parameter identification methodology for the 

constitutive behaviour of 9Cr steels using a hyperbolic sine unified cyclic 

viscoplastic material model and (iii) a microstructure-sensitive cyclic 

viscoplastic model for high temperature fatigue. The key conclusions 

determined during this research are presented below.  

The high temperature low cycle fatigue tests carried out on ex-service P91 

steel (ES-P91) in Chapter 4 illustrate considerable cyclic softening and a 

significant strain-rate effect. Cyclic softening is shown to be a temperature-

dependent phenomenon resulting in a material with lower (creep) strength. 

Comparisons made against ‘as-received’ P91 steel from the literature, with 

similar chemical composition and heat treatment, highlight little or no effect 

of the 35,168 hrs subcritical service history. However, the coarser 

martensitic lath structure of the ES-P91 prior to fatigue testing indicates that 

the 65 start-up cycles (flexible plant operation) have possibly softened the 

material, leading to more rapid cyclic softening. 

The strain-rate effect in P91 steel becomes significant at temperatures in 

excess of 500 °C, resulting in a reduction in stress-range. Decreasing strain-

rate also yields a lower number of cycles to failure across the three 

temperatures tested (e.g. 400 °C, 500 °C and 600 °C). The experimentally 

observed decrease in stress-range with decreasing strain-rate at 600 °C (e.g. 

646 MPa at a higher strain-rate of 0.033 %/s compared with 473 MPa at an 

intermediate strain-rate of 0.0005 %/s) is consistent with the measured 

effect of stress on minimum creep strain-rate for constant load tests. This 

highlights (i) potential complications and limitations with operating 9Cr 
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steels at higher temperatures and (ii) the requirement to account for the 

strain-rate effect when predicting plant creep-fatigue life. As laboratory 

experiments are normally carried out at higher strain-rates, reliable 

extrapolation to the intermediate and lower strain-rates of power plant 

components is required. Hence, material models, which are normally 

calibrated at higher strain-rates, must be capable of accurately predicting the 

constitutive behaviour of materials across a broad range of strain-rates and 

validated against slower strain-rate tests. The incorporation of variable 

strain-rate sensitivity in the constitutive model through a hyperbolic sine 

flow rule represents an important capability of the framework presented. It 

was shown in Chapter 4 that the hyperbolic sine methodology allows a 

smooth transition from the higher strain-rate regime to the low strain-rate 

regime. This formulation has been validated in Chapter 7 for high 

temperature low cycle fatigue behaviour at strain-rates from 0.1 %/s to 

0.0005 %/s. 

Thermo-mechanical loading is found to have a potentially detrimental effect 

on the fatigue life of P91 steel. Through a comprehensive thermo-

mechanical fatigue (TMF) test program of ES-P91, across a range of strain-

rates and strain-ranges and for in-phase (TMF-IP) and out-of-phase (TMF-

OP) loading, the fatigue life of the ES-P91 steel is found to be considerably 

lower than that of isothermal fatigue tests in the same 400 °C to 600 °C 

temperature range. In particular, TMF-OP loading, which is more 

representative of realistic loading conditions, is shown to have a devastating 

effect on the fatigue life of ES-P91 steel (approximately 50 % of the fatigue 

life of TMF-IP loading in the 400 °C to 600 °C range and just 30 % of the 

fatigue life under isothermal loading conditions at 600 °C). This highlights 

(i) the requirement to characterise the TMF behaviour of candidate 

materials, (ii) the importance of thermal strains on the structural integrity of 

plant components and (iii) the significance of being able to simulate the 

effect of thermal transients on the material deformation. 

MarBN, a new 9Cr steel, developed for higher creep strength at higher 

operating temperatures, has been tested, for the first time, under fatigue 
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loading conditions. This initial phase of fatigue testing represents a key step 

in the successful development of a candidate material for next generation 

power plant materials. The cast MarBN product tested here is found to have 

a superior strength when compared to both P91 and P92 steels. It is 

concluded that this improved strength is predominantly due to the inclusion 

of 3 wt.% tungsten, improving the solid-solution strengthening mechanism 

and the density and performance of W23C6 carbides. Secondly, it is the 

opinion of the author that the inclusion of a small amount of boron yields 

more stable M23C6 precipitates and hence, improved precipitate 

strengthening which contributes to the overall strength of the material. 

These modifications to the 9Cr steels have been shown here to vastly 

improve the material strength under fatigue loading conditions and early 

indications in the literature also anticipate that these changes will yield a 

material with improved creep performance also. 

A key observation relating to microstructure is that the initial martensitic 

lath width is found to be extremely important for cyclic softening in 9Cr 

steels. The coarser initial martensitic lath width results in a higher rate of 

cyclic softening, leading to (i) more rapid microstructural degradation and 

(ii) a reduction in creep strength. This is due to easier motion of dislocations 

in the coarser microstructure. The coarser grain size in MarBN may also 

facilitate increased mobility of dislocations. However, due to the superior 

strength, MarBN maintains a higher stress-range until the onset of failure, 

further highlighting the important role played by tungsten for high 

temperature deformation. 

The MarBN material tested here is shown to have a fatigue life comparable 

with P91 steel. However, it should be noted that the MarBN material is in 

cast form, leading to the existence of casting defects and gas pores in the 

microstructure. This has led to the formation of fatigue striations at such 

inclusions within the test specimen, reducing the fatigue life of the MarBN 

material. Due to the potential improvements to fatigue life which may be 

gained from a rolled product and optimised heat treatments, as well as the 

higher strength at 600 °C, MarBN is predicted to have at least equivalent 

fatigue performance to that of the current state-of-the-art materials. 
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Combined with (i) a higher creep strength compared with the current power 

plant materials and (ii) suppression of Type IV cracking via the maintenance 

of a hierarchical microstructure following welding, MarBN has the potential 

to be a successful material for future power plant operating under flexible 

loading and higher temperatures (e.g. ultra-supercritical operation), resulting 

in more sustainable power generation with reduced emissions. 

The results of the high temperature fatigue test program highlight the rapid 

microstructural degradation under flexible operation and the requirement to 

account for the evolution of key microstructural variables for potential 

creep-fatigue-corrosion models. The evolution of the microstructure under 

cyclic plasticity is also extremely important for realistic creep-fatigue 

simulations at the component level. The development of a microstructure-

sensitive cyclic viscoplasticity model at the macro-scale, involving key 

microstructural parameters for both creep and fatigue loading such as 

martensitic lath width, precipitates and dislocation density, represents an 

important framework for microstructural evolution. Hence, more accurate 

simulations of the constitutive behaviour of 9Cr steels under creep-fatigue 

loading can be carried out. The newly developed microstructure-sensitive 

fatigue model demonstrates excellent performance in the prediction of the 

constitutive behaviour of ES-P91 steel across a range of temperatures, 

strain-ranges and strain-rates. The material model is capable of predicting 

cyclic softening due to a decrease of mobile dislocation density via (i) 

spontaneous mutual annihilation of dislocations, (ii) low-angle boundary 

dislocation annihilation, and (iii) the immobilisation of dislocations. The 

development of a geometrical model relating martensitic lath width, shape 

and angle of misorientation to low-angle boundary dislocation density is the 

key step to simulating the cyclic softening phenomenon in a macro-scale 

material model. The predictions for the evolution of mean martensitic lath 

width, which occurs here due to low-angle boundary dislocation 

annihilation and subsequent martensitic lath coalescence, are found to be 

within acceptable limits for measured data presented in the literature. This 

successful prediction of martensitic lath width is central to mobile 
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dislocation density evolution and subsequently, prediction of recovery in 

9Cr steels.  

8.2. Recommendations for Future Work 

The work presented here represents a significant first step in the successful 

development of a materials design tool to aid the manufacture of complex 

alloys for high temperature creep-fatigue-corrosion loading conditions. 

Further work is necessary to achieve the overall aim of an advanced 

materials capability to design and optimise materials for next generation 

power plant. The following section highlights some of the key steps 

required to fulfil this aim, with concepts relating to experimental testing, 

microstructural analysis, manufacture (including chemical composition and 

heat treatment with thermodynamic modelling) and physically-based multi-

scale modelling discussed. 

The test program of Chapter 3 presents a characterisation of the high 

temperature fatigue behaviour of 9Cr steels. However, clearly a more 

expansive and comprehensive program of tests would be beneficial. For 

example, a series of creep-fatigue, creep-TMF and creep-fatigue-corrosion 

tests could be considered to investigate the effect of the interactions of these 

different key loading conditions on the life of 9Cr steels. These tests would 

allow validation of more complex constitutive models and life assessments 

at the component level. There is also a broad range of thermal aging, 

corrosion and oxidation experiments which can be carried out to investigate 

and quantify the temperature-dependent mechanisms of deformation, such 

as precipitate coarsening and oxide layer growth similar to that of O'Hagan 

et al. [2015a].  

Coupled with this potential to investigate a wider scope of mechanisms of 

deformation, there are opportunities to extend upon the microstructural 

analyses carried out on 9Cr steels to date. This microstructural analysis 

should focus on (i) characterising the initial microstructure (e.g. for varying 

composition and heat treatments), (ii) microstructural evolution under creep, 

fatigue and corrosion loading and (iii) microstructural investigations to 
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determine the mechanisms of failure across a range of test conditions. In 

particular, more TEM studies are required to provide more detail, in terms 

of cyclic evolution for example, on (i) the precipitates, (ii) dislocation 

density and (iii) martensitic laths during high temperature creep-fatigue 

deformation.  

On the basis of the numerical modelling methodology presented here, a 

number of minor improvements and modifications can be suggested for the 

microstructure-sensitive fatigue model. Firstly, the volume fraction of 

M23C6 carbides left behind in the matrix material can be incorporated using 

the volume fraction of low-angle boundaries annihilated and incorporating 

the new density of M23C6 precipitates within the martensitic lath interiors to 

adjust the spacing of cell interior obstacles to account for low-angle 

boundary dislocation annihilation. The spacing of solutes (Mo and W) 

should also be included as obstacles to the motion of mobile dislocations, as 

well as the presence of immobile dislocations. Furthermore, the strain-

dependent increase in particle spacing should also be incorporated in the 

present framework, e.g. as per the model of Taneike and co-workers [2001].  

The microstructure-sensitive model presented here for recovery in 9Cr steels 

is predicated on the evolution of mean martensitic lath width and 

dislocation-mechanics based on the glide of mobile dislocations only. Thus, 

there exists an opportunity to incorporate the effects of climb and cross-slip 

to evolve the density of immobile dislocations. In particular, cross-slip can 

be quite important for b.c.c. materials at high temperature and inclusion of 

cross-slip will also account for stacking faults. As the stacking fault energy 

is quite high in 9Cr steels, and hence, dynamic recovery and not dynamic 

recrystallization is important, illustrating the need to account for the cross-

slip mechanism with respect to screw dislocations. Furthermore, the effect 

of initial martensitic lath width (via variations in heat treatment and 

measuring the subsequent evolution of martensitic lath width as a function 

of cycles) requires further experimental investigation to (i) quantify its 

effect on the high temperature fatigue performance of 9Cr steels and (ii) 

provide further validation of the proposed microstructure-sensitive 

modelling framework. The initially rapid degradation of martensitic lath 
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width also highlights the requirement to carry out creep tests and pre-

fatigued creep tests. The pre-fatigued creep test would be at identical 

conditions to the creep test, but cycled for approximately 20 to 50 cycles 

prior to the commencement of the creep part. The purpose of this test would 

be to illustrate the importance of accelerated microstructural degradation on 

the creep life of hierarchical 9Cr steels. 

The modelling approach presented here uses mean values of the 

microstructural variables, for example, martensitic lath width and angle of 

misorientation between laths. However, the microstructure of such materials 

has a distribution of such parameters; these distributions which can be 

measured using techniques such as EBSD, in the case of the initial angle of 

misorientation of low-angle boundaries, for example. The distributions can 

be incorporated by extending the UMAT subroutine of Chapter 4 to 

incorporate the microstructure-sensitive model, coupled with distributions 

of microstructural parameters in the material microstructure. The 

distribution of M23C6 and MX precipitates may yield precipitates which are 

too small to pin dislocations. For these smaller precipitates, particle shearing 

may be important and hence, further investigation is required to examine 

these processes.  

The microstructure-sensitive model developed here focused on fatigue (and 

creep to a lesser extent) loading at high temperature. However, for 

component level modelling under realistic conditions, it would be beneficial 

to extend the current framework to incorporate the effect of corrosion 

deformation. Thermal aging and corrosion testing is the focus of ongoing 

work at NUI Galway [O’Hagan et al., 2015a], in conjunction with material 

models incorporating the effect of corrosion on creep life of 9Cr steels 

[O’Hagan et al., 2015b]. There also exists the opportunity to account for the 

loss of strengthening mechanisms, e.g. M23C6 carbide depletion near the 

surface, due to the corrosion process via volume fraction approaches. 

Moving forward to realistic operating conditions, this microstructural 

degradation could play an important role in accurate life assessment of next 

generation power plant components.  
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The majority of the discussion in this thesis relates to the development of 

material models at the macro-scale. However, as the proposed concepts are 

based on physical and micromechanical processes, a multi-scale modelling 

methodology is required, with the microstructure-sensitive modelling 

framework at the continuum level representing an efficient method for 

providing a physical link between the macro-scale deformation of 

components and the micro- and nano-scale mechanisms of deformation. 

Thus, there is a necessity to carry out bottom-up modelling using a crystal 

plasticity framework such as those developed by Li et al. [2014], Giroux 

[2011] or Sweeney et al. [2014]. This approach should follow a consistent 

methodology through all of the scales and, as proposed here, should be 

based on a dislocation-mechanics methodology. The importance of the 

crystal plasticity modelling is to ensure that the effects predicted at the 

macro-scale, e.g. precipitate strengthening, are consistent with that of 

measured microstructure models at the micromechanical level. Furthermore, 

due to the complexity of dislocation interaction events, for example at high-

angle grain boundaries, and to ensure that the dislocation-mechanics 

approach is providing realistic simulations, discrete dislocation dynamics 

and atomistic level modelling can be important in the multi-scale modelling 

framework. 

The current modelling methodology just considers the constitutive 

behaviour of 9Cr steels. However, in such materials, crack initiation occurs 

quite early, with the generation of micro-cracks possibly at microstructural 

defects such as precipitates dispersed along boundaries. The formation of 

such micro-cracks, which have been observed using SEM, can propagate to 

form macro-scale cracks leading to a fatigue dominated failure. The 

development of a dislocation-based failure prediction methodology is the 

focus of ongoing work, e.g. see Li et al. [2015]. The formation of micro-

cracks due to fatigue loading at precipitates dispersed along boundaries also 

has the potential to aid the coalescence of creep voids, promoting creep 

crack growth in the material, representing a potentially important creep-

fatigue damage mechanism.  
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In terms of the phenomenological modelling methodology presented, the 

development of a plastic strain energy density based failure model 

represents an appealing prospect for predicting the failure of 9Cr steels 

subjected to TMF loading conditions. With the predicted constitutive 

behaviour illustrating good agreement with experimental data, plastic strain 

energy density methods would allow for the asymmetric nature of TMF 

hysteresis loops to be accounted for, and hence, enabling more accurate life 

prediction for (i) TMF tests under experimental conditions and (ii) realistic 

TMF loading for power plant candidate materials and even other TMF 

processes such as automotive exhaust systems, for example. Continuum 

damage mechanics methodologies, e.g. the approach of Perrin and Hayhurst 

[1996], should also be investigated and extended to creep-fatigue-corrosion 

deformation in 9Cr steels and other candidate materials.  

There also exists a requirement to investigate the manufacturing process of 

candidate materials, including detailed analysis of the material chemical 

composition and heat treatment procedure. The simulation of the 

thermodynamic processes involved using ThermoCalc, for example, can 

provide invaluable information into the precipitation process during heat 

treatment. Hence, using a microstructure-sensitive creep-fatigue modelling 

methodology, an optimised initial material microstructure can be developed 

for flexible, high temperature operation of power plant components. Of 

course, a comprehensive test program is also necessary to (i) validate the 

thermodynamic simulations and (ii) investigate the strengthening 

mechanisms, mechanisms of microstructural deformation and failure of any 

potential candidate materials. With respect to welded connections, the post 

weld heat treatment must also be investigated, as well as the welding 

process itself. The possibility of carrying out tests on simulated heat 

affected zone (HAZ) specimens under the conditions mentioned above 

should also be considered. 

Investigations into the effect of microstructure evolution during creep-

fatigue loading of welded connections is also important for the prediction of 

Type IV cracking of power plant components. Although Type IV cracking 

is a creep-dominated failure mechanism, microstructural degradation during 
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flexible loading can soften the material, reduce creep strength and accelerate 

the failure of such components. Thus, the development of a microstructure-

sensitive creep-fatigue modelling methodology in this research is 

anticipated to aid numerical life prediction of such components and due to 

the reduction in creep strength, also highlights the key requirement to 

account for the evolution of the microstructure under flexible operation.
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Appendix A: Thermodynamic Framework 

The thermodynamic framework for the hyperbolic sine continuum level 

model is predominately based on the well established framework for the 

power law model of Chaboche [Lemaitre and Chaboche, 2000]. The 

thermodynamic framework satisfies both the first and second laws of 

thermodynamics and the thermodynamic variables related to the hardening 

terms are obtained through careful choice of internal variables. The 

conservation of energy is defined as [Lemaitre and Chaboche, 2000; 

Maugin, 1992; Othman et al., 1993; Vakili-Tahami et al., 2005]: 

: 	 div	  (A1) 

where e is the specific internal energy, rvd is the volumetric density of 

internal heat production and q is the heat flux. The second law of 

thermodynamics is defined as [Lemaitre and Chaboche, 2000]: 

d
d

grad	
0 (A2) 

where s is the specific entropy. Combining the first and second laws of 

thermodynamics and multiplying by T > 0 yields: 

d
d

d
d

: .
grad

0 (A3) 

The rate form of the specific free energy, Ψ, is given as [Lemaitre and 

Chaboche, 2000]: 

d
d

d
d

d
d

 (A4) 

The Clausius-Duhem inequality may then be obtained by rearranging and 

inserting Equation (A4) into the second law of thermodynamics [Lemaitre 

and Chaboche, 2000]: 

:
grad

0 (A5) 
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For the hyperbolic sine material model within the present study, the specific 

free energy, Ψ, may be decomposed into its elastic and inelastic components 

as: 

, , ,  (A6) 

where Ψel represents the elastic specific free energy, εel is the elastic strain 

tensor, Ψpl is the inelastic specific free energy, αi represents the kinematic 

hardening variables, ri corresponds to the isotropic hardening variable and i 

= 1, 2. From Equation (A6), the thermodynamic variables related to the 

hardening terms are given as: 

∂
∂

 (A7) 

∂
∂

 (A8) 

To relate the hardening thermodynamic variables to a set of complementary 

laws, a dissipation potential is required. A Legendre-Fenchel transformation 

is used to obtain the flux variables as a function of the dual variables, to 

allow the required complementary laws to be calculated through the 

evaluation of the increment in effective plastic strain. The flux and dual 

variables are highlighted in Table A.1 and for the current material model, 

the dual form of the dissipation potential is: 

, , ; , ,  (A9) 

Thus, the resulting complementary laws are of the form: 

∂
∂

 (A10) 

∂
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 (A11) 

∂
∂

 (A12) 
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The free energy is given by [Chaboche, 1997; Lemaitre and Chaboche, 

2000]: 

1
3

:  (A13) 

and the isotropic hardening term, hi(p), is defined as [Lemaitre and 

Chaboche, 2000]: 

1 exp  (A14) 

Thus, the associated thermodynamic variables (see Equations (A7) and 

(A8)) may be rewritten as: 

d
d

 (A15) 

2
3

 (A16) 

In this model, it is assumed that the viscoplastic flow is volume preserving 

and the third invariant is neglected. The dissipation potential is chosen in 

such a manner that the evolution laws for isotropic and kinematic hardening 

(described in more detail below), are preserved and the dissipation potential, 

Ω, is defined as [Lemaitre and Chaboche, 2000]: 

J
1
2

J

2
9

J ; ,  

(A17) 

where γi is the temperature-dependent non-linear kinematic hardening 

material parameter. Thus, the complementary laws may be obtained by 

differentiating Equation (A9) with respect to the dual variables, such that 

the complementary laws of Equations (A10) to (A12) become [Chaboche, 

2008; Chaboche et al., 2012; Lemaitre and Chaboche, 2000]: 
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 (A19) 

∂
∂
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where n is the tensor normal. Combining Equation (A11) and Equation 

(A19) allows for the kinematic hardening evolution law described in 

Equation (4.13) to be obtained and such that the dissipation potential 

reduces to [Lemaitre and Chaboche, 2000]: 

J ; ,  (A21) 

Table A.1: The dissipation variables within the material model written in terms of 
the flux and dual variables. 

Dissipation Variables  

Flux Variables Dual Variables 
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Appendix B: Material Jacobian for Viscoplastic Deformation 

For an axisymmetric loading conditions, the material Jacobian for the 

phenomenological hyperbolic sine unified cyclic viscoplastic model of 

Chapter 4 is: 
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with the relationship between the differential increment of the stress tensor, 

δσ, differential increment of the strain tensor, δε, derived in Section 4.4.1 

and defined as: 
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Equation (B2) can be rewritten more concisely as: 
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where: 
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In Equation (B3), the contracted tensor products can be extended as: 
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For viscoplastic deformation, the individual components of the material 

Jacobian presented in Equation (B1) are defined in the following sections. 

For the 11 components: 
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For the 22  components: 
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For the 33  components: 
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For the 12  components: 
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