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Abstract 

This thesis presents a combined experimental and computational characterisation programme 

of work for development of a through-process modelling methodology for the welding, post-

weld heat treatment and in-service performance of 9Cr steel power plant components.  

 

The through-process modelling methodology links welding processes, microstructure 

evolution and mechanical performance as a step towards a weld-design tool for industry. This 

modelling methodology utilises finite element welding simulation to represent test specimens 

and power plant components. Weld metal regions are defined and weld beads are applied in 

sequence to represent multi-pass welding processes. 

 

Empirical, temperature-dependent microstructure-evolution models are developed to account 

for the evolution of Vickers hardness, prior austenite grain size, lath-width and the diameter 

and area fraction of carbide precipitates. The predicted microstructures influence subsequent 

constitutive behaviour via microstructure-dependent constitutive parameters. 

 

A visco-plastic constitutive model is designed to predict the mechanical performance of 

welded 9Cr test specimens under tensile and cyclic loading conditions and power-plant 

components under flexible operation conditions. Distributions in predicted microstructure 

(e.g. the separate HAZ regions) lead to distributions of predicted material behaviour without 

the need to deliberately partition the FE geometry and define specific material properties. The 

constitutive model is calibrated against tensile and cyclic test data for 9Cr steel at elevated 

temperature. 
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An experimental test programme is conducted consisting of bead-on-plate welding trials and 

Gleeble physical simulation for manufacture of heat-affected zone material, as well as 

subsequent thermomechanical fatigue testing of parent material and simulated heat-affected 

zone. The bead-on-plate trials provide key thermal history data which acts as input for the 

Gleeble welding simulations, as well as residual stress, hardness and grain size data for weld-

affected regions. Application of the through-process model to the weld-on-bead tests provides 

general agreement with residual stress, hardness and microstructure (prior austenite grain size) 

distribution.  

 

TMF testing of the Gleeble-simulated heat-affected zone and parent material has 

demonstrated that the simulated as-welded HAZ has a higher cyclic strength and longer life 

than parent P91 (particularly for the more detrimental out-of-phase condition). Simulated 

post-weld heat-treatment leads to significant reduction in as-welded cyclic strength and life 

relative to the as-welded. The through-process model shows general agreement with these 

relative cyclic strength trends, viz. significant increase due to welding and decrease due to 

post-weld heat treatment.  
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Chapter 1 

Introduction 

1.1. General 

Power generation has traditionally been designed to operate under so-called base-load 

conditions, which corresponds to near-steady operating conditions throughout the life of a 

power plant, typically at least 40 years. The primary failure mode for such conditions is creep, 

so power plant components were primarily designed for creep-resistance.  

 

Modern and future power plant, however, is required to operate under very different 

conditions in an era of increased scrutiny of carbon emissions and pollution. Currently, 

various governments are setting targets, with which industry is bound to comply, aimed at 

reducing carbon emissions (e.g. [1-3]). One method by which emissions can be reduced is to 

increase plant operating temperatures and pressures, as illustrated by Fig. 1.1, and another is 

to utilise power plant to a lesser extent and hence burn less fossil fuel. This is achieved by (a) 

monitoring energy demand and adjusting power plant output to match, e.g. industry and 

business typically requires more energy during the working week, when they are open, 

compared to at the weekend, and (b) migrating from complete reliance to traditional power 

plant towards renewable energy sources. The former prevents the oversupply of energy, and 

hence excess burning of fuel, while the latter circumvents the need for fossil fuels in the first 

place.  

 

By definition, adjusting power output to variable demand leads to flexible-operation 

conditions for power plant but the move to renewable energy also leads to flexible operation. 

Wind energy is a popular alternative to traditional power plant but it is an intermittent energy 
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source so traditional power plant must intervene when there is a shortfall in wind energy 

output and this means adjusting power plant output up and down to provide grid stability. 

 

Increased energy efficiency introduces difficulties for plant operators because if the operating 

temperatures and pressures are increased then the creep-loading conditions become more 

severe (e.g. higher stresses on hotter, therefore softer, material). More severe creep-loading 

inevitably reduces material life. Flexible-operation also reduces material life due to the 

effects of fluctuating temperatures and pressures with associated fluctuating stresses and 

strains, leading to high-temperature, low-cycle fatigue (HTLCF), creep-fatigue (CF) or 

thermomechanical fatigue (TMF). 

 

 
Fig. 1.1. A comparison between power plant operating conditions (in black and white – Sub-

critical is on the left and ultra-super-critical ‘B’ is on the right) and the net plant efficiency, 

reproduced from Potirniche et al. [4]. 
 

It is clear that material, and therefore component, life in general is reduced by more energy-

efficient plant operating conditions but, for the 9Cr family of power plant steels, welded 

material regions are particularly badly affected. The material microstructure in these regions 
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is generally sub-optimal compared to parent-metal. The parent material is produced via 

careful heat-treatment processes but welding, which is typically a high-temperature process, 

can disrupt the material microstructure and its strengthening mechanisms.  Welded 

connections are typically the regions in which component failure occurs in power plant. The 

main types of damage or cracking are shown in Fig. 1.2 and described as follows [5]: 

 Type I: Cracks in the weld metal. 

 Type II: Cracks in the weld metal and heat-affected zone (HAZ), crossing the fusion 

line. 

 Type III: Cracks in the coarse-grained HAZ 

 Type IV: Cracks in the inter-critical or fine-grained HAZ. 

 

 
Fig. 1.2. A schematic of a welded pipe connection, showing the typical locations of the 

different crack types associated with power plant steel.  
 

When power plant components fail, they must be repaired or replaced. This increases 

maintenance and material costs for plant operators as well as increasing operating costs. 

Power plants must be partially or completely shut down in order to carry out repairs and 

when the power plant is shut down, it is not available to meet shortfalls in power. 
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There is a need, therefore, to extend the in-service life of welded connections in power plant 

so as to avoid plant shutdown and maintain uninterrupted power generation. One technical 

contribution to this goal is the design of improved or optimised welding and heat-treatment 

processes for welded connections, which are typically the limiting factor in the life of a 

piping system.  

 

1.2. Aims and Objectives 

The number of possible combinations of welding processes, heat treatment processes, joint 

designs and in-service operating conditions is so numerous that experimental investigation of 

the optimum manufacturing process is impractical. Instead: 

 A through-process modelling methodology is established in this PhD to predict the 

effects of welding and heat treatment processes on the in-service life of welded power 

plant components.  

 This model includes (a) a thermal welding model, (b) a temperature-dependent 

microstructure-evolution model and (c) a microstructure-dependent constitutive 

model.  

 

Thus can the choice of welding and heat-treatment processes change the material 

microstructure and thus its constitutive behaviour and predicted in-service life. The through-

process methodology will serve as a design tool for industry that will allow plant designers 

and operators to optimise the welding and heat-treatment processes, using computer models, 

before manufacture. The same approach can also be applied to plant refurbishment and repair, 

e.g. for service-life extension.  

 



 

5 
 

An experimental test programme is conducted in parallel with the modelling work, to provide 

key input and comparison data, e.g. for calibration and validation of models. This program 

consists of (i) bead-on-plate welding trials, (ii) Gleeble simulation of heat-affected zone 

material and (iii) thermomechanical fatigue testing of simulated heat-affected zone and parent 

metal. 

 

This PhD is conducted as part of the Science Foundation Ireland (SFI) MECHANNICS 

(Multi-scalE, through-process CHAracterisation for iNNovatIve manufacture of next-

generation welded ConnectionS) project (SFI/14/IA/2604). MECHANNICS is a 

collaboration between NUI Galway and the University of Limerick, with industrial partners 

including ESB International, and General Electric. The objective of MECHANNICS is to 

provide design tools for welding of power plant pipes and offshore steel catenary risers. The 

work described in this thesis is concerned only with the work on power plant components.  

 

Section 1.3 will address in further detail the industrial challenges facing plant operators. 

Section 1.4 will detail the primary work packages for the PhD as part of the MECHANNICS 

project. Section 1.5 will briefly introduce the material of interest to this work, namely 9Cr 

steels such as P91 and P92. Section 1.6 will introduce the rest of the thesis with a brief 

description of the contents of succeeding chapters. 

 

1.3 Industrial challenges 

Three key aspects of energy generation have led to operational challenges for power plant 

steels: 

 Improved real-time system monitoring of energy supply and demand. 

 Increased presence of renewable energy sources for low-CO2 energy production. 
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 Increased societal and political interest in sustainable energy management. 

 

Real-time system monitoring allows plant operators to adjust power output to suit energy 

demand. Obviously, energy demand can vary from hour to hour, day to day and month to 

month, with cold (e.g. winter) or hot (e.g. summer) months requiring more energy than 

temperate months. In each case, the energy output of power plant is adjusted up or down to 

avoid oversupplying energy. Oversupplying energy wastes fuel, increases plant-operating 

costs and increases carbon emissions. It also requires power plant to operate at higher steam 

pressures and temperatures than necessary, thereby increasing the severity of creep and cyclic 

loadings on plant components and reducing their service life, leading to more frequent, 

expensive plant shutdowns. 

 

Renewable energy sources can be used instead of conventional power plant but they suffer 

from disadvantages compared to fossil-fuel power plant. Hydroelectric power is limited by 

geography as it requires both a water source and a point where a dam can be built. Tidal 

power technology is currently underdeveloped and it is limited by geography too because it 

requires a body of water that is subject to tidal forces, such as an ocean or a sea. Ocean-wave 

power is likewise underdeveloped and a practical means of harnessing wave power has yet to 

be discovered. Solar power is inefficient in regions with low sunlight (e.g. high-latitude 

regions during winter). Geo-thermal power can be used effectively in areas with volcanic 

activity (e.g. Iceland) but in general, geo-thermal energy is mainly used for heating buildings 

and water but not for supplying electricity. Therefore, of all the renewable energy sources, 

wind energy is seen as the main alternative to fossil-fuel energy.  
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Wind power has seen a dramatic rise in popularity since the year 2000. For example, consider 

the situation in Germany, Denmark and the Republic of Ireland. In the year 2000, renewable 

energy provided for 5% of Ireland’s electricity consumption and by 2015 this had risen to 

25%, thanks to a 20-fold increase in the installed wind capacity [6]. In Denmark in the year 

2000, wind energy provided 18% of the energy and in Germany it was 3.5% [7]. By 2015, 

Denmark’s wind energy share increased to 42% and in Germany it increased to 13% [8]. In 

the 2005 to 2016 period, the United States saw a 20-fold increase in her installed wind 

capacity [9]. As long as wind energy is supplying the energy grid, conventional power plant 

can operate at reduced output. This saves fuel, CO2 emissions, and preserves power plant 

components. However, under still weather conditions, wind turbines are unable to supply 

energy. During periods of high winds, wind turbines might be deactivated to avoid 

excessively high turbine speeds, which can destroy the turbine. When there is a shortfall in 

wind energy supply compared to energy demand, conventional power plant must intervene to 

provide grid-stability. This intervention involves an increase in steam pressure and 

temperature and when the intervention ends, steam pressure and temperatures are decreased. 

Increasing and decreasing the steam pressure and temperature introduces cyclic loading on 

plant components, leading to reduced component life. 

 

Political developments have changed the nature of power generation too. The rise in 

renewable energy sources is due in part to government mandate [1-3, 10]. Carbon emissions, 

such as those produced by fossil-fuel power plant, are considered to be the driving force 

behind global warming and climate change, which is projected to lead to extreme weather 

events (more severe droughts, heat-waves, hurricanes, floods and colder winters), extinctions 

of plants and animals, and human casualties (from famines, floods, etc.). One way to avert 

such disasters is to reduce carbon emissions via more efficient operation of power plant, 
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especially as the developing world constructs new fossil-fuel plants as part of its continuing 

industrialisation. 

 

Carbon emissions can be reduced by increasing power plant efficiency via higher operating 

pressures and temperatures (Fig. 1.1). Since the 1950s, state-of-the-art power plant has 

increased steam pressures from 5 MPa to 30 MPa (Fig. 1.3a) and steam temperatures have 

risen from 450
o
C to over 600

o
C (Fig. 1.3b). However, in order to preserve the lives of 

components, not all power plant operates at such pressures and temperatures.  Welded 

components in particular are found not to be strong enough to withstand higher temperatures 

and pressures due to welding-induced loss of strengthening mechanisms (see Section 1.3). 

 

A key challenge associated with flexible operation and super-critical (higher temperature and 

steam pressure) operation is predicting component lifetime under in-service conditions. It is 

not practical to operate an entire power plant simply to investigate the in-service life of its 

components. Engineering component-life is therefore typically estimated based on the results 

obtained from test specimens, e.g. creep test specimens. Many examples of design-for-life are 

shown in engineering text books [11], but the correlation between predicted and observed 

fatigue life has been shown to vary depending on what model is used, e.g. a comparison 

between Goodman, Gerber, Smith-Watson-Topper and Walker models [12]. Plant 

components are designed to comply with various standards, such as R5 [13] or R6 [14], but 

these standards are conservative. There are limitations and challenges to removing over-

conservatism in design. Some of these limitations are detailed by Larrosa et al. [15]. It is 

difficult to predict life for a specific plant component because there is significant variability 

between components. Some of the allowable variability is described as follows: 
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 The standard ISO9692-1:2013(E) [16], which pertains to joint preparation, allows a 

range of dimensions as well as a range of welding processes.  

 Post-weld heat-treatment (PWHT) protocols [17] allow a range of permissible PWHT 

temperatures and times.  

 ISO/TR17671-2:2002(E) [18] allows a range of preheat temperatures, which are 

dependent on material thickness, welding heat input, material carbon equivalent (e.g. 

composition) and the hydrogen scale of the welding electrode.  

 In an arc welding process, which is typical for 9Cr steels, the welding heat input 

depends on torch current, voltage and travel speed. The welding current, to take one 

parameter, for manual metal arc (MMA) electrodes is allowed to vary between 70% 

and 90% of the manufacturer’s declared maximum current [19].  

 

Given these sources of variability in welding processes, it would not be feasible to conduct an 

experimental sensitivity study to identify the optimal welding process for in-service operation 

but it is possible to conduct a virtual sensitivity study. Fundamental understanding of material 

behaviour combined with finite-element or other computational modelling methods could 

lead to models that can identify optimal welding processes, giving less conservative life 

predictions. For example, for high-cycle fatigue applications, Zhu and Xuan [20] found that 

microstructure was not taken into account in several design standards, all of which were 

shown to be overly conservative. For example, the allowable stress amplitudes permitted by 

the standards is as low as <5% of the tested stress amplitudes for the same number of cycles 

to failure. Less conservative life predictions will enable plant to operate without replacing 

components as frequently as they currently do.  
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(a) (b) 

Fig. 1.3. Historical increases in power plant (a) steam pressure and (b) operating temperatures 

from the 1950s to the 2000s, reproduced from Kobe steel [21]. 
 

1.4. 9Cr steels 

Thermal power plant has traditionally operated under ‘base-load’ conditions, where power 

output is near-constant throughout the life of the power plant. Creep was the dominant mode 

of deformation and creep failure the dominant failure mechanism; hence, the relevant steels 

were formulated to resist creep [22]. Among those creep-resistant steels are the 9Cr family of 

steels, alloys of chrome (typically about 9%, hence 9Cr), molybdenum and vanadium [23, 24].  

 

The microstructure of 9Cr steels is hierarchical, meaning that it has different microstructural 

features at different length-scales, e.g. grains at the largest scale and martensitic laths at the 

lowest. A lath is a dislocation sub-structure with high dislocation-density, which increases the 

strength of steel. A collection of laths form a block. A collection of blocks form a packet. 

Packets exist within the boundaries of prior-austenite grains (PAG) [25, 26]. Other 

microstructure features include carbide precipitates and solutes. Solutes are comprised of 

single atoms, such as tungsten in P92 [27] while precipitates are molecules of carbon and 

other atoms such as chrome or molybdenum [23, 24], with the majority of precipitates being 

either carbides (e.g. M23C6-type) or cabonitrides (e.g. MX-type) Further information on this 

topic is available in Chapter 2. 
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Material softens as dislocation-density reduces via different mechanisms such as annihilation, 

locking and dipole-forming, all of which occur as dislocations move. If power plant 

components soften too much, they can crack and rupture. The 9Cr alloys were designed to 

have high creep strength, which enables them to operate in power plant for years under 

exposure to high-temperature steam at high pressure. The high creep-strength is due to the 

ability of the 9Cr steel to maintain high dislocation-density at high temperature via 

strengthening mechanisms inherent in the microstructure, such as nano-precipitate 

strengthening [23]. Carbide and carbonitride precipitates, as well as high-angle boundaries 

(HAB), such as exists between grains, packets or blocks, retard the motion of dislocations 

and the consequent loss of dislocation-density and strength.  

 

1.5. Metallurgical challenge 

Flexible plant operation leads to cyclic loading rather than pure creep loading and the 

fluctuation in material strains encourages dislocation motion. Therefore, the 9Cr 

microstructure degrades under cyclic conditions [25] and the steel softens, leading to a 

reduced service life. 

 

The 9Cr steel microstructure is optimised for high-temperature service via carefully-

controlled heat-treatment to provide optimum toughness and creep strength (via dislocation-

pinning). Heat treatment typically involves normalising and tempering. The former produces 

large austenite grains of approximately equal size throughout the steel. The material is then 

cooled to produce martensite. The newly-formed martensite is typically hard and has low 

ductility [28], which is detrimental to in-service performance. The tempering process allows 

precipitates to form and to grow to acceptable sizes [29], which increases precipitate-

strengthening, while also reducing dislocation density and increasing the lath widths [23], and 
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improving ductility [30]. The heat treatment process optimises the 9Cr steel for high-

temperature service. 

 

In contrast, the welding process disrupts this optimised microstructure. The material is 

effectively locally renormalized by the welding process and thus requires tempering to 

improve performance. Post-weld heat treatment (PWHT) is usually applied to a weld to 

temper newly-formed martensite regions but the microstructure will remain sub-optimal. The 

worst-affected region tends to be heat-affected zone (HAZ), adjacent to the parent material 

(PM), and especially the inter-critical heat-affected zone (ICHAZ) of welded joints [31-33]. It 

is in the ICHAZ that a common creep failure-type for P91, Type-IV cracking, occurs [34]. 

Failure has also been observed in the fine grain HAZ (FGHAZ) and IC-FGHAZ region under 

pure cyclic conditions [32, 33] and this is an important consideration for flexible-loading 

operation. 

 

1.6. PhD work packages 

This work is focussed on the development of a weld-design tool for industry, so that plant 

designers and operators can specify welding processes which maximise the service life of 

plant components. The creep behaviour of welded P91 has received significant attention, 

including the development of small-scale test methods [35-37] for characterisation of heat-

affected zone creep behaviour and the development of damage mechanics methods for creep 

assessment of welded test specimens and power plant components [38-42].  

 

Some authors have also studied the high temperature fatigue and creep-fatigue of welded P91 

test specimens. Farragher et al. [32] presented characterisation of the high temperature low 

cycle fatigue response of cross-weld P91 test specimens, allowing inverse estimation of 
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cyclic plasticity parameters (e.g. for isotropic-kinematic hardening) of an assumed 

homogeneous HAZ region. A two-layer visco-plasticity material model was used for the 

welded connections, allowing cyclic viscoplasticity with combined (non-linear) kinematic-

isotropic hardening-softening, and a Norton-type equation for strain-rate effects. Touboul et 

al. [43] presented a method for identification of the viscoplastic properties of three different 

HAZ regions for P91, viz. ICHAZ, fine-grain HAZ and coarse-grain HAZ, at elevated 

temperature (625
o
C) using digital imaging correlation (DIC) on a cross-weld (CW) specimen. 

Fournier et al. [26] proposed a physically-based model for the high temperature cyclic 

behaviour of 9Cr steel. Other authors have also proposed unified viscoplasticty models for 

9Cr steel. For example, Kyaw et al. [44] developed a unified viscoplasticity model for parent 

metal P91 that included kinematic hardening, cyclic softening and coupled damage. 

Benaarbia et al. [45] proposed a model that predicted the response of P91 under cyclic 

conditions as well as under cyclic conditions with stress-relaxation dwells. These two models 

agreed well with experimental test results but they were not applied to welded components. 

Numerous creep models, some examples of which are reviewed by Rouse et al. [46], have 

been applied to 9Cr steel, e.g. [47, 48], including physically-based creep models applied to 

CW specimens [49]. 

 

However, the present work adopts a fundamentally different approach to the previously 

published work, by directly coupling the component welding process model with the 

integrated model for microstructure and mechanical properties of the welded joint. A key 

benefit of this approach is that it circumvents the need to idealise the heat-affected region into 

a discrete number of zones, e.g. two- [50], three- [42, 51], four- [52] or five-material [41, 53] 

models, and more importantly, the need to measure the behaviour of such zones, which is 
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inherently difficult due to the small sizes of such zones. In the present approach, the 

naturally-occurring gradient in microstructure is represented.  

 

Much of the aforementioned work pertained to modelling 9Cr steel PM or CW specimens. 

Attempts to model entire 9Cr power plant components have included modelling of welding-

induced residual stress [54, 55] in pipe sections, as a guide to select appropriate PWHT 

conditions, but in-service operation was not considered. Rouse et al. [56] used neural 

networks to predict thermal stresses in power plant components but all weld regions used the 

same material properties. Li et al. [51] looked at a welded power plant tee-joint, treating the 

weld as an idealised three-material region, comprising of HAZ, WM and PM.  

 

The key research methods to be pursued by this work, can be summarised as follows: 

 Develop a thermal welding model to include conduction, convection and radiation and 

to be representative of real welding processes. 

 Develop microstructure-evolution models that include the evolution of phases, grains, 

laths, precipitates and dislocation-density. These models will use the thermal histories 

from the welding model as input. 

 Develop a microstructure-sensitive, unified viscoplasticiy constitutive model to 

predict the mechanical response of the material during welding, post-weld heat 

treatment and in-service loading. 

 Apply these three modelling aspects to representative power plant component 

geometry, generated using finite element software. This will allow for spatial 

variation in thermal history, microstructure (e.g. the formation of different HAZ 

regions) and residual stresses, as well as spatial variation of in-service stresses, strains 



 

15 
 

and damage nucleation sites. This will help to predict locations in a component that 

are critical to life prediction. 

 Design and conduct welding trials (e.g. bead-on-plate) for gas tungsten arc welding of 

P91 to determine the thermal histories during the welding process. 

 Develop and conduct Gleeble physical simulation for P91 heat-affected zone regions, 

e.g. ICHAZ, based on welding trials and in collaboration with IMDEA, Madrid. 

 Conduct thermomechanical fatigue testing of P91 simulated heat-affected zone, to 

assess the effects of post-weld heat treatment and for comparisons with model 

predictions. 

 Apply representative welding, heat treatment and in-service loading conditions to the 

finite element (FE) geometry to make life predictions for representative power plant 

components. 

 Conduct sensitivity studies to identify beneficial welding and heat treatment processes 

that may be used by power plant operators. 

 

These research methods are presented in Table 1.1 as discrete work packages with specific 

tasks allocated to each one. A key novelty of this work is the coupling of thermal history, 

microstructure evolution and mechanical behaviour in a process-structure-property 

framework for representative pipe geometry. This allows for microstructure-prediction in 

welding and PWHT of P91 and prediction of the welded pipe response under cyclic 

thermomechanical loading conditions, based on the through-process predicted microstructure 

across welded zones.  
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Table 1.1. A description of the key work packages pertaining to this PhD thesis. 

Work Package Requires 

1: Macro-scale 

microstructural 

evolution model 

(a) Modelling of welding, annealing, heat treatment and 

recrystallisation 

(b) Modelling the evolution of grains, sub-grains, phases, precipitates, 

solutes and dislocation-density 

(c) Developing a physically-based constitutive model 

2: Heat source & 

thermal model 

calibration 

(a) Modelling conduction, convection and radiation heat transfer 

(b) Validating models against test data 

3: Mechanical 

model and 

verification 

(a) Development of a macro-scale model for power plant applications 

(b) Comparing model predictions to test data  

4: Welding trials 
(a) Conducting bead-on-plate, girth weld testing 

(b) Recording results with thermocouple and strain-gauge arrays 

5: Physically 

simulated welding 

(Gleeble) testing 

(a) Representative thermal-mechanical loading 

(b) Using five separate thermal histories to produce HAZ specimens 

(c) Using thermal histories from work package 4 as input temperatures 

6: High-

temperature fatigue 

tests 

(a) Testing PM, Weld metal (WM), CW specimens 

(b) Testing plain and notched specimens 

(c) Measuring low-cycle fatigue, thermomechanical fatigue response 

7: Case studies & 

power plant weld 

software tool 

(a) Predicting the in-service life of power plant components 

 

This work involves both computational modelling and experimental characterisation of the 

behaviour of welded 9Cr steel. Work Packages 1, 2 and 3 pertain to computational modelling 

while Work Packages 4, 5 and 6 pertain to experimental work. Work Package 7 represents 

the culmination of the work and the delivery of a through-process model. 

 

1.7 Thesis overview and scope of research work 

Chapter 2 provides background and literature review on through-process modelling from 

welding to in-service loading. More details of the industrial standards are highlighted and the 

microstructure of 9Cr steels is explained in more detail. A review is made of welding thermal 

modelling, microstructural modelling and constitutive modelling.  
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Chapter 3 describes the first iteration of this PhD at through-process modelling. Welding was 

implemented in a user material (UMAT) subroutine in the general-purpose finite element 

software Abaqus. Microstructural and constitutive models were implemented first in a 

uniaxial code and then in a UMAT.  

 

Chapter 4 describes a further development of the through-process model. A more 

sophisticated microstructural model was implemented and a greater microstructure-

dependence was implemented in the constitutive model. Comparison was made between 

results of the model and available HTLCF data for PM and CW P91, showing close 

agreement.  

 

Chapter 5 describes the further development of the through-process model and its application 

as a design tool for industry. Life predictions are made for a representative pipe geometry and 

different welding processes. Chapters 3, 4 and 5 correspond to PhD work packages 1, 2, 3 

and 7. 

 

Chapter 6 details experimental welding tests conducted on ex-service P91 pipe material from 

an ESB International power plant. Several of these welded specimens were sent to the 

University of Limerick, where members of the MECHANNICS project conducted nano-

indentation hardness and neutron-diffraction testing. A finite-element model is implemented 

in Abaqus to represent the welding test. The material model of Chapter 5 is used to predict 

residual stresses and hardness distribution in the specimen and the predicted and observed 

results are compared. 
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Chapter 7 details the development of a Gleeble physical simulation process for manufacture 

of simulated ICHAZ for P91 and post-weld heat treatment, as well as thermomechanical 

fatigue testing of parent metal and simulated-ICHAZ specimens. This testing was conducted 

at IMDEA Materials Institute in Madrid. This work provided new insights into the high-

temperature cyclic response of P91 weld-affected material, specifically ICHAZ, and post-

weld heat treatment, and provided key data for comparison with the through-process model 

predictions. Chapters 6 and 7 correspond to PhD work packages 4, 5 and 6. 

 

Chapter 8 provides the final conclusions on the work, including key achievements and 

outputs. Finally, recommendations are made for possible future work.  
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Chapter 2. Literature review 

2.1 Introduction 

It is not generally feasible to conduct through-process experiments to determine optimum 

weld processes for power plant components. A set of experiments capable of including 

variations in welding process, heat treatments, joint design, material composition and in-

service conditions would be impractically large, time-consuming and expensive. Through-

process computational modelling is a much more attractive and practical route for research 

and design of manufacturing processes, such as welding of 9Cr steel, in this case. 

 

Through-process modelling attempts to capture the thermal, microstructural and mechanical 

behaviour of material, in this case 9Cr steel. It is therefore necessary to understand 9Cr steel, 

the welding and heat treatment processes, the microstructural evolution of 9Cr steel and the 

mechanical performance. It is also necessary to understand modelling techniques and 

methods that have been used for modelling 9Cr steel and other materials. 

 

This chapter will review information that is pertinent to through-process modelling. Section 

2.2 describes 9Cr steel in detail, expanding on the information provided in the previous 

chapter (Section 1.4). Section 2.3 describes the first step of a through-process model – the 

thermal welding analysis. This first part of the model provides the thermal histories necessary 

for the next part of the through-process model, the microstructure-evolution model (Section 

2.4). Section 2.5 describes constitutive modelling, which facilitates life prediction, of 9Cr 

steel.  

 

 

 



 

20 
 

2.2. 9Cr steels 

2.2.1: Microstructure 

9Cr steels are alloys of chrome, molybdenum and vanadium [23, 24]. A list of various 

compositions of 9Cr steel is shown in Tables 2.1 and 2.2. It is clear from Tables 2.1 and 2.2 

that ‘9Cr’ describes a range of steel alloys with varying compositions so that although two 

steel samples might nominally be the same (e.g. both P91), they may actually have significant 

differences in chemical composition. Such variance in composition is permitted by industrial 

standards, e.g. [57], but it may affect the formation of the 9Cr steel microstructure, e.g. the 

composition of carbide precipitates. 

 

Table 2.1. Some examples of reported P91 composition (wt. %). 

Element 

Reference source  

Potirniche 

et al. [4] 

Hurtado-

Norena 

et al. 

[24] 

Fournier 

et al. 

[26] 

Guguloth et 

al. [58] 

Zhang et 

al. [59] 

Shankar et al. 

[60] 

Cr 8.55 8.21 8.776 9.4 8.36 8.2 

Mo 0.88 0.9 0.915 1 0.93 0.92 

V 0.21 0.213 0.191 0.25  0.13 

Nb 0.08 0.085 0.078 0.09  0.09 

C 0.1 0.11 0.088 0.08 0.1 0.11 

Mn 0.51 0.36 0.354 0.39  0.48 

Cu 0.18 0.15    0.05 

Si 0.32 0.26 0.329 0.5 0.49 0.3 

N 0.035 0.061 0.043 0.03  0.051 

Ni 0.15 0.15  0.13  0.12 

P 0.012   0.02 0.008 0.018 

S 0.005   0.01 0.002 0.005 

Ti 0.002      

Al 0.007 0.011  0.23   

Zr 0.001      

Sn  0.009     

Co      0.015 

Fe Balance 

 

 

 

As previously mentioned, 9Cr steels have different microstructural features at different 

length-scales, e.g. grains at the largest scale and martensitic laths at the lowest. A lath is a 
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dislocation sub-structure with high dislocation-density. Under long-term exposure to high-

temperature, laths can evolve into sub-grains [23, 61, 62], which are typically less than 1 m 

in size, with reduced dislocation-density. It is due to this hierarchical microstructure, and its 

capacity to maintain high dislocation-density, that 9Cr steels can maintain high strength at 

high temperatures. 

 

Dislocations are nano-scale defects in the iron-carbon crystal lattice [63]. The crystal is made 

up of cubic structures. Cubes are mainly either body-centre cubic (BCC), face-centre cubic 

(FCC) or body-centre tetrahedral (BCT). The steel crystal lattice comprises repeated unit cell 

structures, which form cubic shapes. In the BCC structure, atoms (e.g.  iron, alloying 

elements) are arranged in the centre and at each corner of the cubes. BCC crystal is typical of 

ferritic steel.  Austenitic steels are FCC, where atoms occupy the cube corners as well as the 

centre of each cube face. Therefore, the FCC lattice contains a greater number of atoms than 

the BCC lattice. FCC can dissolve up to 2% carbon, whereas BCC iron can only dissolve up 

to 0.02% at 723
o
C and almost zero at 0

o
C.  

 

In 9Cr steel, austenite typically exists at high temperatures while ferrite exists at lower 

temperatures. If austenite is cooled rapidly then not all of its carbon can dissolve, so the 

resultant BCC structure must accommodate the carbon that was present in the FCC structure, 

leading to BCC ferrite with excess carbon. The BCC crystal distorts to accommodate the 

extra carbon, forming a BCT structure [63]. This BCT structure is known as martensite. 9Cr 

steels are martensitic steels, although they are sometimes called ‘ferritic’ too, as the 

difference between a BCC and BCT crystal is slight, especially after tempering. In 9Cr steels, 

distortion of the BCC lattice can occur for reasons other than excess carbon, such as: 

 Atoms might be missing from crystal structure, leading to a vacancies in the crystal.  
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 Atoms other than iron atoms (e.g. alloying element atoms) might be present in crystal 

lattice, occupying a different volume to iron atoms thus causing substitutional 

distortion .  

 Extra atoms, such as excess carbon in martensite or alloying elements, can cause 

interstitial distortion. 

 

Dislocations are line imperfections in the crystal. Dislocations can be edge-type, where the 

length of neighbouring atom chains are different, or screw-type, where neighbouring chains 

are at an angle to each other. The deformation vector required to correct the dislocation is 

known as the Burgers vector [64], which has a characteristic magnitude depending on the 

type of steel (BCC or FCC). 

 

Table 2.2. Some examples of reported P92 and P122 composition (wt. %). 

Element 

Reference source 

Yaghi et al., 

Khayatzadeh 

et al. [28, 48] 

Barbadikar et 

al. [30] 

Fournier et 

al. [65] 

Xue et al. 

[27] 

Abe et al.  

[66] 

Cr 8.62 9.38 8.68 8.84 8.72 

Mo 0.33 0.506 0.37 0.5 0.45 

V 0.21 0.215 0.19 0.21 0.21 

Nb 0.076 0.075 0.06 0.067 0.06 

C 0.1 0.114 0.12 0.12 0.09 

Mn 0.45 0.388 0.54 0.43 0.47 

Cu  0.0162    

Si 0.45 0.0239 0.23 0.21 0.16 

N 0.047 0.0417 0.046 0.042 0.05 

Ni 0.27   0.16  

P 0.015 0.012    

S 0.002 0.0035    

Ti      

Al 0.019 0.0076    

W 1.86 1.94 1.59 1.67 1.87 

B 0.003 0.0018  0.0033 0.002 

Fe Balance 
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Plastic deformation occurs by slip, which is the process whereby dislocations move through s 

crystal lattice. Very large numbers of dislocations occur in materials.  Dislocation-density is 

the number of dislocations per unit area in the crystal lattice. The strength of a material is 

directly related to dislocation dens. Higher dislocation density leads to increased strength. 

Plastic strain can generate additional dislocations, which allow the crystal lattice to 

accommodate the distortion due to the applied strain, e.g. geometrically-necessary 

dislocations (GNDs) [67], which in turn can further increase strength. .  

 

Just as material strength increases with increasing dislocation-density, material strength 

reduces as dislocation-density reduces. Dislocation-density is reduced when dislocations 

disappear from the microstructure via different mechanisms such as annihilation, locking and 

dipole-forming. A detailed dislocation model is described by Hosseini et al. [68], following 

the work of estrin et al.[69]. The key to any reduction in dislocation-density is dislocations 

movement. Dislocations typically move along preferred planes (slip planes) and in preferred 

directions along those planes (slip directions) [63]. The combination of a slip-plane and a 

slip-direction is known as a slip-system and is used in crystal-plasticity (CP) modelling. At 

higher temperatures, however, additional thermal energy may permit dislocation cross-slip 

and dislocation climb, which allow dislocations to move out of their slip plane and into a new 

one, presenting additional opportunities for annihilation. It is clear that the key to maintaining 

material strength is to prevent dislocations from moving. This is achieved in 9Cr steels by 

placing obstacles in the paths of dislocations. Some of these obstacles are shown in Fig. 2.1. 
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Fig. 2.1. A schematic depiction of (a) the hierarchical microstructure of 9Cr steels and (b) the 

strengthening features of the microstructure. Figure following Barrett et al. [70].  

 

Dislocations are primarily located in laths, the lowest level of the hierarchical microstructure. 

The angle between two adjacent laths is typically less than 5
o
 [25, 71]. Laths have what are 

known as ‘low-angle’ boundaries (LAB), which do not present significant obstacles to 

dislocation motion. A collection of laths with similar orientation form a block. A collection of 

blocks form a packet. Packets exist within the boundaries of prior-austenite grains (PAG) [25, 

26]. Packet-size and PAG-size appear to be closely related, with a correlation greater than 

0.99 observed in microstructure data [72]. PAG are typically 10 m to 60 m in size [23, 30, 

72]. The mismatch-angle between blocks, packets and grains are greater than 10 to 15
o
 [73] 

and are defined as ‘high-angle’ boundaries (HAB), which do retard dislocation motion. 

 

Dislocations cannot easily pass through HABs. Dislocations in one grain will move along a 

preferred slip system but a new grain with a large mismatch angle will present the dislocation 
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with a new slip plane and slip direction contrary to the preferred plane and direction the 

dislocation had been following previously so more energy (e.g. strain energy) will be needed 

to allow the dislocation to proceed. The dislocations therefore stop at the high-angle 

boundary and the local dislocation-density increases, thus hardening the material.  

 

Smaller grains lead to a stronger material at low temperatures, as demonstrated  by the Hall-

Petch relationship [74]. At high temperature, however, small grains are detrimental to 9Cr 

strength, even though they still present obstacles to dislocation-motion. Local high-

dislocation-density at high-angle boundaries combined with cross-slip and dislocation-climb 

(mechanisms that enable dislocations to move from one slip plane to another and to overcome 

obstacles, respectively) allow for more dislocation-annihilation at high-angle boundaries at 

high temperatures. 

 

Other microstructure features, such as carbide precipitates and solutes, also retard dislocation 

motion. Solutes are comprised of single atoms, such as tungsten in P92 [27]. These atoms are 

known as being ‘in solution’. They are interstitial or substitutional atoms in the crystal lattice 

and relatively immobile, so they impede any dislocations that meet them with a similar effect 

as HABs. This dislocation-pinning effect is known as ‘solute strengthening’. When the steel 

is exposed to high temperatures, solute atoms may form carbide molecules and precipitate out 

of solution.  

 

Carbide precipitates are molecules of carbon and other atoms. There are two main types of 

precipitate: MX and M23C6. MX is shorthand for many different precipitates, such as (Nb, V, 

Cr, Ti)(C,N), while M23C6 precipitates are (Cr, Mo, Fe, W)23C6 [23, 24]. MX precipitates are 

typically less than 200 nm in diameter [23, 75] but M23C6 carbides may be much larger, e.g. 
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over 100 nm in the as-received condition and growing to over 300 nm after ageing or creep 

[76]. The smaller MX precipitates tend to disperse randomly throughout the microstructure, 

similar to solute atoms, while the larger M23C6 precipitates tend to form along grain, packet, 

block and lath boundaries [23, 75, 77], where there is more space for them to form. The 

presence of M23C6 precipitates along lath boundaries mitigates the weakness of lath LABs but 

M23C6 precipitates coarsen over time and their dislocation-pinning effects reduce. As the 

M23C6 precipitates coarsen, the gaps between each precipitate increase, allowing dislocations 

to more easily pass through lath boundaries, thus softening the material. Coarse M23C6 

precipitates on grain boundaries can also be a source of creep voids [78]. Figure 2.2 displays 

some comparisons of M23C6 precipitate coarsening at high temperature. MX precipitates do 

not coarsen to the same extent as M23C6 precipitates [23, 34, 79].  

 

 
Fig. 2.2: The evolution of M23C6 diameter with respect to time in P91 at (a) 83 MPa at 650

o
C 

[34], (b) 100 MPa at 600
o
C [58] (c) 0 MPa at 650

o
C [76], and (d) 0 MPa at 600

o
C [76] 

 

MX precipitates and solutes pin dislocations within laths. MX precipitates can be consumed 

when Z-phase particles (Cr(V, Nb)N [31, 62]) form. As the MX precipitates are consumed, 

their strengthening mechanism in the steel is reduced. Similarly, solutes may be consumed by 

Laves phase particles over time. A Laves phase particle is a molecule such as Fe2W or Fe2Mo 
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[27]. The effect of Laves phase is to leech W and Mo solutes from the microstructure, thus 

removing their dislocation-pinning effects and weakening the material while also acting as 

damage nucleation sites along grain boundaries. Hald [79] considered the formation of Z-

phase to be more detrimental to creep-rupture life than the formation of Laves phase, at least 

in 12% Cr steels, but that the formation of Z-phase would be much slower in 9Cr steels. 

Welded 9Cr joints were not considered in that particular work. A thermodynamic model for 

Z-phase [80] predicted that Z-phase formation could take decades in a 9Cr steel at 650
o
C. In 

the current work, the formation of Z-phase will be considered to be of minor significance 

compared to the other microstructure parameters. 

 

2.2.2 9Cr steel heat treatment 

9Cr steel microstructure is optimised for high-temperature service via carefully-controlled 

heat-treatment to provide optimum toughness and creep strength. Heat treatment typically 

involves a normalising heat-treatment and a tempering heat-treatment. Examples of heat 

treatments from a range of literature sources are described in Table 2.3.  

 

Normalising heats the material into the austenite region, where recyrstallisation and grain 

growth occurs. The normalising process produces large austenite grains of approximately 

equal size throughout the steel. The material is then cooled to produce martensite. At 

normalising temperatures (see Table 2.3), the M23C6 precipitates dissolve and are not present 

in the resulting martensite [24]. The newly-formed martensite is typically hard and has low 

ductility [28] and lacks precipitate-strengthening. Newly-formed martensite is usually 

tempered by reheating the material to between 700
o
C and 800

o
C. The tempering process 

allows M23C6 precipitates to form again and to grow to acceptable sizes, increasing 

precipitate-strengthening, while also reducing dislocation density, increasing the lath widths 
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and improving ductility. The heat treatment process optimises the 9Cr steel for high-

temperature service by optimising grain size, lath-width and precipitate size. 

 

The current work focuses on fusion welding processes and on welded material, rather than 

solely parent material that might be produced via the heat treatments described in Table 2.3. 

Fusion welding includes such processes as arc welding, oxy-acetylene welding, laser welding 

and any other welding that produces sufficient heat to melt steel. Other types of welding 

include friction-stir welding, which bonds steel by application of heat and pressure. Friction-

stir welding is a comparatively low-temperature process. 

 

Table 2.3. Some examples of reported P91 heat treatments. 

Process 

Reference source 

Divya 

et al. 

[77] 

Barbadikar 

et al. [30] 

Lee & 

Maruyama 

[34]  

Ennis 

et al. 

[23] 

Hurtado-

Norena et 

al. [24] 

Shankar 

et al. [33] 

Albert et 

al. [81] 

Normalising 

temperature 

(
o
C) 

1050 
1040, 

1080 
1050 1070 1060 1040 1050 

Normalising 

time 

(minutes) 

30 30 60 120 30 60 100 

Tempering 

temperature 

(
o
C) 

760 
740, 760, 

780 
780 775 780 760 770 

Tempering 

time 

(minutes) 

60 60 60 120 60 60 360 

 

Fusion welding in general subjects the steel to high temperatures and to high heating- and 

cooling-rates, changing the material microstructure and forming heat-affected zones (HAZ). 

A schematic representation of HAZ is shown in Fig. 2.3. The idealised HAZ is commonly 

divided into separate regions, as follows: 

 Coarse-grained HAZ (CGHAZ): This region is closest to the fusion zone. The 

CGHAZ experiences temperatures exceeding those of normalising processes without 
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melting the material. The steel transforms fully to austenite and the M23C6 precipitates 

dissolve. The austenite grains recrystallize and then grow, leading to coarse grains. 

 Fine-grained HAZ (FGHAZ): This region is adjacent to the CGHAZ and further from 

the fusion line. The temperatures are high enough to fully transform the material to 

austenite and cause recrystallization but the region typically cools before grain growth 

can occur. M23C6 precipitates do not fully dissolve and may even coarsen due to high 

temperatures. 

 Inter-critical HAZ (ICHAZ): This region partially transforms to austenite. The 

austenite regions recrystallise to produce finer grains while the remaining martensite 

material softens due to tempering. Laths and M23C6 precipitates coarsen. The ICHAZ 

can be identified by hardness testing as the softest region in a welded joint. Visually, 

it is difficult to distinguish the IC- and FGHAZ, which is why different authors 

describe Type IV cracking as occurring in either zone. 

 Over-tempered parent metal (OTPM): This region experiences tempering 

temperatures, leading to martensitic lath coarsening and precipitate coarsening. No 

phase change occurs due to the temperature being too low. 

 Unaffected parent metal (PM): This region is too far from the fusion line to 

experience high enough temperatures for tempering to occur. The microstructure is 

unaffected by the welding process. 
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Fig. 2.3. A representation of the different metallurgical zones present in a welded joint with 

the corresponding phase diagram for 9Cr steels, from [82]. 

 

Clearly, the aforementioned changes to the microstructure in the HAZ regions disrupt the 

optimised microstructure produced by normalising and tempering processes. Parts of the steel 

are locally renormalized by the welding process and require fresh tempering to improve their 

performance. This tempering, called post-weld heat treatment (PWHT), is applied to a weld 

to temper newly-formed martensite regions. A selection of PWHT processes is displayed in 

Table 2.4. Although the PWHT process for 9Cr steel is defined according to ISO/TR 

14745:2015 [17], the process (temperature, duration) can depend on material geometry, and 

other authors have conducted heat treatment experiments to account for welding process [83] 

and even composition of the steel [84]. Figure 2.4 demonstrates the allowable peak PWHT 

temperature and hold-time ranges for 9Cr steel, for different material thicknesses, based on 

industrial standards [17]. 
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Table 2.4. Some examples of reported P91 post-weld tempering heat treatments. 

Process 

Reference source 

Divya 

et al. 

[77] 

Xue et 

al. [27] 

Lee & 

Maruyama 

[34]  

Skouras 

et al. 

[85] 

Shankar 

et al. [33] 

Albert et 

al. [81] 

Marzocca 

et al. [86] 

Temperature 

(
o
C) 

760 755 740 760 760 740 760 

Time 

(minutes) 
180 300 120 180 180 

15, 30, 

60, 120, 

180, 240 

240 

 

 
 

(a) (b) 

 

Fig. 2.4. The allowable PWHT temperature-

hold time space for 9Cr steel for thicknesses 

of (a) less than 12 mm, (b) between 12 mm 

and 60 mm and (c) over 60 mm (c) 

 

PWHT can improve the material microstructure but there are, some aspects of the welding 

process that PWHT cannot redeem. The prior-austenite grain size (PAG) cannot be changed 

to any significant degree by PWHT because the temperatures are too low. Therefore small 

PAGs remain small, which has already been highlighted as a material weakness at high 

temperatures (further details are listed in Section 2.2.3). During welding, some undissolved 

M23C6 precipitates in the ICHAZ and FGHAZ are left behind by the changing grain 
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boundaries during recrystallisation, so they cannot strengthen those PAG boundaries, 

although the PWHT does allow new precipitates to form on the new boundaries. 

 

2.2.3: Failure in welded P91 joints 

In power plant, 9Cr steels commonly fail by what is known as Type IV cracking. Type IV 

cracks are reported to occur in either the FGHAZ  [31] or ICHAZ [34]. In either case, regions 

with small PAGs are where Type IV cracking occurs for the following reasons: 

 The grain boundaries act as damage nucleation sites.  

 If the grains are sufficiently fine then the hierarchical microstructure and its 

strengthening mechanisms might not be present after PWHT: Undissolved M23C6 

precipitates leave a shortage of carbon in the austenite grains with which to form 

martensite. Then, during PWHT, the remaining carbon is lost to additional 

precipitates, leaving ferrite regions rather than martensite regions [27, 66]. The ferrite 

lacks the high dislocation-density of martensite and is therefore a softer material 

region (compare ferrite and martensite yield stresses [87]). Strain can localise in the 

softer regions and make them the regions of earliest cracking. 

 Coarse M23C6 precipitates with increased spacing between them, reducing their 

dislocation-pinning effect, are present. This leads to a softer material region. 

 M23C6 precipitates can be located away from grain or lath boundaries [88], allowing 

easier passage for dislocations through low-angle boundaries. 

 Small austenite grains may resist martensitic transformation due to increased strength 

via a Hall-Petch-type mechanism [89]. This retained austenite lacks the typical P91 

hierarchical microstructure and thus its strengthening mechanisms, leading to a softer 

material region. The volume fraction of retained austenite may be small (<1% [90]).  
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Fine-grained regions have a lower creep strength than the PM or weld metal (WM), assuming 

that the WM is not under-matched and that welding defects, e.g. trapped oxygen [91] or 

delta-ferrite [92], are not significant. In a welded joint, this strength incompatibility can lead 

to strain incompatibilities and mechanical constraint effects, which encourage crack growth 

[78]. Not all creep failure in 9Cr welded joints occurs by Type IV cracking. At high stresses, 

failure may occur in the weld metal (WM) rather than in the IC-FGHAZ. Xue et al. [27] 

reported that WM failed under creep conditions at high stresses and relatively low 

temperatures, although this might have been due to the WM having worse creep properties 

than the PM. The high stress may have overwhelmed the WM before the weakening 

mechanisms in the IC-FGHAZ had time to take effect. At lower stresses and higher 

temperatures, Type IV cracking did occur because the WM ‘survived’ long enough for 

damage to accrue in the IC-FGHAZ. Another possible mechanism at play in that case was 

hydrogen diffusion [62]. Hydrogen atoms act as nano-scale voids that weaken the material. 

Hydrogen is introduced to the weld joint by the welding consumable [93] so for high-stress 

creep, the hydrogen causes damage in the WM before it can diffuse into the HAZ and lead to 

weakness there. For lower-stress creep, the hydrogen has time to diffuse into the HAZ and 

increase the relative strength of the WM, hence leading to failure in the HAZ, especially the 

ICHAZ.  

 

Under pure cyclic conditions at high temperature, failure has also been observed in the IC-

FGHAZ region [32, 33], although Shankar et al. [33] reported that under cyclic conditions 

with tensile holds, the failure occurred much closer to the fusion line, suggesting failure in 

the CGHAZ. It could be that the tension hold allowed oxide to form inside IC-FGHAZ cracks 

and that the oxide reinforced the material there, leading to damage elsewhere. Oxides are 

very stiff compared to 9Cr steel [94].  



 

34 
 

 

Cyclic loading leads to microstructure degradation in 9Cr steels. Dislocations move and 

annihilate each other under the reversed loading in spite of all of the microstructure-

strengthening mechanisms. As the dislocations annihilate each other, the laths coarsen and 

the material softens [25]. The applied strains do not even have to induce plastic deformation 

for such softening to occur,  as illustrated by fully-elastic cyclic loading and softening 

observed by Fournier et al. [65], even though dislocation motion is associated with plastic 

strain. 

 

It is clear that the microstructure of 9Cr steels directly influences their in-service performance, 

whether under cyclic or creep conditions. Any material model that attempts to predict in-

service performance cannot neglect the material microstructure. Such models are known as 

‘physically-based’ models, in which different material microstructures produce different 

mechanical behaviours. This observation is explored more fully in Section 2.5. This 

observation is the driving motivation behind the MECHANNICS project and the work 

presented throughout the rest of the thesis. As has been described, welding has a significant 

effect on microstructure. The ability to predict in-service performance of a welded 

component based on microstructure depends on accurate modelling of the welding process 

and temperature histories throughout welded joints.  

 

2.3. Thermal modelling 

For the arc welding process considered in this thesis, the 9Cr steel acts as an electrode in an 

electric circuit and the welding torch provides the other electrode. When the circuit is joined, 

an electric arc cuts through the air between the steel and the torch, producing intense heat. 

This heat is sufficient to melt the 9Cr steel and the filler metal, which is fed into the weld 
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pool to add more material to the joint. For some welding processes, the torch electrode is the 

filler metal and is ‘consumable’. Another aspect of the arc welding process is ‘flux’. Flux is 

used to produce gas around the arc and weld pool to prevent oxygen from interacting with the 

molten metal to cause oxide formation and, hence, weaken the weld. The flux is often an inert 

gas, such as argon. In processes such as gas metal arc welding (GMAW), the flux is provided 

in gas form and is blown over the arc and weld pool. Alternatively, in manual metal arc 

(MMA) processes the flux can be a solid coating on the consumable filler metal, which is 

vapourised by the heat of the arc. Examples of arc welding processes are described in Table 

2.5. 

 

Table 2.5. Examples of arc welding processes. 

Name Shorthand 
Consumable 

electrode 

Flux 

type 
Manual Automated 

Gas tungsten arc 

welding, tungsten 

inert gas 

GTAW, 

TIG 
No Gas Yes Yes 

Gas metal arc 

welding, metal inert 

gas, metal active gas 

GMAW, 

MIG, MAG 
Yes Gas Yes Yes 

Shielded metal arc 

welding, manual 

metal arc 

SMAW, 

MMA 

(‘stick’) 

Yes Solid Yes No 

Submerged arc 

welding 
SAW Yes Solid No Yes 

 

Although these processes are different, they all share common aspects such as a moving heat 

source to heat and melt the steel and filler metal to create a weld pool and provide WM. 

Therefore, irrespective of the precise welding process utilised, a welding process model must 

include: 

 Geometry to be welded. 

 A method of applying heat to the geometry. 

 A method to transfer heat throughout the geometry. 
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 A method to lay weld beads on the geometry. 

 A method to cool the geometry. 

 

All finite-element (FE) modelling packages allow for the definition and representation of 

physical geometries. Common FE packages used to model welding in steels are Abaqus [55, 

95], SYSWELD [96] and ANSYS [97-100], with some sources using alternative packages 

such as Code_Aster [101].  Full 3D modelling of power plant pipes and components can be 

computationally-expensive, even with significant increases in computing power of recent 

times. Many power-plant components are girth-welded (circumferentially-welded) pipes or 

tubes, so that axisymmetric models are often used to reduce the size of the FE mesh. A 

comparison of different meshes and models is given in Table 2.6. It is clear that the 

axisymmetric models generally represent much larger geometries with far fewer FE nodes 

than the 3D models, indicating a significant saving in computational expense. This is 

advantageous in the context of through-process modelling and identification of optimal 

welding processes, which requires sensitivity studies (e.g. the effect of torch power, speed, 

number of weld passes, etc.), since simulations can be completed and their results analysed 

more rapidly and more simulations can be run in parallel using the less computationally-

expensive axisymmetric geometries. 

 

Full 3D models are clearly most representative of power plant component geometries and 

stress-strain distributions and are, in principle, most representative of the welding process. 

Axisymmetric models are significantly more computationally-efficient but do not represent 

the effects of a weld-torch moving around the circumference of the pipe or starting and 

finishing its run. Hence, axisymmetric models represent an idealised process in which the 

weld bead is assumed to be applied all around the full pipe circumference at the same time. 
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3D effects, such as pipe-distortion [99], are obviously not captured by axisymmetric models 

either. However, the general accuracy of results are found to be equivalent to those of 3D 

simulations, at least for residual stress determination [102, 103]. Figure 2.5 shows an 

example of a 3D welded pipe model and a corresponding axisymmetric representation. 

 

Table 2.6. Some examples of FE element numbers from samples in the literature. 

Reference source 
Model 

type 

Number of 

nodes 

Materia

l form 
Width/Di 

Thicknes

s 
Length 

Li et al. [96] 3D 90,933 Plate 200 6 200 

Abburi Venkata et al. 

[104] 
3D 142,970 Plate 75 18 97 

Deng and Murakawa 

[102] 

3D 12,300 
Pipe 51.15 6 800 

A 357 

Yaghi et al. [105] A 39,873 Pipe 45 50 350 

Yaghi et al.[28] A 9,022 Pipe 147.5 30 700 

Smith et al. [101] 3D 
17,924 to 

186,291 
Plate 75 18 97 

Smith et al. [106] 3D  201,168 Plate 60 17 90 

Note: Di = inner diameter, A = Axisymmetric. Dimensions in mm. 

 

 
(a) 

 
(b) 

Fig. 2.5. A comparison of (a) a 3D geometry and (b) a corresponding axisymmetric model for 

girth welding of a pipe. The FE geometries were compared directly against each other in a 

welding simulation. Note the reduced number of elements in the axisymmetric mesh 

compared to the 3D mesh. Figures reprinted from Deng and Murakawa [102], with 

permission from Elsevier.  
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The welding heat source, representing the welding torch, can be applied as a moving heat-

source, e.g. the double-ellipsoid heat source model proposed by Goldak et al. [107]. This 

model gives a 2D ellipsoidal or 3D double-ellipsoidal heating zone with its centre 

corresponding to the centre of the arc and with the heat source leading and trailing the arc 

according to the ellipsoidal shape. The model is described as follows in the form of Deng et 

al. [102]: 

𝑄(𝑥′, 𝑦′, 𝑧′) =
6√3𝑓𝑓𝑄𝑤

𝑎1𝑏1𝑐𝜋√𝜋
exp (−

3𝑥′2

𝑎1
2

−
3𝑦′2

𝑏1
2 −

3𝑧′2

𝑐2
) (2.1) 

𝑄(𝑥′, 𝑦′, 𝑧′) =
6√3𝑓𝑟𝑄𝑤

𝑎2𝑏1𝑐𝜋√𝜋
exp (−

3𝑥′2

𝑎2
2

−
3𝑦′2

𝑏1
2 −

3𝑧′2

𝑐2
) (2.2) 

𝑄𝑤 = 𝑈𝐼𝜂 (2.3) 

where 𝑥′, 𝑦′ and 𝑧′ are the local coordinates of the double-ellipsoid and 𝑎1𝑒, 𝑎2𝑒, 𝑏1𝑒 and 𝑐1𝑒 

are fitting parameters. The material being welded may be a plate (Cartesian) or a pipe (polar), 

for example. 𝑄𝑤  is welding power, 𝑈  is torch voltage, 𝐼  is torch current and 𝜂  is torch 

efficiency. The torch efficiency is typically found to lie between 50% and 100% [102, 106, 

108]. 𝑎1, 𝑎2, 𝑏 and 𝑐 are welding parameters which can be adjusted to give the desired weld 

pool. 𝑓𝑓 and 𝑓𝑟 describe the fractions of the heat source in front of and behind the torch and 

these fraction should sum to a value of 2 [102], e.g. if the fractions of the heat source in front 

of and behind the torch balance then 𝑓𝑓 = 𝑓𝑟 = 1. Depending on the welding process, heat 

leading the torch can be ignored, assuming that the torch is moving quickly. In such cases, 

the 3D ellipsoid distribution can be reduced to a 2D version. The criterion for whether to use 

2D or 3D distributions depends on the Peclet number, defined in the form of Smith et al., as 

follows [101]: 

𝑃𝑒𝑤 =
𝜌𝑚𝑎𝑡𝐶𝑝𝑣𝑙𝑤

𝑘
 (2.4) 
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where 𝜌𝑚𝑎𝑡 is material density, 𝐶𝑝 is specific heat capacity, 𝑙𝑤  is a characteristic length (e.g. 

torch diameter), 𝑘 is thermal conductivity of the material and 𝑣 is torch travel speed. The 

precise Peclet number below which 2D distributions may be used is not clear and different 

sources suggest different values, e.g. <10 [109], <0.1 [110], 0.85 to 1.32 [101]. 

 

For modelling purposes, the torch efficiency parameter is generally calibrated against 

recorded thermocouple data from a welding process or adjusted to provide the desired weld 

bead [106]. The moving heat source can be defined in Abaqus, for example, with a user-

defined subroutine but this can become difficult to model for complicated geometries. 

SYSWELD is a dedicated welding code with predefined welding-specific functions such as 

2D and 3D heat distributions [111]. Dedicated welding software has been found to give 

superior temperature predictions compared to general-purpose software [101]. Code_Aster, 

developed by Électricité de France (EDF), is an open-source FE package which companies 

can use without the need for subscription software licences.  

 

An alternative method for applying heat to geometry is a method known as ‘block-dumping’ 

or ‘element-birth’. Element-birth involves modelling all weld-bead elements in the FE 

geometry, then selectively activating specific elements with application of heat flux to 

simulate bead-laying [104]. A heat distribution, such as the aforementioned double-ellipsoid, 

is not required for this method since the weld bead is defined by the geometry of the mesh. 

The heat load is defined as follows [55, 106]: 

𝑞𝑒 =
𝑄𝑤

𝑣
 (2.5) 

where 𝑣 is weld torch traverse speed. This value 𝑞𝑒 is known as the net line energy [55] and 

is a commonly referred-to welding parameter. This load can be applied as a volumetric heat 

flux, sometimes called DFLUX [55], as follows: 
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𝐷𝐹𝐿𝑈𝑋 =
𝑄𝑤

𝑉
 (2.6) 

where 𝑉 is the volume over which the heat energy is applied. 𝐷𝐹𝐿𝑈𝑋 can be applied to all 

weld bead elements which are then activated to replicate the laying of the weld bead at the 

correct torch traverse speed. Block-dumping is a simpler method than the moving heat source 

as it does not require a user subroutine. It is alternatively possible to specify temperature 

boundary conditions to elements to raise their temperature to simulate bead-laying [106].  

 

𝐷𝐹𝐿𝑈𝑋 depends on a material volume but axisymmetric geometries represent all material 

points around the rotational axis simultaneously, so a volume must be defined for 

computational purposes, rather than directly modelled. It has been reported that a certain 

fraction of the circumference of the real, 3D, pipe can be used to calculate the volume for an 

axisymmetric model. This fraction is between 1/16
th

 and ½ of a radian [108]. In the case of 

element-birth, it is possible to adjust the heat input to satisfy two criteria: 

 All elements in the weld bead should exceed the melt temperature of the WM. 

 The weld bead should produce a HAZ which is a reasonable distance from the fusion 

line. 

 

These criteria were used by Yaghi and co-workers [55, 108]. In order to satisfy these criteria, 

the heat transfer within the geometry must be modelled. There are different methods by 

which heat transfer can be modelled. Convection and radiation can be addressed separately 

[112] or can be  combined into a convection coefficient [28, 55, 102, 105, 108], ℎ𝑡 , as 

follows: 

ℎ𝑡 = 0.0668𝑇 0 ≤ 𝑇 ≤ 500𝑜𝐶 (2.7) 

ℎ𝑡 = 0.231𝑇 − 82.1 𝑇 > 500𝑜𝐶 (2.8) 
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where 𝑇 is temperature, so that the combined radiation-convection heat-transfer coefficient is 

temperature-dependent. It is also possible to use constant values [104, 111] rather than 

temperature-dependent terms.  

 

Conduction heat-transfer coefficients can be derived from empirical data, e.g. [55], but there 

are limitations to using such data. For example, modelling heat transfer in regions where 

experimental data is unavailable or difficult to measure or obtain, such as in the weld pool, 

introduces uncertainty. 

 

 In solid mechanics simulations, liquid flow in the weld pool cannot be modelled easily. One 

method to account for the weld pool is to assume that conductive properties are doubled [108] 

to represent more rapid heat transfer in the molten region. Another method is to conduct a 

heat-transfer analysis in a computational fluid dynamics (CFD) simulation to model the weld 

pool as a liquid and then extract effective heat transfer parameters for use in the solid 

mechanics simulation [98, 113]. The cellular-automata (CA) method can be used in 

conjunction with FE modelling [114] to model the welding process, with the FE modelling 

accounting for the weld pool and heat transfer, but it typically requires constant re-meshing 

of the FE geometry as well as coupling between the CA grid and the FE mesh. Figure 2.6 

shows an example of the different meshes required for CA analysis. To save computational 

cost, large weld pools should be avoided and this may not be possible for multi-pass welds of 

thick pipes. 
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Fig. 2.6. A depiction of the various computational meshes required in CA analysis. To the 

right is the CA grid on which CA calculations are solved. In the middle is a fixed FE mesh to 

which the results of the CA grid are mapped. On the left is a finer FE mesh that remeshes 

itself to maintain a refined mesh in the vicinity of the moving weld pool to which the fixed 

FE mesh is coupled. (t) and (t’) refer to time with t’ > t. Figure reprinted from Chen et al. 

[114], with permission from Elsevier. 

 

In multi-pass welding, it is sometimes possible to reduce the complexity of the model by 

focusing on only a limited number of the weld passes rather than all of them. Murthy et al. 

[112], simulated a multi-pass weld on an axisymmetric model and showed that the residual 

stress results for a multi-pass welded pipe could be approximated by simulating only the final 

pass or the final six passes all at once. For the purposes of modelling residual stress, it may be 

possible to use such shortcuts as combining different weld-beads together. For a through-

process model in which the microstructure must be predicted, however, modelling only the 

final passes in a multi-pass simulation would not capture microstructural evolution history 

and lead to inaccurate life predictions. 

 

After welding, the geometry can be cooled by specifying the temperature of the surrounding 

environment and simulating the cooling process. For multi-pass welding, the environmental 

temperature can be set to the inter-pass temperature (an elevated temperature meant to avoid 

hydrogen cracking effects, typically 200
o
C to 350

o
C for 9Cr steel [18]) and for the final 

cooling, it can be set to room temperature.  
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The cooling rates predicted by the thermal model are important for the purposes of welding 

because they can predict the time taken for local material points to cool from 800
o
C to 500

o
C. 

This measurement of time (𝑡8/5) is important to predict impact toughness, for which there are 

minimum requirements for 9Cr steel [57]. In industrial standards, 𝑡8/5, is calculated according 

to preheat conditions, material thickness, heat-transfer properties, etc. [18]. Therefore, it is 

possible to make improvements to the welding process using only thermal modelling. For full 

through-process modelling, the welding process model provides temperature-time histories 

for use in the microstructure (Section 2.5) and mechanical (Section 2.6) models.  

 

2.4. Microstructural model 

2.4.1. General 

The temperature histories predicted by thermal models can be used to predict the material 

microstructure distribution, e.g. the location of different HAZ regions. In Section 2.2, several 

microstructure features were highlighted as important to the strength and performance of 9Cr 

steels: 

 Solid-state phases (martensite, austenite, etc.). 

 Prior-austenite grains. 

 Martensitic laths. 

 Carbide precipitates (M23C6, MX). 

 Laves phase and Z-phase. 

 Dislocation-density. 

 

This section will explore some mathematical models used to predict the evolution of these 

different microstructure features. The ability to accurately predict microstructure evolution, 
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and thus the evolution of strengthening mechanisms, will enable more accurate prediction of 

in-service component performance and life. 

 

2.4.2. Solid state phase transformation (SSPT) 

During welding, the 9Cr steel goes from martensite to austenite and back again. Martensite-

austenite transformation occurs extremely rapidly and the transformed volume-fraction can 

be approximated as being directly proportional to the transformation temperature, varying 

from zero transformation at 𝐴𝑐1 to full transformation at 𝐴𝑐3. This approximation describes 

the volume-fraction of austenite at equilibrium, even though welding is a non-equilibrium 

process, as follows.  

𝜉𝑒𝑞 = 1 −
𝐴𝑐3 − 𝑇

𝐴𝑐3 − 𝐴𝑐1
 (2.9) 

where 𝜉𝑒𝑞  is volume fraction of austenite at equilibrium. Non-linear martensite-austenite 

transformed volume-fractions can also be used, shown here in the form of Li et al. [96], as 

follows: 

𝑑𝜉𝛾

𝑑𝑡
=

𝜉𝑒𝑞 − 𝜉𝛾

𝜏(𝑇)
𝑓𝛾(�̇�) (2.10) 

where 𝜉𝛾 is volume fraction of austenite and 𝜏 and 𝑓𝛾  are fitted temperature-dependent and 

heating rate-dependent parameters.  

 

Under non-equilibrium conditions, such as welding, the austenite transformation 

temperatures may increase [115]. The transformation temperatures can be identified 

experimentally from temperature-dilation or temperature-strain tests (Fig. 2.7), where 

discontinuities in the strain-temperature history indicate phase transformations. Austenite 

transformation causes steel to contract, contrary to heating-induced thermal expansion, and 

martensite transformation causes expansion, contrary to cooling-induced thermal contraction. 
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Different tests on the same material can also reveal different transformation temperatures [84] 

and composition-based empirical models which can be used to quantify 𝐴𝑐1 [116]. Software 

such as ThermoCalc can also be used to predict transformation temperatures [117] (Fig. 2.8). 

Observation of the continuous-cooling-transformation (CCT) diagram (Fig. 2.9) shows that 

for all but the slowest cooling-rates (e.g. slower than 6
o
C/minute [116]), 9Cr austenite will 

only form martensite [118]. The austenite-martensite transformation is commonly described 

using the Koistinen-Marburger function [119]: 

𝜉𝑀 = 1 − exp[−0.011(𝑀𝑠 − 𝑇)] 𝑇 < 𝑀𝑠 (2.11) 

where 𝜉𝑀  is volume fraction of martensite and 𝑀𝑠  is martensitic transformation-start 

temperature. In order to ensure complete transformation before the martensite transformation-

finish temperature (𝑀𝑓 ), the above equation can be multiplied by a constant [28]. If the 

cooling-rate is fast enough, then the martensitic transformation can be approximated using a 

linear equation [87]. Other methods of calculating the martensite volume fraction are 

described by Yu [120]. Huyan et al. [121] proposed a more physically-based model which 

relies on Gibbs free energy to calculate martensite transformation. In this case, Gibbs free 

energy is the energy available for transformation after accounting for the thermal and strain 

energies of a material point. 
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Fig. 2.7. A schematic of the identification of SSPT transformation temperatures for P91 using 

strain-temperature data: (i) the initial state and linear expansion up to (ii) 𝐴𝑐1, transformation 

strain (contraction) during austenite transformation up to (iii) 𝐴𝑐3, further expansion to (iv) 

the peak temperature, contraction during cooling to (v) 𝑀𝑠, transformation strain (expansion) 

during martensite transformation until (vi) 𝑀𝑓  (the temperature at which martensitic 

transformation ends) and (vii) further contraction with further cooling. This figure is based on 

figures from other sources, e.g. [87, 122]. 

 

 

 

 
Fig. 2.8. ThermoCalc predictions of SSPT transformation temperatures for 9Cr steel. Figure 

reprinted from Arivazhagan et al. [117], with permission from Elsevier. 
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Fig. 2.9. An example of the CCT diagram for P91, reproduced from Vallorec and 

Mannesmann [118]. 

 

2.4.3. Phase field modelling 

Phase field modelling (PFM) [123, 124] is a physically-based approach to microstructure 

evolution that attempts to represent the energy-driven, thermodynamic interactions between 

material points, as opposed to empirical models, etc.  Originally used to model solidification, 

PFM can be used to simulate solid-state transformation too. The general framework of PFM 

is that for any region: 

 A phase-field parameter will have a value of 1 inside the region and a value of 0 

outside of it. 

 The interface between regions shall have interface mobilities, energies, thicknesses 

and driving pressures. As the interface between regions moves, the regions change 

shape and size.  

 The modelled domain will have a spatial distribution of nucleation sites for regions, a 

density of nuclei and a nucleation temperature range. 

 

Therefore, a liquid domain can be modelled with nucleation sites for solid material regions. 

Similarly, an austenite domain can be modelled with nucleation sites for martensite. In PFM, 
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microstructure evolution occurs as the system attempts to minimize its free energy. Sources 

of energy include heat and strain. PFM modelling can be coupled with thermodynamic 

simulation tools, such as ThermoCalc [125], to aid the identification of PFM modelling 

parameters. Boettger et al. [126] assessed different methods of increasing the efficiency of 

such couplings and found that, currently, attempting direct PFM simulation (e.g. without 

extrapolation) is not feasible. Despite the use of ThermoCalc or other software packages, a 

certain amount of parameter-fitting is still required for PFM, for example the spacing of 

ferrite and bainite nuclei [125] (Fig. 2.10).  

 

 
Fig. 2.10. A comparison between test data [127] (a and c) and PFM results (b and d) for the 

evolution of solid-state phases (white: bainite, yellow: ferrite and red: austenite/martensite) 

for different cooling rates: (a) and (b) 1
o
C/s, (c) and (d) 5

o
C/s. The square in (b) represents 

the PFM domain, which is configured with periodic boundary conditions to grow the model 

domain. Figure reprinted from Toloui and Militzer [125], with permission from Elsevier. 
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The advantage of PFM is that it can simulate steep gradients in microstructure, such as 

differences between two adjacent grains. This is useful for welded regions like the HAZ, in 

which the CGHAZ, FGHAZ and ICHAZ have very different microstrucutres, despite their 

proximity. A drawback of PFM for the purposes of through-process modelling of power plant 

components is the very small size-scale for which PFM is applicable, e.g. micro-scale (see 

Table 2.7).  

 

Table 2.7. Examples of PFM modelling domains from literature sources. 

Reference Model type Domain size 

Toloui and Militzer [125] 2D 36.6 m × 36.6 m 

 2D 52.2 m × 52.2 m 

 2D 79.6 m × 79.6 m 

Boettger et al. [126] 1D 50 m 

 2D 1000 m × 520 m 

Zhu et al. [128] 2D 400 m × 400 m 

Mai and Soghrati [129] 2D c. 200 m × 300 m 

 2D 540 m × 500 m 

 2D c. 300 m × 250 m 

Shi et al. [130] 2D 250 m × 250 m 

Fromm et al. [131] 3D 

96 m × 36 m × 47 m (PFM only) 

5 m × 5 m × 5 m (PFM and FE) 

10 m × 10 m × 10 m (PFM and FE) 

15 m × 15 m × 15 m (PFM and FE) 

 

It is clear from Table 2.7 that to model an entire macroscale geometry (e.g. the size of a 

power plant component, such as a pipe, measured most conveniently with millimetres, 

centimetres or larger, rather than with microns or smaller), or even a macroscale HAZ, would 

be prohibitively expensive computationally compared to macroscale models. For comparison, 

the smallest element size used by Abburi Venkata et al. [104] for the plate geometry 

described in Table 2.6 was 0.9 mm × 0.75 mm × 0.35 mm. This element was just one of 

134,000 in the entire geometry. It is clear that it is currently impractical to apply PFM 

modelling methods to component-level FE models.  
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Many PFM models require coupling to metallurgical databases, such as ThermoCalc, which 

is based on the Calphad method. While this leads to rigorous, physically-based modelling, 

this may be an unattractive option for a weld-design tool because it would require additional 

software licencing with the associated costs. Even then, the difference between welding, a 

non-equilbrium process, and a ThermoCalc data base, based on equilibrium values, leads to 

modelling challenges. For example, ThermoCalc may predict complete dissolution of M23C6 

precipitates in a 9Cr steel at 880
o
C [115] but the FGHAZ still contains such precipitates 

despite experiencing temperatures in excess of 880
o
C. 

 

2.4.4 Prior austenite grain (PAG) size 

During welding, the initial PAG size of PM changes due to the grains recrystallizing and then 

growing. Examples of grain size evolution models are described by various authors [132-134]. 

These models include separate recrystallization and growth terms. The recrystallization terms 

can either be dependent on initial grain size, 𝑑0, e.g. [133], as follows: 

𝑆 = 1 − exp [−
𝐾𝑅𝑋

𝑑0
𝑡𝑛] (2.12) 

or on a critical dislocation-density, �̅�𝑐, in the form of Li et al. [132]: 

�̇� = 𝐻𝑅𝑋[𝑥𝑅𝑋�̅� − �̅�𝑐(1 − 𝑆)](1 − 𝑆)𝜆𝑅𝑋  (2.13) 

where 𝑆 is recrystallized volume fraction and �̇� = 𝑑𝑆 𝑑𝑡⁄ , 𝐾𝑅𝑋, 𝑛, 𝐻𝑅𝑋, 𝑥𝑅𝑋 and 𝜆𝑅𝑋 are all 

constants. �̅�𝑐  is a critical value of normalised dislocation-density. Normalised dislocation-

density, �̅�, evolves during plastic deformation (see Section 2.6) but it is also subject to static 

recovery (high-temperature annihilation) processes. Estrin [135] described a dislocation-

density model with static recovery. This model was modified [132-134] to account for grain 

recrystallization. Test data [23] suggests a strong correlation between lath width (see later in 

this section) and dislocation-density under creep conditions.  
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The PAG-growth term can be divided into static (temperature and time dependent) and 

dynamic (temperature, time and plastic strain dependent) terms. Two examples are as follows: 

�̇� =
𝑀𝐺𝐵𝜎𝑠𝑢𝑟𝑓

𝑑𝛾𝑑,0
+

𝛼𝑑휀�̇�

𝑑𝛾𝑑,1
 [133]  (2.14) 

�̇� = 𝐺1 (
𝑑0

𝑑
)

𝜓𝑑,1

− 𝐺2�̇� (
𝑑

𝑑0
)

𝜓𝑑,2

 [132]  (2.15) 

where 𝑑 is PAG size and 𝛾𝑑,0, 𝛾𝑑,1, 𝛼𝑑 , 𝐺1 , 𝐺2 , 𝜓𝑑,1  and 𝜓𝑑,2  are constants, 𝜎𝑠𝑢𝑟𝑓  is grain 

boundary energy per unit area and 𝑀𝐺𝐵 is grain boundary mobility. Equation 2.14 includes 

recrystallization (the first term) and a dynamic, plasticity-driven grain-growth term (the 

second term, which accounts for recrystallization in regions of critical dislocation-density, 

analogous to the combination of Eqn. 2.13 and the second term in Eqn. 2.15), while Eqn. 2.15 

has a static grain-growth term (the first term) and recrystallization is handled with a separate 

equation, e.g. Eqn. 2.12 or 2.13. Results from a model using Eqn. 15 are shown in Fig. 2.11.  

 

Equations 2.14 and 2.15, as presented here, were applied in the context of hot-rolling and 

annealing of ferritic steel. These models would require modification before being applied to 

9Cr steel (in Chapters 4 and 5, Eqns. 2.13 and 2.15 informed the development of the 

recrystallization and grain-growth models). Hamelin et al. [87] applied a static grain-growth 

model in the context of welding of a nuclear power plant steel as follows:  

𝑑4 − 𝑑0
4 = 2.969 × 1015 ∑ Δ𝑡 ∙ exp (−

69300

𝑇
) (2.16) 

where 𝑑 and 𝑑0  represent the final and initial PAG sizes (mm) over time increment Δ𝑡 at 

temperature 𝑇  (K), respectively. In 9Cr steel, packet-size and block-size can be linearly 

related to grain size [72, 136]. 
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Fig. 2.11. A comparison between annealing time at 700

o
C and grain size (model: solid line, 

test data: points). Figure reproduced from Li et al. [132]. 

 

PFM can also model grain recrystallization and growth [124], although there were some 

reported issues regarding the interactions between grains and nano-sized precipitates or 

solutes due to the different length-scales involved. For recrystallization, the aforementioned 

driving force can be replaced by a stored energy and can be set to zero for grain growth. 

Although PFM is computationally-expensive compared to macro-scale models, it can be used 

to confirm the accuracy of macro models [130]. 

 

The Monte-Carlo (MC) method has been used to simulated grain size evolution in HAZ [137, 

138] with high precision but the results of MC modelling depend on grid size and spacing and 

on how the simulation time is coupled to real time. This introduces extra complexities that 

would be unwelcome in a through-process model of steels as complex as 9Cr steels.  The 

geometries that can be simulated by MC methods are also small (0.24 mm × 6 mm × 2.4 mm 

[137]) or relatively small (33 mm × 8 mm × 3 mm [138]) compared to component-scale 

geometries. Some HAZ grain evolution predictions using MC are shown in Fig. 2.12. It is 

clear that the slowest torch speed, and therefore the longest exposure to high temperature, led 
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to the most significant grain-growth, as expected. Despite the accuracy of MC, it, like PFM, 

is too computationally expensive to be practical for use on macro-scale models. 

 

PFM, CA or MC modelling are computationally-expensive so modelling each of the 

microstructure evolutions considered in this section using any of those methods on 

component-scale geometries is currently impractical. However, they may be useful as tools to 

verify the macroscale models based on a sample region of interest. 

 

 
Fig. 2.12. 3D predictions of fusion-zone and HAZ grain evolution during welding at different 

weld-torch speeds using the Monte-Carlo method. Note the different grain morphologies. 

Figure reprinted from Wei et al. [138], with permission from Elsevier. 

 

2.4.5 Lath width 

Lath-width is an important consideration in 9Cr steel, due to laths being the lowest level of 

hierarchical microstructure. Lath width is an indicator of dislocation density, which has 
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already been identified as vital to 9Cr strength (see Section 2.2). During welding, laths 

disappear from the material during transformation into the austenite phase. After welding, 

newly-formed martensite regions in the HAZ have fine laths and high dislocation density. 

One of the key microstructural changes that occur during PWHT is that laths coarsen. A 

through-process modelling approach should therefore include the evolution of lath-width. 

 

Galindo-Navo et al. [136] showed a microstructural model which could predict the size of 

martensitic laths, 𝑤, and their evolution during tempering, in the form as follows:  

𝑤 = 𝑤0 + 𝜆𝑤,0𝑥𝑐
𝛼′

√𝐷𝑑𝑖𝑓𝑓𝑡 (2.17) 

where 𝐷𝑑𝑖𝑓𝑓 is carbon diffusion rate, 𝑤0 is initial lath width, 𝑥𝑐
𝛼′

 is carbon atom content in 

the martensite, 𝜆𝑤,0 represents a resistance to carbon diffusion and 𝑡 is tempering time. The 

carbon diffusion rate is given in the form as follows: 

𝐷𝑑𝑖𝑓𝑓 = 6.2 × 10−7𝑒𝑥𝑝 (−
80000

𝑅𝑔𝑇
) (2.18) 

where 𝑅𝑔 is the universal gas constant and the carbon-diffusion barrier is given by: 

𝜆0 =
𝑏

𝑑𝐶𝑜𝑡𝑡𝑟𝑒𝑙𝑙
 (2.19) 

where 𝑏 is magnitude of the Burgers vector and 𝑑𝐶𝑜𝑡𝑡𝑟𝑒𝑙𝑙  is the space between two laths, 

taken as approximately 7 nm. The carbon atom content of the martensite can be related to the 

carbon content of the steel, via the relationship: 

𝑥𝑐
𝛼′

= 𝑥𝑐 (1 −
𝑓𝑝

4
) (2.20) 

where 𝑥𝑐 is carbon content of the steel, assuming a low carbon content, and 𝑓𝑝 is the carbide 

volume fraction. The initial lath width can be obtained from the equation: 

𝑤0 = 𝑑𝐶𝑜𝑡𝑡𝑟𝑒𝑙𝑙

𝑙𝑐
2

𝑏2
 (2.21) 
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where 𝑙𝑐 is mean carbon spacing, given by: 

𝑙𝑐 =
𝑏

(𝑥𝑐
𝛼′

)
1 3⁄

 (2.22) 

This lath-width model almost exclusively uses measurable, physical parameters and this 

reduces the necessity for fitting parameters. Physically, Eqn. 21 captures the phenomenon of 

segregation of carbon atoms in lath boundaries following martensitic transformation. Some 

results from the model described above are shown in Fig. 2.13, in which it is clear that the 

relationship between the carbon content and lath-widths of a variety of steels is well-

represented by the model. 

 

 
Fig. 2.13. A comparison between a selection of test data (Kim et al. [139], Hutchinson et al. 

[140], Swarr & Krauss [141], Ghassemi-Armaki et al. [142]) and a lath-width-carbon content 

microstructure model. Figure after Galindo-Nava et al. [136]. 

 

An alternative way to model lath widths and their evolution is to relate the widths to low-

angle boundary dislocation density evolution [25, 143]: 

𝑤 =
𝑤0𝜌𝑤,0

𝜌𝑤
 (2.23) 
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where 𝜌𝑤,0 is the initial dislocation-density at the low-angle boundary and 𝜌𝑤 is the current 

low-angle boundary dislocation density.   

 

Lath evolution can also be modelled directly from ageing test data (e.g. [142]) or creep data 

(e.g. [23]), which is pertinent to the long-term, in-service aspect of the through-process 

methodology. Such an equation may take the form of an Otswald-ripening model, as follows: 

�̇� =
𝑎𝑤

𝑤𝑚
 (2.24) 

where 𝑎𝑤 is a constant and the exponent 𝑚 typically has a value greater than 2. 

 

2.4.6 Carbide precipitate size 

At high temperatures, carbides dissolve and disappear from the material microstructure. 

Tempering allows the carbides to precipitate out of solution and increases the precipitate-

strengthening effect of the microstructure.  

 

Myhr and co-workers [144-147] suggested a precipitate evolution model for aluminium 

alloys. Their model included three general aspects: 

 A nucleation model to predict the formation of precipitate nuclei. 

 A rate law to predict how precipitates grow or dissolve. 

 A continuity equation which tracks how much solute is tied up in the precipitates. 

 

Despite the nano-scale nature of these models, they were applied to macro-scale geometries, 

e.g. square-section (80 mm × 80 mm × 400 mm) AA6060 components [147]. Figure 2.14 

shows a comparison of predicted and measured mean particle radius and number density of 

precipitates in an Mg-Si alloy. It is clear from Fig. 2.14 that the quantitative and qualitative 

trends of the experimental data were captured by the model. Physically, the trends indicate 
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nucleation and coalescence of precipitates with increasing tempering time. At first, many 

precipitates form, hence a small mean radius, 𝑟, and a large particle number density, 𝑁. Later, 

as precipitates coarsen, the mean radius increases and as precipitates coalesce, the number 

density of particles decreases.  

 

 
Fig. 2.14. A comparison between measured and predicted values for precipitate radius (r) and 

number density (N) in an Al-Mg-Si alloy during ageing at 185
o
C. Figure after Myhr et al. 

[144]. 

 

An alternative modelling method is described in the form of Lin et al. [133] to represent how 

precipitates dissolve at high temperature, as follows: 

�̇� = 𝐷𝑦𝑝 (
𝐿𝑝 − 𝑦𝑝

𝐿𝑝
) (2.25) 

where �̇� is the rate of decrease in population of precipitates, 𝐿𝑝 is the sustainable population 

of precipitates, 𝑦𝑝 is the population size factor (or the viable concentration of precipitates 

[148]) and 

𝐷 = 𝐷0exp (−
𝑄𝑝

𝑅𝑔𝑇
) (2.26) 
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where 𝐷0 is diffusion coefficient and 𝑄𝑝 is activation energy. While the model described in 

Eqns. 2.25 and 2.26 pertains to precipitate population (e.g. number density), it can be used to 

predict key moments during the welding process, such as when dissolution is complete and 

there are no more precipitates present in a region of the weld. 

 

Precipitate growth, e.g. during PWHT, can be described with an Otswald ripening type 

equation [30]:  

𝑑𝑝,𝑡
𝑛 − 𝑑𝑝,0

𝑛 = 𝑘𝑝𝑡 (2.27) 

where 𝑑𝑝,𝑡 is precipitate size at time 𝑡 at a certain temperature, 𝑑𝑝,0 is initial precipitate size 

and 𝑘𝑝 is a temperature-dependent growth coefficient. 𝑘𝑝 can be described as follows [30]: 

𝑘𝑝 = 𝑘𝑝,0exp (−
𝑄

𝑅𝑇
) (2.28) 

where 𝑘𝑝,0  is growth coefficient and the activation energy 𝑄  can be defined based on 

precipitate size and temperatures, as follows: 

𝑄 =

3𝑅ln (
𝑑𝑝,1

𝑑𝑝,2
) 𝑇1𝑇2

𝑇1 − 𝑇2
 

(2.29) 

where 𝑑𝑝,1 and 𝑑𝑝,2 are the average precipitate sizes at temperatures 𝑇1 and 𝑇2. A similar set 

of equations can be used to describe the growth of MX precipitates and Laves phase [149]. 

𝑘𝑝was described differently for maraging steels, as follows [150]: 

𝑘𝑝 =
8𝛾𝑝𝑉𝑚𝐷𝑝𝑥𝑗,𝑝

9𝑅𝑇
 (2.30) 

where 𝑥𝑗,𝑝 is the volume of element 𝑗 as it goes from the matrix into precipitate, 𝐷𝑝 is the 

diffusion coefficient, 𝑉𝑚 is the particle’s molar fraction and 𝛾𝑝 is the interfacial energy. 𝑘 can 

also be a fitting parameter adjusted to match test data. Precipitate size can also be modelled 

with a strain-rate dependency in 9Cr steel using a modified Otswald ripening law [151].  
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The strengthening mechanism of precipitates is not determined solely by their diameter. In 

fact, precipitate spacing and volume fraction are two additional considerations. The volume 

fraction determines the degree to which the material is saturated with precipitates. With 

increased volume fraction, there is increased dislocation-pinning due to the precipitates, 

although the material as a whole will be softer due to the additional tempering necessary to 

increase the volume fraction. As precipitates form during tempering, carbon is removed from 

the martensite matrix, leading to a softer material [63].  

 

For a given volume fraction of precipitates, assuming an even distribution along high-angle 

boundaries (M23C6 precipitates) or throughout the material (MX precipitates), the dislocation-

pinning effect is determined by the precipitate spacing. Precipitate spacing, 𝜆𝑝 , can be 

determined from precipitate diameter, 𝑑𝑝, for a constant volume fraction, 𝑉𝑝, in the form of 

Armaki et al. [152], as follows: 

𝜆𝑝 = 𝑑𝑝 (
𝜋

6𝑉𝑝
)

1 3⁄

 (2.31) 

 

There are other alternatives for precipitate modelling. The Fisher-Hart-Pry model for 

precipitate evolution was utilised by Barrett et al. [143]. This model is more suited to post-

weld evolution rather than to full through-process modelling. PFM can also be used to model 

precipitate coarsening [153]. Rather than modelling the growth of the grains of one phase in 

another phase, e.g. ferrite in austenite [125], precipitate growth in a matrix can be modelled.  

  

Laves phase evolution data [79] can be predicted according to an Otswald-ripening law (see 

Fig. 2.15), similar to how M23C6 precipitates are modelled. Z-phase evolution was simulated 

by Danielsen and Hald [80] using a thermodynamic modelling framework.  
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Fig. 2.15. An example of Otswald ripening models (lines) applied to diameter-time data [79] 

(points) for Laves phase evolution. 

 

The models listed above are only some examples of how microstructure evolution can be 

modelled. It is clear that the microstructure models can be physically-based to a greater or 

lesser extent. The work of Galindo-Nava, for example, is highly physically-based whereas 

other authors have used more empirical approaches with fitting-parameters, e.g. [132]. The 

ability to predict microstructure evolution with precision is important in the context of 

physically-based constitutive modelling. 

 

2.5. Structural model 

2.5.1 General 

Damage modelling and life prediction for power plant components are strongly dependent on 

constitutive response of the material, whether by fatigue life estimates [154], crack growth 

dynamics [155, 156] or creep life estimates [46]. The constitutive behaviour of welded 

components depends on (a) the thermal history of the material during welding, (b) the 
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material microstructure and (c) the in-service loading conditions. As power plant moves from 

base-load to flexible operation, welded components are subjected to combined loading (e.g. 

creep-fatigue rather than just creep) so that it is important for constitutive models to be 

capable of predicting material response accurately for a range of loading conditions. 

 

Welding analysis typically utilises uncoupled thermal and mechanical analyses [28, 55, 96, 

99, 106]. The thermal analysis is performed on FE geometry without reference to mechanical 

properties and is purely a heat-transfer analysis. A mechanical FE model can be prepared 

with an identical geometry and mesh, although with a different element-type, so that the 

temperature history extracted from the thermal analysis can be applied node-for-node as a 

thermal load. The method is considered uncoupled because there is no feedback from the 

mechanical analysis on the thermal analysis. The thermal load generates strain in the 

mechanical model. The set of strains is often described in the form of Hamelin et al. [87], as 

follows: 

휀 = 휀𝑒 + 휀𝑝 + 휀𝑡ℎ + 휀𝑡𝑟 + 휀𝑡𝑝 (2.32) 

where the strain components are elastic, plastic, thermal, metallurgical and transformation-

induced plasticity (TRIP), respectively. Thermal strain occurs due to thermal expansion or 

contraction. Metallurgical strain occurs when phase transformation (e.g. from BCC to FCC) 

causes a volume change [87, 122] and TRIP occurs in 9Cr steel during martensitic 

transformation [122].  

 

2.5.2 Metallurgical strain 

Metallurgical strain can occur when the material transforms from martensite PM to austenite 

at high temperature as a contraction that occurs in proportion to the austenite volume fraction. 
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For martensite-austenite transformation during cooling, it can be modelled as an exponential 

expansion function [28], as follows: 

∆𝜺𝑚
𝑖𝑖 = 9.137 × 10−5 × Δ𝑇 × exp[−0.011(𝑀𝑠 − 𝑇)] 𝑇 < 𝑀𝑠 (2.33) 

where Δ𝜺𝑀  is incremental change in volumetric strain during austenite-martensite 

transformation, the superscript 𝑖 denotes the component of strain (the increment in strain is 

equal in all directions and shear strain is neglected) and ∆𝑇 is the increment in temperature-

change. 

 

Phase change is not an instantaneous process. During transformation, both austenite and 

martensite will exist at once in close proximity to each other, e.g. in the partially-transformed 

ICHAZ. This proximity could be at the microscale, so that in a macroscale analysis, both 

phases may exist in the same finite element at the same time. The combined material 

response can be taken as the average response of the two material phases [96, 157].  

 

2.5.3 Transformation-induced plasticity (TRIP) 

TRIP is typically only modelled for martensitic transformation because it occurs at lower 

temperatures when the resulting stresses are larger in magnitude. Transformation strains at 

high temperature for austenite are more likely to relax and become insignificant at lower 

temperatures compared to those caused by martensitic transformation. For example, some 

authors [106, 158, 159] eliminated plastic strains and material hardening history at high 

temperatures in their simulations using an ‘annealing’ process, leaving only the effects of 

strains at lower temperatures. One modelling method to capture TRIP is to reduce the 

material yield stress during martensitic transformation to ensure yielding and plasticity [28]. 

For an elastic-perfectly plastic material, Leblond et al. [157] suggested the following model 

for calculating TRIP: 
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�̇�𝑇𝑃 =
3

2

(휀𝛼
𝑡ℎ − 휀𝛾

𝑡ℎ)

𝜎𝛾
𝑦

ℎ (
𝜎𝑒𝑞

𝜎𝑚𝑖𝑥
𝑦

) 𝝈(ln𝜉𝑚)𝜉𝑚  (2.34) 

ℎ (
𝜎𝑒𝑞

𝜎𝑚𝑖𝑥
𝑦

) = 1 
𝜎𝑒𝑞

𝜎𝑚𝑖𝑥
𝑦

≤
1

2
 (2.35) 

ℎ (
𝜎𝑒𝑞

𝜎𝑚𝑖𝑥
𝑦

) = 1 +
7

2
(

𝜎𝑒𝑞

𝜎𝑚𝑖𝑥
𝑦

−
1

2
) 

𝜎𝑒𝑞

𝜎𝑚𝑖𝑥
𝑦

>
1

2
 (2.36) 

𝜎𝑚𝑖𝑥
𝑦 = [1 − 𝑓(𝜉𝛼)]𝜎𝛾

𝑦 + 𝑓(𝜉𝛼)𝜎𝛼
𝑦  (2.37) 

𝜎𝛼
𝑦 = 𝜉𝐼𝜎𝐼

𝑦 + 𝜉𝑈𝜎𝑈
𝑦  (2.38) 

where 𝜎𝛾
𝑦 is yield stress of the austenite and 𝜎𝛼

𝑦 is yield stress of the martensite, which is a 

rule-of-mixtures (weighted average) between tempered and newly-formed martensite yield 

stresses 𝜎𝐼
𝑦 , 𝜎𝑈

𝑦 , with volume fractions 𝜉𝐼 , 𝜉𝑈 . 𝝈 is stress tensor and 𝜎𝑒𝑞 is the equivalent 

stress (e.g. von Mises stress). This model considers the instantaneous volume fraction of 

phases. Another model incorporates the rate of transformation [160], described by Hamelin et 

al. [87] as follows: 

�̇�𝑡𝑝 =
3

2
𝐾𝑇𝒔𝑓′(𝑧)�̇�  (2.39) 

where 𝐾𝑇 is a material constant, 𝒔 is the deviatoric stress tensor during transformation and 𝑧 

is the phase volume fraction. This formulation is presented in multi-axial form. TRIP can also 

be modelled via a micromechanics approach [161]. Micromechanics approaches can model 

what occurs in the material at the microscale and then extrapolate the cumulative local 

material response to predict the macroscale material behaviour.  

 

Constitutive behaviour during welding can give predictions of the distribution and magnitude 

of residual stresses but a full through-process model should incorporate post-welding 

mechanical modelling to capture the effects of post-weld heat treatment (PWHT) and in-

service loading in power plant. Constitutive models can be described as either 

‘phenomenological’ or ‘physically-based’, as outlined in the sections below. 
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2.5.4 Phenomenological modelling 

Phenomenological models are typically constructed using parameters and coefficients 

identified from material test data rather than relying on physical material parameters, e.g. 

microstructure features. For the purposes of the welding simulation, material behaviour can 

be determined from short term-data, as opposed to long-term data such as creep test data, so 

the tests from which material behaviour can be determined are usually either tensile 

monotonic [28, 55] or cyclic [158] test data.  

 

Monotonic data is obtained via relatively simple tests, which give material information 

regarding hardening, necking and damage. Due to the relative convenience of tensile testing, 

compared to more time-consuming cyclic or creep testing, a large body of test data can be 

obtained from it, such as the effects of different temperatures and strain-rates on material 

behaviour. However, monotonic data on its own cannot reveal whether a material hardens 

isotopically, kinematically or by a mixture of both. Welding is a cyclic process, producing 

reversed loading between the heating and cooling cycle and, in the case of multi-pass welding, 

from one weld pass to the next. For this reason, cyclic testing may be preferable to montonic 

testing in order to determine material behaviour.  

 

The choice of material testing will determine what test data the material model is calibrated 

against and therefore the choice of hardening model and constitutive predictions. For 

identical or at least comparable thermal analyses, different material hardening models can 

produce different residual stress-strain results [106]. Monotonic tensile test data provides 

model parameters for either kinematic or isotropic hardening parameters but the accuracy of 

such fitting is sensitive to the maximum strain from the tensile test [158]. When cyclic data is 
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used to fit kinematic hardening parameters, the saturated cyclic response is typically used 

[158], meaning that, for the same material, models calibrated against tensile or cyclic data 

will not predict the same stress-strain response. Furthermore, the modelling method, apart 

from the choice of model (isotropic or kinematic) can also change the predicted results, for 

example multi-surface modelling [162]. 

 

9Cr steels harden kinematically and cyclically soften isotropically [25, 26, 70, 163], although 

it can be sufficient to model the material as perfectly-plastic for the purposes of welding [96], 

this would predict unrepresentative stress-strain responses during in-service loading. 

Therefore, to capture hardening and softening behaviour in 9Cr steel, it would be preferable 

to utilise cyclic data when modelling the welding process. Material hardening is a post-yield 

phenomenon. The yield function, 𝑓, which signifies whether or not yield occurs in a material 

point, can be defined as follows: 

𝑓 = √
3

2
(𝝈 − 𝑿): (𝝈 − 𝑿) − 𝑅 − 𝜎𝑦  (2.40) 

where 𝝈  is the stress tensor, 𝑿  is the back-stress tensor, 𝑅  is the isotropic hardening (or 

softening) variable and 𝑘 is the yield stress. The symbol ‘:’ is the double dot-product of two 

tensors. The yield function is a scalar and is used to predict the equivalent plastic strain-rate, 

�̇� [64]. 

 

In 2008, Chaboche reviewed a number of plasticity theories [162]. Among them was the 

Armstrong and Frederick model for non-linear kinematic hardening, which describes the 

evolution of 𝑿, as follows: 

�̇� =
2

3
𝐶�̇�𝑝 − 𝛾𝑿�̇�  (2.41) 
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where parameters in bold indicate tensors. The parameter 𝐶 , called hardening modulus, 

represents the initial hardening slope, and the rate-of-decay constant, 𝛾 controls the rate of 

reduction of the kinematic hardening slope; 𝑝 is equivalent plastic strain [64]. This model 

describes hardening which saturates at a maximum value 𝐶 𝛾⁄  and is used to fit non-linear 

hardening curves. Multiple back-stress terms can be used to achieve a more accurate fit to 

short- and long-strain-range test data. Additional terms can also be included to take account 

of dynamic and static recovery, as well as threshold values (values of the magnitude of 𝑿, 

below which only the first term in Eqn. 41 is used) can be defined too. For this non-linear 

model, each back-stress requires two fitted parameters.  

 

Non-linear isotropic cyclic softening (or hardening), referred to as the Chaboche model, is 

commonly described in the form as follows: 

�̇� = 𝑏𝑅(𝑄 − 𝑅)�̇�  (2.42) 

where 𝑅 is the isotropic variable, 𝑄 defines the asymptotic value of hardening (or softening, 

with a negative Q-value) towards which 𝑅 saturates. 𝑏𝑅 controls the rate at which 𝑅 reaches a 

value of 𝑄. As with kinematic hardening, multiple isotropic terms can be used to achieve 

increased accuracy of fitting to test data. 

 

Chaboche compared several viscoplastic models [162] and all were found to give similar 

results between plastic strain-rates of 1 × 10
-8

s
-1

 and 1 × 10
-4

s
-1

. All except one (the Bodner 

model, which had directional hardening without using kinematic backstress, 𝑿) of the models 

gave similar results up to about 0.03s
-1

.  

 

As evident from Eqns. 41 and 42, both kinematic and isotropic hardening are dependent on 

the equivalent plastic strain rate, �̇�. The equivalent plastic strain rate is calculated from the 
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yield function (Eqn. 40). 9Cr steels are viscoplastic at high temperature, such as at power 

plant operating temperatures, meaning that their stress-strain response is strain-rate dependent, 

as shown in high-temperature tensile tests from Touboul et al. [43].  

 

Visco-plastic behaviour can be represented with a power-law function [132] or a hyperbolic 

sine function [26, 70]. The hyperbolic sine function is a non-linear term when plotted on log-

log graphs, so it can better capture the visco-plasticity behaviour of 9Cr steel across a range 

of strain-rates than a single power-law equation (see Fig. 2.16). Multiple power law functions 

can be used but this increases the number of modelling parameters required and gives less 

fidelity to the visco-plastic deformation mechanisms, e.g. diffusion or dislocation 

mechanisms [164, 165]. 

 

 
Fig. 2.16. An illustration of the advantage of a hyperbolic sine (sinh) law over power-law 

functions. A single sinh law fits the test data (points, [166]) whereas two power-law functions 

are required. This figure (data and sinh fit) is reproduced from Barrett et al. [70] and 

supplemented with power-law fits. 

 

Constitutive models, whether incorporating kinematic hardening, isotropic softening or 

elastic perfectly plastic, are used to predict welding residual stress in the welded joint. PWHT 

is used to relieve residual stresses, and can therefore be modelled as a stress-relaxation 
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process [167], as well as to recover material microstructure. Section 2.4 described various 

methods by which to model the evolution of microstructure. Stress relaxation during PWHT 

can be modelled by introducing time-dependent modifications, which soften the material, to 

the kinematic and isotropic hardening terms [168]. Benaarbia et al. [45] accounted for 

relaxation effects using visco-elastic terms in their material model. Stress-relaxation, 

assuming no applied strain (휀�̇�𝑜𝑡𝑎𝑙 = 0), can also be modelled by inverting creep models [48].  

 

Creep strain can be decomposed into primary, secondary and tertiary strain, as follows 

 [48]: 

휀𝑐
𝑇𝑜𝑡𝑎𝑙 = 휀𝑐

𝑃𝑟𝑖𝑚𝑎𝑟𝑦 + 휀𝑐
𝑆𝑒𝑐𝑜𝑛𝑑𝑎𝑟𝑦 + 휀𝑐

𝑇𝑒𝑟𝑡𝑖𝑎𝑟𝑦  (2.43) 

Since tertiary strain occurs near the end of a component’s life, it can be ignored for modelling 

purposes (e.g. the time corresponding to the onset of tertiary strain is approximately the same 

as the time to failure). Both remaining components of creep strain can be described with its 

own power-law, as follows: 

휀𝑐
𝑇𝑜𝑡𝑎𝑙 = 𝐴𝑝𝜎𝑛𝑝𝑡𝑚𝑝 + 𝐴𝑠𝜎𝑛𝑠𝑡𝑚𝑠  (2.44) 

where 𝑡  refers to the time for which the material is exposed to high-temperature,  

𝐴, 𝑛 and 𝑚 are all modelling constants. The secondary creep strain-rate is typically assumed 

to be constant (𝑚𝑠 = 0), so the equation becomes: 

휀𝑐
𝑇𝑜𝑡𝑎𝑙 = 𝐴𝑝𝜎𝑛𝑝𝑡𝑚𝑝 + 𝐴𝑠𝜎𝑛𝑠𝑡  (2.45) 

 

A creep model can either define a transition time before which only primary creep occurs and 

after which only secondary creep occurs, or else both strain components can be modelled 

from the beginning of the creep loading [48]. The creep strain-rate can be calculated 

according to either time-hardening: 
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휀�̇� = 𝑚𝑝𝐴𝑝𝜎𝑛𝑝𝑡𝑚𝑝−1 + 𝐴𝑠𝜎𝑛𝑠  (2.46) 

or strain-hardening: 

휀�̇� = 𝐴𝑝
1 𝑚𝑝⁄ 𝜎𝑛𝑝 𝑚𝑝⁄ (𝑚𝑝휀𝑐)

(𝑚𝑝−1) 𝑚𝑝⁄
+ 𝐴𝑠𝜎𝑛𝑠  (2.47) 

 

Creep models may be useful for in-service modelling of power plant components but for 

PWHT, prior to loading, stress-relaxation can be modelled by converting creep-strain to 

elastic strain, as follows: 

휀𝑇𝑜𝑡𝑎𝑙 = 휀𝑒 + 휀𝑐  (2.48) 

휀�̇�𝑜𝑡𝑎𝑙 = 휀�̇� + 휀�̇� = 0  (2.49) 

휀�̇� = −휀�̇� = −
�̇�

𝐸
  (2.50) 

where 𝐸 is the elastic modulus of the material. Therefore, for stress relaxation, such as might 

occur during PWHT: 

�̇� = −𝐸휀�̇�  (2.51) 

 

For in-service operation, all three models (kinematic hardening, cyclic softening and creep) 

can be used, e.g.  [169]. With sufficient test data from a sufficient variety of tests and test 

conditions, a complete constitutive model can be assembled for welding, PWHT and service 

of 9Cr steel components. 

 

As discussed in Section 2.2 and shown in Fig. 2.2, welding modifies the local microstructure 

to form a HAZ. From one region in the HAZ to the next, there are gradients in microstructure 

and consequently in constitutive behaviour, e.g. harder and softer regions due to gradients in 

dislocation-density. The HAZ presents a challenge to through-process modelling using 

phenomenological methods. The HAZ can be taken as a single material region [32, 51] (Fig. 
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2.17a) and its properties can be identified by comparison between PM, WM and CW 

parameters. At the same time, the HAZ can be further broken down by testing CW specimens 

using digital imaging correlation (DIC) to identify multiple separate HAZ sub-regions [43], 

which can then be modelled separately (Fig. 2.17b). Hall et al. [52] modelled welded 

connections using a four-material model while Hayhurst et al. [41, 53] used a five-material 

model. Increased HAZ subdivision requires increased numbers of modelling parameters and 

associated testing for identification.  

 

HAZ material parameters can be identified by testing cross-weld, parent metal and weld 

metal specimens and by applying PM and WM parameters to a 3-material FE geometry and 

fitting the HAZ parameters [51]. It is also possible to heat-treat parent metal to achieve a 

microstructure representative of a particular HAZ region, e.g. the ICHAZ, and identify 

material parameters from test data pertaining to that material [40] or to produce and test 

simulated HAZ specimens [72] (e.g. produced using a Gleeble test rig). Alternatively, cross-

weld specimens may be tested using digital imaging correlation (DIC), to observe the local 

constitutive behaviour of HAZ regions for parameter identification [43]. A key challenge 

with these methods is the assumption of a discrete HAZ sub-region with its own particular 

constitutive behaviour when in fact there is a continuous gradient of material microstructure 

and behaviour. Such an assumption is apparently unavoidable because it is impractical to 

keep sub-dividing the HAZ into smaller and smaller regions and identify parameters for them 

but the assumption results in a reduction in the accuracy of the model.  

 

Further to the challenge of a multi-material HAZ, the PWHT undergone by 9Cr steels also 

changes the mechanical behaviour [30, 72, 75, 93, 170-172], so that a phenomenological 

model fitted to one sample of 9Cr steel might not represent another sample of nominally the 
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same material. The combinations of materials, HAZ regions, heat-treatments and test 

conditions can lead to an unwieldy set of modelling parameters and an expensive process of 

material testing, since phenomenological models identify some of their parameters from 

curve-fitting of test data. An alternative to the phenomenological model is the physically-

based model. 

 

  
(a) (b) 

Fig. 2.17. Modelling of the HAZ as (a) a single material region or (b) as three material 

regions (ICHAZ, FGHAZ and CGHAZ).  Reprinted from (a) Li et al. [51], with permission 

from Elsevier, and (b) Touboul et al. [43], with permission from Society for Experimental 

Mechanics. 

 

2.5.5 Physically-based modelling 

In principle, physically-based models require fewer tests for calibration but instead require 

measurement or knowledge of physical parameters such as the microstructural features 

mentioned in Section 2.4. Measurement of microstructural parameters constantly becomes 

more practical with improvements in instrumentation and methodologies for microscopy such 

as scanning electron microscopy (SEM: can detect grains [173]), transmission electron 

microscopy (TEM: can detect laths and dislocations [174] and precipitates [117]), energy-

dispersive X-ray spectroscopy (EDS: can detect elemental composition [117]) electron 

backscatter diffusion (EBSD: can detect grain orientation [175]), etc. Knowledge of how 
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microstructure affects constitutive behaviour can avoid the phenomenological model 

challenge of requiring large quantities of data to fully characterise a welded connection.  The 

works of Galido-Nava and co-workers, by contrast, show how the yield stresses of many 

different materials could be reasonably-well predicted based on a single physically-based 

model [136, 150, 176]. However, it should be noted that, in the absence of detailed 

microstructure data or the capacity for advanced microstructure analysis, phenomenological 

models are a viable approach. 

 

In Figs. 2.18a and 2.18b, room-temperature tensile response from multiple authors of P91 and 

P92 is shown, respectively. The different steels have different compositions, have been 

subjected to different heat treatments and thus contain different microstructures. In Fig. 2.18c, 

the high-temperature, low-cycle fatigue response of P91 is compared. The cyclic testing 

conditions were nominally the same for both sets of data but the material responses are 

different, indicating a fundamental difference within the steels samples, e.g. their 

microstructures.  

 

Various authors have demonstrated the link between heat treatment, microstructure and 

constitutive response. Pandey and co-workers [75, 171, 177] revealed that different post-weld 

heat treatments significantly changed both P91 microstructure and tensile properties. Selvi et 

al. [172] showed that double-normalising heat treatments had a slight effect on tensile 

properties but a dramatic effect on creep performance for P91. Selvi et al. also showed that 

double-normalising reduced creep performance compared to single-normalising for P91 but 

Kathikeyan [90] showed the opposite effect for a 9Cr steel without any vanadium, further 

demonstrating the effect of microstructure and composition on mechanical performance. 
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A well-calibrated phenomenological model for one steel sample might fail to predict the 

behaviour of other materials. This is one limitation of a wholly phenomenological model. 

Another limitation is the need for a wide range of material data to be sure that the calibration 

is successful [106, 178] and that the data is properly identified, e.g. properly identifying the 

elastic region in a hysteresis loop [179]. In principle, physically-based models require fewer 

tests for calibration but require the measurement or knowledge of physical parameters such as 

the microstructural features mentioned in Section 2.4 or additional parameters to be described 

later in this section.  

 

  
(a) (b) 

 

 

(c)  

Fig. 2.18. A comparison of different 9Cr steels tested at room temperature from the literature 

(a) P91 (i), (ii) and (iii) [72] and (iv) [180], (b) P92 (i) and (iii) [28] and (ii) [180], and (c) 

P91 under cyclic conditions at 550oC (i) [33] and (ii) [181]. 
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Physically-based models are microstructure-dependent. Knowledge of how the 

microstructure determines constitutive behaviour can avoid the challenge of requiring large 

quantities of data for phenomenological models to fully characterise a welded connection 

under all possible operating conditions. 

 

Take for example, yield stress. Different microstructural features influence the yield stress, 

from the alloying elements [182], the precipitates [145], solutes [150], martensitic block size 

[150, 176] and dislocation density [176]. Barrett et al. recently proposed a physically-based 

yield stress model for 9Cr steels that incorporated solid solution-, precipitate- and PAG 

boundary-strengthening [183]. Figure 2.19 shows a variety of yield stresses predicted from a 

dislocation-density model [176] compared to a variety of yield stresses from test data. The 

utility of a physically-based yield stress model is clearly demonstrated by achieving close 

correlation with test data despite the diversity of steels considered. 

 

Accurate and versatile (e.g. physically-based) yield stress modelling has applications aside 

from constitutive modelling. The numerical value of the hardness of a martensitic steel is 

approximately 30% [30] to 40% [184] of the value of the yield stress. Industrial welding 

standards stipulate certain acceptable ranges for hardness for 9Cr steel and these could be 

predicted using a physically-based yield-stress model. Therefore, even without endeavouring 

to predict in-service performance, welding and heat-treatment processes can still be optimised 

to comply with industrial standards. The scope of the current work does include in-service 

loading but the link between yield stress and hardness offers a chance to validate model 

predictions against measured material hardness. Apart from the yield stress of the material, 

the kinematic hardening, isotropic softening and creep response can all be modelled 

physically.  
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Fig. 2.19. An comparison of modelled and tested yield stresses for a variety of steels ((a) and 

(b): [185], (c): [186], (d): [187, 188], (e): [189-191], (f): [192], (g): [193-195]) using a single 

physically-based model, from Galindo et al. [176]. The solid line represents a perfect match 

and the dotted lines represent deviations of 15%. 

 

Physically-based kinematic back-stress models can have different physically-based 

components, such as lath-boundary strengthening [25] as well as precipitate-, HAGB- and 

dislocation-substructure-strengthening [143]. Sauzay et al. [25] developed a lath-boundary 

back-stress model in the form as follows: 

𝑥𝑘 = 𝑥0 +
𝜇

1 − 𝜐
√

0.45𝜃𝑊

2𝜋

1

√𝑤 𝑏⁄
  (2.52) 

where 𝑥𝑘  is the kinematic back-stress, 𝑥0  is a stress parameter without considering lath-

boundary effects, 𝜇  is shear modulus, 𝜐  is Poisson’s ratio, 𝜃𝑊  is angle of mis-orientation 

between laths, 𝑤  is the lath-width and 𝑏  is the magnitude of the Burgers vector. This 

particular model, based only on measurable material parameters, was successfully applied to 

model the cyclic softening via reduction in back-stress of P91 at 550
o
C (Fig. 2.20).  
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Fig. 2.20. A comparison between predicted cyclic softening (stress-drop) in P91 due to 

elimination of low-angle (2
o
, 3.5

o
, 5

o
) lath boundaries and measured cyclic softening at 550

o
C. 

Figure reprinted from Sauzay et al. [25], with permission from Elsevier. 

 

Isotropic hardening can similarly be physically-based [132], e.g. via Taylor hardening, using 

either normalised dislocation-density, �̅�, as follows: 

�̇� =
𝐵�̇̅�

2√�̅�
  (2.53) 

or with true dislocation-density, 𝜌: 

�̇� =
𝐵�̇�

2√𝜌
  (2.54) 

where 𝐵 = 𝛼𝑔𝜇𝑏 [180], 𝜇 is material shear modulus, 𝛼𝑔 is a constant and 𝑏 is magnitude of 

the Burgers vector in the case of true dislocation-density. Normalised dislocation-density 

varies from 0 to 1 and this can produce a very small value for 𝑅 unless 𝐵 is modified to 

account for normalised dislocation-density. An alternative value of 𝐵  for normalised 

dislocation-density is as follows: 

𝐵 =
𝛼𝜇√𝑏

√𝐾𝑟𝐿
  (2.55) 



 

77 
 

where  𝐾𝑟  is a recovery parameter and 𝐿  is the dislocation mean free path length. This 

formulation of 𝐵 was inferred from Wei et al. [182].  

 

Dislocation-density, which can be treated as a dimensionless, normalised parameter [132, 

134], or as a true value, evolves according to temperature and plastic strain [180]. Test data 

suggests a strong correlation between lath width and dislocation-density (R
2
 > 0.99) under 

creep conditions [23] and a variety of physically-based dislocation-density evolution models 

have been adopted [68, 176, 196]. Normalised dislocation-density evolution can be modelled 

as follows in the form of Lin et al. [134]: 

�̇̅� = (
𝑑

𝑑0
)

𝛾𝑑

(1 − �̅�)�̇� − 𝑐𝜌1�̅�𝑐𝜌2  (2.56) 

where 𝛾𝑑, 𝑐𝜌1 and 𝑐𝜌2 are constants. The first term in Eqn. 56 describes the accumulation of 

dislocation density with plastic strain while the second term describes dynamic recovery 

(reduction in dislocation-density) due to annihilation. Note in this example the dependency of 

the evolution on the ratio of the current grain size, 𝑑, and the initial grain size, 𝑑0. �̅� is a 

normalised dislocation-density, defined as: 

�̅� = 1 −
𝜌0

𝜌
  (2.57) 

where 𝜌0 and 𝜌 are the initial and deformed dislocation densities of the material, respectively. 

The normalised dislocation-density therefore starts with a value of 0 and converges towards a 

value of 1. Dislocation-density need not be normalised, as follows in the form of Li et al. 

[180]: 

𝑑𝜌

𝑑휀
= 𝑀𝑏𝑠 − Ω𝜌  (2.58) 

where 𝑀 is Taylor factor, 𝑏 is the magnitude of the Burgers vector, 𝑠 is dislocation mean free 

path and Ω is the dynamic recovery coefficient. Other physically-based dislocation-density 
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evolution models are described in other sources [68, 176, 196]. Some results from 

dislocation-density based models are shown in Fig. 2.20. In Fig. 2.21a, the dislocation-

density model shows close correspondence with the 9Cr steel test data at a room temperature 

and high-temperature, with and without prior cold-working. Figure 2.21b shows close 

correspondence between the model and aluminium test data for repeated groove pressing 

processes. 

 

 
(a) 

 
(b) 

Fig. 2.21. Comparison of model and experimental results for strain and dislocation-density. 

Figures after (a) Li et al. [180] (note that N&T is Normalised and Tempered, CW is Cold-

worked and (b) Hosseini and Kazeminezhad [68] (note that CGP is Constrained Groove 

Pressing). 
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It is clear that there are physically-based alternatives to the kinematic hardening and isotropic 

softening models of Section 2.5.4. Physically-based creep models, which could be used for 

PWHT stress-relaxation, have also been proposed, e.g. [197], based on the Hayhurst model 

[41], shown in that form, as follows: 

휀�̇�𝑟 = 휀0̇exp (−
Δ𝐹

𝑘𝐵𝑇
) sinh (

𝜎(1 − 𝐻𝐷)

𝜎0(1 − 𝐷𝑝)(1 − 𝐷𝑐𝑟)
)  (2.59) 

where Δ𝐹  is Helmholtz free energy, 𝑘𝐵  is Stefan-Boltzman constant, 𝐻𝐷  is continuum 

damage mechanics (CDM) primary hardening parameter and 𝐷𝑐𝑟  is CDM intergranular 

cavitation parameter. 𝜎0 and 𝐷𝑝 are described as: 

𝜎𝑜 =
𝑀𝑘𝐵𝑇

𝑏2𝜆𝑜𝑏
  (2.60) 

𝐷𝑝 = 1 −
𝜆0

𝜆
  (2.61) 

where 𝑀 is the Taylor factor, 𝜆𝑜𝑏 is obstacle (M23C6 and MX precipitates, dislocations and 

high- and low-angle boundaries) spacing, 𝜆0 is initial mean obstacle spacing and 𝜆 is current 

obstacle spacing. This model included some fitting parameters (e.g. pertaining to 𝐷𝑐𝑟) but its 

physical basis allowed prediction of the detrimental effect of aluminium content on creep life 

in Bar 257 compared to P91 at two different temperatures (Fig. 2.22).  

 

Comparing the phenomenological and physically-based constitutive models, it is clear that 

since physically-based models use microstructural parameters as inputs, the need for separate 

material parameters for each region in the HAZ, for each welding and PWHT process, is 

reduced. 
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(a) 

 
(b) 

Fig. 2.22. Comparison of a physically-based creep model (lines) against test data (points) at 

(a) 600
o
C [47] and (b) 625

o
C [198]. Figures after Ó Murchú et al. [197]. 

 

All of the modelling approaches described so far, phenomenological or physically-based, are 

macro-scale models, even though the microstructure parameters are micro- or nano-scale. A 

macro-scale model assumes that the material is isotropic and that its response is 

homogeneous. In reality, individual grains or laths can behave anisotropically depending on 

orientation and geometry, leading to local stress-strain responses that may significantly affect 
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macro-scale constitutive behaviour. Macroscale modelling can miss the influence of such 

local behaviours at the microscale. Crystal-plasticity (CP) modelling can capture local, 

micro-scale behaviour. 

 

2.5.6 Crystal plasticity modelling 

Macro-scale models assume homogeneous, isotropic deformation but CP models, e.g. [67, 73, 

199, 200], can capture the interactions between, for example, grains of different sizes and of 

different orientations. Stress- or strain-disparities may occur between adjacent hard and soft 

material regions (e.g. grains of different sizes via the Hall-Petch effect) or between 

neighbouring grains, which might be anisotropic, with different orientations [199, 201]. 

Macro-scale models can fail to represent local stress-strain response due to assumed 

homogeneous deformation while CP models do capture them, e.g. differences in predicted 

fretting fatigue contact pressure [202]. Furthermore, CP modelling lends itself well to 

physically-based modelling. For example, the empirical Hall-Petch relationship or grain-size 

effects can be replicated by CP modelling, which includes geometrically-necessary 

dislocations (GNDs: dislocations which form to accommodate lattice distortion) [67, 203].  

 

Crystallographic systems are described by Dunne and Petrinic [64], for example, and are 

summarised here. When the material deforms, the crystal attempts to alleviate imperfections 

caused by dislocations. This typically involves part of the crystal moving relative to another 

part of the crystal. This is known as ‘crystal slip’. The dislocation is typically overcome but 

the crystal slip tends to create another dislocation elsewhere. Thus crystal slip takes place via 

dislocation motion. When two parts of a crystal slip relative to each other, the plane along 

which the slip occurs is known as the ‘slip plane’ and the direction of the slip is the ‘slip 

direction’. Examples of different slip directions can be seen in Fig. 2.23. The slip plane is 
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typically the plane that includes the largest number of atoms in a crystal. On any plane, there 

are multiple possible slip directions. The combination of a slip plane and a slip direction is 

known as a ‘slip system’. 

 

 
Fig. 2.23. Illustrations of slip directions in a cubic crystal structure, from centre through a 

cube corner ([111]), the centre of a cube face ([100]) or the mid-point of a cube edge ([110]). 

Figure reprinted from Turteltaub and Suiker [200], with permission from Elsevier. 

 

CP modelling attempts to represent crystallographic slip in computational models of 

materials. A CP model typically includes definition of a slip-rate, �̇�, a slip-resistance, 𝑆, and a 

hardening matrix, ℎ. CP modelling captures physical interactions between microstructural 

features but the CP models themselves can be phenomenological or physically-based. One 

example of a phenomenological CP model is shown as follows, e.g. [67, 73]: 

𝑳𝑝 = �̇�𝑝(𝑭𝑝)−1 = ∑ �̇�𝛼𝐦𝛼 ⊗ 𝐧𝛼

𝑁

𝛼=1

  (2.62) 

where 𝑳𝑝 is plastic velocity gradient tensor, 𝑭𝑝 is plastic deformation gradient tensor, �̇�𝛼 is 

slip-rate, 𝐦𝛼 is slip-plane vector and 𝐧𝛼 is normal to the slip-plane for slip system 𝛼. The 

plastic velocity gradient is summed over all slip-systems. FCC material, for example, has 12 
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slip systems (four planes, three directions per plane). The slip-rate can be described in the 

form of Golden et al. [73], as follows: 

�̇�𝛼 = �̇�0exp 〈−
𝐹

𝑘𝐵𝑇
〈1 − 〈

|𝜏𝛼| − 𝑆𝛼

𝜏0

〉𝑝𝑠1〉𝑞〉  (2.63) 

where �̇�0, 𝑝𝑠1 and 𝑞 are modelling constants, 𝑘𝐵  is the Stefan-Boltzmann constant, 𝑇 is the 

temperature and 𝜏0 is the critical shear-stress (the minimum shear stress necessary to induce 

slip). 𝜏𝛼 is the shear-stress and 𝑆𝛼 is the slip resistance in slip-system 𝛼. The slip resistance is 

described as follows: 

�̇�𝛼 = ∑ ℎ𝛼𝛽 (
𝑆𝑠𝑎𝑡 − 𝑆𝛽

𝑆𝑠𝑎𝑡 − 𝑆0
) |�̇�𝛼|

𝑁

𝛼=1

  (2.64) 

where 𝑆𝑠𝑎𝑡 is the saturated slip resistance, 𝑆𝛽 is the slip resistance on slip-system 𝛽 and 𝑆0 is 

the initial slip resistance. The hardening matrix is described as follows: 

ℎ𝛼𝛽 = ℎ𝑠[𝜔 + (1 − 𝜔)𝛿𝛼𝛽]  (2.65) 

where ℎ𝑠 is a modelling constant and 𝜔 is a weighing factor. In the case of Taylor hardening, 

𝜔 = 1 so that one slip system is unaffected by other slip systems. 𝛿𝛼𝛽 is the Kronneker delta, 

which is equal to 1 for coplanar slip-systems and 0 otherwise. 

 

The formulation of the phenomenological model described above is not unique. A variation 

of a phenomenological model is described in the form of Evers et al. [67], as follows: 

�̇�𝛼 = �̇�0 [
|𝜏𝛼|

𝑆𝛼
]

1 𝑚𝑠1⁄

sgn(𝜏𝛼)  (2.66) 

where �̇�0 and 𝑚𝑠1 are modelling constants.  

�̇�𝛼 = ∑ ℎ𝛼𝛽|�̇�𝛽|

𝑁

𝛼=1

 𝑆𝛼(𝑡 = 0) = 𝜏0 (2.67) 

�̇�𝛼 = 𝑞𝛼𝛽ℎ𝛽  (2.68) 

where 𝑞𝛼𝛽 has a value of 1 for co-planar systems and has a scalar value for other systems. 
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ℎ𝛽 = ℎ0 (1 −
𝑆𝛽

𝑆∞
)

𝑎𝑠

  (2.69) 

where 𝑆∞ is the saturated slip resistance, 𝑆𝛽 is the slip resistance on slip-system 𝛽 and ℎ0 and 

𝑎𝑠 are modelling constants.  

 

An example of a physically-based CP model is described in detail by Roters et al. [199]. 

Some physically-based equations are described below to illustrate a distinction between the 

physically-based model and the phenomenological model, starting with the slip-rate: 

�̇�𝛼 = 𝜌𝑚
𝛼𝑏𝑣𝛼  (2.70) 

where 𝜌𝑚 is the mobile-dislocation density, 𝑏 is the magnitude of the Burgers vector and 𝑣𝛼 

is the average velocity of mobile dislocations on slip system 𝛼 . The mobile dislocation-

density is described as follows: 

𝜌𝑚
𝛼 = 𝐵𝑇√𝜌𝑃

𝛼𝜌𝐹
𝛼  (2.71) 

where 𝑇  is absolute temperature, 𝜌𝑃  and 𝜌𝐹  are parallel and forest dislocation-densities, 

respectively, and 𝐵 is described as follows: 

𝐵 =
2𝑘𝐵

𝑐𝑠1𝑐𝑠2𝑐𝑠3𝐺𝑏3
  (2.72) 

where 𝑘𝐵  is Stefan-Boltzmann constant, 𝑐𝑠1 , 𝑐𝑠2  and 𝑐𝑠3  are modelling constants and 𝐺  is 

shear modulus. The parallel and forest dislocation-densities are described as follows: 

𝜌𝑃
𝛼 = ∑ 𝜒𝛼𝛽𝜌𝑆𝑆𝐷

𝛽|sin(𝐧𝛼, 𝐭𝛽)|

𝑁

𝛽=1

  (2.73) 

𝜌𝐹
𝛼 = ∑ 𝜒𝛼𝛽𝜌𝑆𝑆𝐷

𝛽|cos(𝐧𝛼, 𝐭𝛽)|

𝑁

𝛽=1

  (2.74) 

where 𝜒𝛼𝛽  is interaction strength between two slip systems, 𝜌𝑆𝑆𝐷  is statistically-stored 

dislocation density, 𝐧𝛼  is the normal to the slip-plane and 𝐭𝛽  is the direction of the 

dislocation motion. The average velocity of mobile dislocations is described as follows: 
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𝜐𝛼 = 𝜆𝛼𝑣𝑎𝑡𝑡𝑎𝑐𝑘exp (−
𝑄𝑠𝑙𝑖𝑝

𝑘𝐵𝑇
) sinh (

𝜏𝑒𝑓𝑓
𝛼𝑉𝜌

𝛼

𝑘𝐵𝑇
) sgn(𝜏𝛼)  (2.75) 

where 𝜆𝛼 is the jump width, which is inversely proportional to the forest dislocation-density, 

𝑣𝑎𝑡𝑡𝑎𝑐𝑘  is the attack frequency of dislocations, 𝑄𝑠𝑙𝑖𝑝  is the activation-energy required for 

dislocation glide and 𝑉𝜌 is the activation volume, described as follows: 

𝑉𝜌
𝛼 = 𝑐3𝜆𝛼𝑏2  (2.76) 

and 𝜏𝑒𝑓𝑓 is the effective shear stress, described as follows: 

𝜏𝑒𝑓𝑓
𝛼 = |𝜏𝛼| − 𝑐1𝐺𝑏√𝜌𝑃

𝛼 + 𝜌𝐹
𝛼 |𝜏𝛼| > 𝑐1𝐺𝑏√𝜌𝑃

𝛼 + 𝜌𝐹
𝛼 (2.77) 

𝜏𝑒𝑓𝑓
𝛼 = 0 |𝜏𝛼| < 𝑐1𝐺𝑏√𝜌𝑃

𝛼 + 𝜌𝐹
𝛼 (2.78) 

 

Another example of a physically-based CP modelling parameter is as follows [67]: 

𝑆𝐺
𝛼 = 𝑐𝜇𝑏√∑ 𝐴𝛼𝜉|𝜌𝐺

𝜉|

𝜉

  (2.79) 

This equation is a CP version of Taylor-type hardening, in which 𝑐 is a constant, 𝜇 is the 

shear modulus and 𝑏  is the magnitude of the Burgers vector. The subscript 𝐺  refers to 

geometrically-necessary dislocations. 𝐴𝛼𝜉  is a set of interaction coefficients on slip system 𝛼 

and |𝜌𝐺
𝜉| is the magnitude of the geometrically-necessary dislocation-density. The total slip 

resistance is given as: 

𝑆𝛼 = ((𝑆𝑠
𝛼)𝑝𝑟 + (𝑆𝐺

𝛼)𝑝𝑟)1 𝑝𝑟⁄   (2.80) 

where the subscript 𝑠  denotes the slip resistance component due to statistically-stored 

dislocations. Statistically-stored dislocations are the dislocations which accumulate due to 

deformation. Geometrically-necessary dislocations are required to resolve strain 

incompatibility, such as where there is curvature in the material geometry, leading to non-

uniform plastic strain. 𝑝𝑟 is a constant with typically a value of 1 or 2. 
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CP modelling can, in principle, be used to model material behaviour at any length-scale 

above the crystal length-scale, since macro-scale deformation is the manifestation of many 

crystallographic deformations. Turtletaub and Suiker [200], for example, modelled 

transformation-induced plasticity first for single austenite crystals and then for an austenite 

grain in a ferrite matrix in a meso-scale model. For 9Cr steel in particular, CP modelling has 

demonstrated the detrimental effect of precipitate-coarsening on fatigue life at 600
o
C [204]. 

Despite such benefits, CP modelling has mainly been applied to FE geometries of limited size, 

e.g. a representative domain size of 176 x 111 m
2
 [204, 205], micro-scale cardiovascular 

stent struts [203, 206], micro-scale sub-models of compact-tension specimens [73] or the 

contact region only in fretting fatigue simulation (with area outside the contact region 

represented with a macro-scale model) [202].  

 

Due to the micro-scale aspect of CP modelling, it may be possible to capture the material 

response in regions of steep microstructure-gradient such as the HAZ or to physically model 

the formation of cracks. This is highly attractive in terms of predicting component life but the 

small scale at which CP modelling operates makes it difficult to incorporate effects such as 

heat input from remote (e.g. several mm away) weld beads or stress redistribution from 

remote material locations to the area of interest during PWHT, for example. In the context of 

through-process modelling on component-scale geometries, e.g. pipe girth-welds [28, 85] or 

pipe saddle joints [51], CP modelling is currently too high-resolution and too computationally 

expensive to be practical. Similarly, coupled PFM-CP models are limited by small FE 

domains, e.g. 50 x 50 x 50 m
3
 [207]. Macro-scale models, on the other hand, have been 

shown to predict material response accurately, as can be seen when comparing measured 

residual stress results by Skouras et al. [85] from a girth-welded pipe with the predicted 

residual stress results on a similarly welded pipe [28].  
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CP modelling may overtake macro-scale modelling via multi-scale modelling in the future. 

Multi-scale methods [208-210] have been attempted in order to apply micro-scale models to 

macro-scale geometries but these require homogenisation techniques (e.g. varying the 

dimensions of laths but assuming that all laths are identical [204], Fig. 2.24) in order to 

reduce the complexity of the analyses, even though the macro-scale geometries are still 

relatively small compared to power plant components. Some homogenisation techniques have 

also been shown to affect the predicted material response, e.g. monotonic stress increasing at 

higher strains without homogenisation compared to maintaining a consistent flow stress with 

homogenisation [211].  

 

 
Fig. 2.24. Homogenisation of the 9Cr microstructure via the use of repeating, identical lath-

precipitate morphologies within blocks rather than making all laths within a block different 

from each other. Figure reprinted from Li. et al. [208], with permission from Elsevier. 

 

Barroquiera et al. [210] modelled the quenching process of a gear using a multi-scale 

approach but that model relied on a database of constitutive matrices that had to be assembled 

at a range of discrete temperatures before the quenching simulation could be attempted. That 
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model only considered phase-changes for microstructure. It would be impractical to build 

databases of material microstructures and properties for a HAZ in 9Cr steel, given the various 

microstructure evolutions and their influence on mechanical performance. 

 

2.5.7. Component life prediction 

Ultimately, the purpose of the constitutive modelling in the context of a through-process 

model is to predict effects of manufacturing processes on in-service component life but it is 

computationally expensive to simulate years of in-service loading in power plant. To predict 

long-term component-failure, approximate methods have been used based on the stress-strain 

predictions from the constitutive models, e.g. a strain-based fatigue indicator parameter [205], 

the Ostergren method [169], a ratchetting-strain based damage indicator parameter [51], etc. 

For base-load operation, the Monkman-Grant correlation [4] can be used. Rouse et al. [46] 

noted that the failure time of components under creep could be predicted by integrating 

damage evolution models with respect to time, at least in the Leckie and Hayhurst [212] 

model. 

 

Computational approximation, such as the Neuber method [213, 214], can be applied to 

complicated geometry in order to predict in-service performance. Efficient alternatives to FE 

analysis, e.g. neural networks and Green’s functions [56] or welding process parameter 

optimisation frameworks [215], could potentially also be adopted to increase the efficiency of 

computation. Therefore, structural integrity prediction using through-process modelling 

concepts is possible without the need for very long, computationally expensive simulations.  
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2.6. Conclusions 

Prediction of component performance is only as reliable as the information available about 

the material, e.g. its microstructure and its residual stress state. To comprehensively measure 

these parameters in a welded component, if even possible, e.g. for ICHAZ regions due to 

their small size-scale, would typically be prohibitively expensive, especially in the case of 

destructive testing, which would require constant fabrication of new components. If the 

microstructure and residual stress state could be accurately predicted based on knowledge of 

the as-received material and the welding and PWHT processes applied to it, then significantly 

more cost-effective life prediction would be possible. A through-process model represents the 

most complete way of accounting for changes to the as-received material due to welding and 

PWHT.  

 

There is, therefore, a need for a through-process modelling methodology for welded plant 

components in order to (a) make realistic and accurate life predictions for next generation 

power plant components and (b) to identify the welding and PWHT processes that provide 

optimal in-service life, particularly in the drive to maximise plant efficiency and flexibility.  

 

This thesis seeks to address this need. The following is clear from the review of the literature: 

 Appropriate welding, microstructure evolution and constitutive models exist to 

construct a through-process modelling framework for 9Cr steel power plant 

components. 

 Micro-scale models, such as phase field modelling, cellular automata, Monte Carlo 

methods and crystal plasticity modelling are highly accurate but are currently only 

practical for small geometries, not yet at the size-scales required for representing key 
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power plant components. Macro-scale modelling is the most practical approach at 

present. 

 Macro-scale, phenomenological constitutive models are sensitive to the test data from 

which their parameters are derived and the multi-material nature of the HAZ can 

quickly lead to a large number of modelling parameters. 

 Macro-scale, physically-based constitutive models reduce the need for fitting 

parameters and material testing, thereby increasing precision and reducing cost. 

Modern instrumentation techniques make it feasible to measure microstructure 

parameters for use in physically-based models. 

 

Despite the range of thermal welding, microstructure-evolution and constitutive models 

available to researchers and designers, the author is not aware of any attempts to combine and 

apply them as full through-process models, either to simple geometries or to power plant 

components. The current work seeks to further develop through-process modelling, as shall 

be detailed in subsequent chapters.  
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Chapter 3 

A mixed-phase martensitic, thermomechanical model for welding and post-

weld mechanical behavior of P91. 

 

3.1 Introduction  

This chapter is concerned with the development of a modelling framework to predict the 

effects of tempered-untempered martensite heterogeneity on the thermo-mechanical 

performance of welded material. A physically-based visco-plasticity model for the inter-

critical heat-affected zone (ICHAZ) for 9Cr steels (e.g. P91, P92) is presented in this work, 

with the ICHAZ represented as a mixture of tempered and untempered martensite. The 

constitutive model includes dislocation-based Taylor hardening and damage for different 

material phases. A sequentially-coupled thermal-mechanical welding simulation is conducted 

to predict the volume fraction compositions for the various weld-affected material zones in a 

cross-weld specimen.  

 

The response of the ICHAZ is compared to PM and FGHAZ responses under (a) tensile 

monotonic, (b) high temperature low-cycle fatigue (HTLCF) and (c) thermomechanical 

fatigue (TMF) loading conditions in order to better understand the mechanical response as a 

first step towards improving the ICHAZ strength. TMF loading is of particular importance 

because it has been shown to lead to significantly early failure relative to isothermal high-

temperature fatigue for 9Cr steel [205]. Power plant components have been shown to fail 

under load-following conditions (which introduce aspects of TMF loading) e.g. a saddle-joint 

that failed in under 10,000 hours of service [216]. 
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In this chapter, an ICHAZ region is produced using a sequentially-coupled thermal and 

structural analysis, the thermal analysis using a similar approach to the work of Yaghi et al. 

[55] and the structural analysis using a constitutive material model calibrated against 

monotonic test data [28]. The material model defines two sub-phases of 9Cr steel, tempered 

and untempered (e.g. newly-formed) martensite, which represent the PM and the as-welded 

FGHAZ, respectively. This material model is implemented using a rule-of-mixtures 

approach, where the ICHAZ material is a mixture of tempered and untempered martensite 

sub-phases.  

 

Multi-pass girth welding is simulated on a pipe geometry and sample ICHAZ material points, 

identified by their phase volume fractions, are selected and their uniaxial, mixed-phase 

response is analysed. A user material (UMAT) subroutine for physically-based, mixed-phase 

constitutive modelling is developed in the FE software, Abaqus. A cross weld (CW) FE 

specimen is generated by locally heating one end of the FE geometry to locally induce phase 

transformation, leading to a tempered end, an untempered end and a mixed-phase interfacial 

ICHAZ, and its HTLCF response is analysed, with particular focus on the weld life reduction 

factor (WLRF).  A TMF study is conducted, looking at (a) the effect of phase volume fraction 

(e.g. of tempered and untempered martensite) in plane, mixed-phase, homogeneous (e.g. the 

phase volume fraction is uniform throughout the material) specimens, (b) the effect of notch 

size on single-phase specimens and (c) the CW TMF response of a plane specimen. A key 

motivation here is seeing the relative effect of welding-induced mixed-phase inhomogeneity 

compared to the effect of notches in TMF. 

 

Section 3.2 discusses the methodology used in the thermomechanical analyses.  Section 3.3 

shows the predicted tensile, HTLCF and TMF results of the separate analyses. Section 3.4 
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discusses the results in detail and section 3.5 concludes this chapter with a reflection on the 

modelling work in this chapter. 

 

3.2 Methodology 

A key component of the through-process methodology presented here is a sequentially-

coupled thermal-mechanical model of the GTAW process, where the temperature history 

from the welding thermal analysis is applied to a mechanical analysis conducted on an 

identical geometry, similar to that published by Yaghi et al. [55], to predict the welding-

induced solid-state phase distributions in the PM and HAZ. This was implemented using the 

commercial finite-element (FE) software, Abaqus. The temperature-dependent heat transfer 

properties and coefficient of expansion used in the current work are described in Fig. 3.1 and 

Table 3.1. 

 

  
(a) (b) 

Fig. 3.1. Temperature-dependent material properties utilized in the current chapter: (a) 

conduction coefficient, 𝑘, specific heat capacity, 𝐶𝑝, and coefficient of thermal expansion, 

𝛼𝑒, and (b) convection coefficient, ℎ. Data from Yaghi et al. [55]. 

 

Table 3.1. Heat transfer material properties utilized in the current chapter. 

Latent heat Liquidus temperature Solidus temperature Density 

260,000 (J kg
-1

K
-1

) 1,500 (
o
C) 1,420 (

o
C) 7,770 (kg m

-3
) 
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The thermal analysis simulated by Yaghi et al. [55] applied a body heat-flux to different weld 

beads in a welding simulation. In the present work, the welding thermal load is defined via 

(a) a body heat-flux for multi-pass welding and (b) a time-dependent temperature boundary 

condition for the generation of CW geometries.  

 

The multi-pass welding simulation was conducted on pipe geometry with 36 passes, as shown 

in Fig. 3.2. The 36 passes each had a volumetric heat flux with triangular-waveform 

amplitude, which are summarized in Table 3.2 for each pass. Multi-pass welding is simulated 

using a method known as block-dumping [104], where all weld beads are included in the 

geometry and are activated in turn to represent the laying of different weld beads. The 

axisymmetric model did not lend itself to the use of a moving heat source, such as that 

proposed by Goldak et al. [107] because the axisymmetric nature of the model geometry 

applies heat at all points around the circumference of the geometry simultaneously and an 

axially-moving heat source was not considered in the current work. 

 

Using axisymmetric FE geometry to conduct simulations was an attractive option for a 

number of reasons. Firstly, power-plant components are typically pipe sections and tensile-

test specimens are typically cylindrical; thus an axisymmetric geometry is consistent with 

physical specimens. Secondly, axisymmetric models are computationally cheap to use and, 

thirdly, the predicted results are not expected to be rendered inaccurate by the use of an 

axisymmetric model. For example, in the work of Deng et al. [102], a 3D geometry had 9,600 

elements and 12,300 nodes compared to an axisymmetric model with 300 elements and 357 

nodes, with general agreement between the residual stress results. Similarly, Dong [103] also 

found that axisymmetric geometries produced residual stress results similar to those of 3D 

models. 
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CW FE geometries were generated using a temperature boundary condition, which heated 

selected PM material up to 1050
o
C in 0.1 s, held the temperature at 1050

o
C for 0.1s and then 

allowed to cool according to the heat-transfer properties described in Fig. 3.1 and Table 3.1, 

with an ambient temperature of 20
o
C. The specimen represented a CW specimen extracted 

from a welded joint (e.g. such as that in Fig. 3.2), as illustrated in Fig. 3.3. In Fig. 3.3b, the 

dimensions of the specimen in question are shown. Only one end of the specimen is heated 

according to the aforementioned temperature boundary-condition. This generates a specimen 

where one end is untempered martensite, the opposite end remains tempered PM and an 

ICHAZ forms to separate the different regions, thus providing a test coupon representation of 

the critical HAZ-PM interface inhomogeneous region, for subsequent HTLCF and TMF 

analysis and assessment. This specimen represents the implementation of a through-process 

methodology, from a welding process to service conditions. For heat-transfer analysis, the 

element-type was DCAX8, 8-node quadratic axisymmetric. 

 

The subsequent mechanical analysis in each case uses the resulting transient temperature field 

along with temperature-dependent mechanical properties for stress-strain analysis of the 

welding process. The mesh was identical in order to match the positions of elemental nodes 

but the element type was CAX8R, 8-node quadratic axisymmetric with reduced integration. 

For notched specimens, mesh sensitivity was conducted by examining the maximum in-plane 

strain at various locations in the notched specimen. A reduction in element size by a factor of 

3 resulted in a 1% change in the strain results, so the mesh was considered converged. 

 

 



 

96 
 

  
(a) (b) 

 
(c) 

Fig. 3.2. (a) General dimensions of the axi-symmetric FE geometry used in the simulation, 

(b) detailed dimensions of the weld bead region and (c) the welding sequence for beads. All 

dimensions in mm. 

 

Table 3.2. A description of the heat fluxes and amplitudes applied to the 36-pass analysis. 

Pass Heat flux (W/mm
3
) Duration (s) 

1 1000 4 

2 330 4 

3 to 13 600 4 

14 to 30 550 5 

31 to 33  550 4 

34 to 36  330 6 
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(a) (b) 

Fig. 3.3. Contour plots of (a) post-weld distribution of tempered martensite PM (TMR 

volume fraction = 1) and untempered martensite (TMR volume fraction = 0) in a girth-weld 

simulation and (b) FE model of the simulated CW specimen (not to scale). 

 

In this chapter, the ICHAZ is a region which is assumed to partially transform from PM 

tempered martensite to austenite and subsequently to untempered martensite, leaving the 

ICHAZ as a mixture of soft (tempered martensite, PM) and hard material (untempered 

martensite). Figure 3.4 shows the continuous-cooling-transformation (CCT) diagram for 9Cr 

steels [118, 217]. Due to the rapid cooling associated with the GTAW process for the 

component sizes of interest to this chapter (typically less than 6000 s) and by reference to 

Fig. 3.4, it is clear that no ferrite or austenite should form in the ICHAZ region.  
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Fig. 3.4. Schematic CCT diagram for 9Cr steel, figure after Vallourec and Mannesmann 

[118]. 

 

The structural analysis is conducted using an original constitutive model, which also predicts 

the evolution of solid-state phases in the material during the welding process. When the 

material heats up, the material transforms from tempered martensite to austenite. The 

austenite volume fraction is defined as: 

𝑉𝑓 = 1 −
𝐴𝑐3 − 𝑇

𝐴𝑐3 − 𝐴𝑐1
 (3.1) 

where 𝑉𝑓  is the volume fraction of austenite, 𝑇  is the current temperature, 𝐴𝑐1  is the 

temperature at which martensite begins to transform to austenite and 𝐴𝑐3 is the temperature at 

which martensite completes austenitic transformation. When the material cools, the austenite 

transforms to untempered martensite according to: 

𝑉𝑓 = 1 −
𝑇 − 𝑀𝑓

𝑀𝑠 − 𝑀𝑓
 (3.2) 

where 𝑉𝑓 is the volume fraction of untempered martensite, 𝑀𝑠  is the temperature at which 

austenite begins to transform to martensite and 𝑀𝑓  is the temperature at which austenite 

completes martensitic transformation. The values of these transformation temperatures are 
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shown in Table 3.3. The method by which the phase volume fractions are calculated is shown 

in Fig. 3.5. 

 

Table 3.3. Austentic-martensitic phase transformation temperatures. 

𝐴𝑐1 𝐴𝑐3 𝑀𝑠 𝑀𝑓 

830
o
C [28] 920

o
C [28] 400

o
C [118] 100

o
C [118] 

 

Each solid state sub-phase, tempered and untempered martensite and austenite, is calibrated 

separately against material test data [28], as shown in Fig. 3.6. A unified viscoplastic material 

model, similar to that of Li et al. [132], but adapted for anisothermal (welding and TMF) 

conditions and with a different damage formulation, is implemented here for the welding and 

post-weld simulations. The flow-rule is given by: 

휀�̇� = 𝛼 sinh (𝛽 (
𝜎

1 − 𝐷
− 𝑅 − 𝜎𝑦)) (3.3) 

And stress is updated via Hooke’s law: 

�̇� = 𝐸(휀̇ − 휀�̇�) (3.4) 

 

Physically-based isotropic hardening is incorporated via a Taylor hardening form, as follows: 

�̇� =
𝐵�̇̅�

√�̅�
 (3.5) 

based on normalized dislocation density, defined as: 

�̅� =
𝜌 − 𝜌0

𝜌
 (3.6) 

where 𝜌  is current dislocation density and 𝜌0  is initial dislocation density. Thus the 

normalized dislocation density starts at 0 (𝜌 = 𝜌𝑖) and approaches 1 in the limit as 𝜌 → ∞.  
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Fig. 3.5. Flowchart of the phase-evolution aspect of the through-process model. 

 

Normalised dislocation density is a convenient variable to use because dislocation density is 

difficult to measure. The evolution of dislocation density is defined as: 

�̇̅� = 𝑐1(1 − �̅�)|휀�̇�| − 𝑐2�̅� (3.7) 

where the first term represents dislocation density accumulation during plastic deformation 

and the second term represents recovery which reduces dislocation density. In the Taylor 

hardening equation, Eqn. 3.5, 𝐵 is defined as: 

𝐵 =
𝛼𝑔𝑀𝐺√𝑏

√𝐾𝑟𝐿
 (3.8) 

where 𝛼𝑔  is a multiplicative constant; 𝑀  is the Taylor factor; 𝐺  is shear modulus of the 

material; 𝑏 is magnitude of the Burgers vector; 𝐾𝑟  and 𝐿 are dislocation recovery rate and 

mean dislocation path length [182], respectively. A Taylor hardening model is adopted, rather 
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than a Chaboche-type [162], due to the importance of dislocation density for physically-based 

softening of 9Cr steels [25, 143].  

 

Damage is modelled to account for necking (under tensile loading) and failure of the 

material. Following [132], the damage is calculated using two variables, one for damage 

nucleation and the other for damage cavitation: 

�̇�1 = 𝑎1�̇̅� (3.9) 

�̇�2 =
𝑎2|휀�̇�|

(1 − 𝐷)𝑥
+

𝑎3|휀�̇�|

(1 − 𝐷)𝑦
 (3.10) 

where 𝐷 is total damage, described by addition of nucleation and propagation damage terms: 

�̇� = �̇�1 + �̇�2 (3.11) 

 

Damage modelling is necessary to allow material softening in the material model. 

Dislocation-density recovery in Eqn. 3.7 only limits hardening, rather than softening the 

material. Physically, Eqn. 3.9 represents micro-cracking caused by dislocation motion and 

Eqn. 3.10 represents the coalescence and propagation of these micro-cracks. For modelling 

purposes, a critical value for damage was defined as 0.6. It is clear from Fig. 3.6a and 3.6b 

that when the material has incurred 60% damage (i.e. the stress has reduced by 60% from the 

UTS), the amount of additional strain necessary to reach 100% damage is negligible. 

Therefore, there is no advantage to setting a critical damage threshold above 0.6 while at the 

same time, the threshold of 0.6 averts the possibility of the damage reaching or exceeding a 

value of 1, which would cause mathematical errors. When a finite element reaches the critical 

damage threshold, it is redefined as a soft material with an elastic modulus of 100 MPa. This 

reduces the load-bearing capacity of the ‘failed’ element and redistributes the load to 

undamaged regions.  
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(a) (b) 

 

Fig. 3.6. Calibration of the material model 

(lines) for (a) tempered martensite, (b) 

untempered martensite and (c) austenite P92 

against test data [28]. The composition of the 

material is described in Table 2.2 (Reference 

source: Yaghi et al., Khayatzadeh et al.). 

(c) 

 

The material constants 𝑀 , 𝑏, 𝐾𝑟  and 𝐿  are all physical constants, obtained from literature 

[182] and displayed in Table 3.4. A Poisson’s ratio of 0.3 was assumed.  

 

Table 3.4. Taylor hardening material constants. 

g (-) b (mm) M  (-) 𝐾𝑟 (1/mm) L (mm) 

0.33 0.25x10
-6

 3 41 3.8x10
-5

 

 

Equations 3.3 to 3.11 are solved implicitly by a Newton iterative solution, since there is co-

dependency between many variables, e.g. plastic strain and damage, which both appear in 

Equation 3.3 and Equation 3.10. The temperature-dependent material parameters 𝛼 𝛽𝑎1, 

𝑎2 , 𝑎3 , 𝑐1 , 𝑐2 , 𝑥  and 𝑦  are identified by an iterative minimization-of-errors process for 

austenite, tempered martensite and untempered martensite, at a range of temperatures from 

20
o
C to 850

o
C.  
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The first constants to be identified are 𝛼 and 𝛽, derived from the uniform elongation region 

of the stress-strain curves at various temperatures. The next variable to be identified is 𝑐1, to 

match the initial hardening of the material. Different values of 𝑐1 were found for different 

temperatures and the maximum value across these temperatures was chosen. This led to an 

exaggerated hardening rate for temperatures above and below the temperature to which 𝑐1 

corresponded. At lower temperatures, the damage variable 𝑎1  is identified to restore the 

hardening rate by accounting for micro-cracking in a harder material. The variable 𝑐2  is 

identified at higher temperatures to account for dislocation-density recovery, which does not 

occur at low temperatures. Next to be identified are 𝑎2 and 𝑥 to account for necking, with 𝑎3 

and 𝑦 identified in order to capture failure. The identification was done at a range of discrete 

temperatures, using linear interpolation for intermediate temperatures. 

 

For mixed-phase ICHAZ material points, a rule-of-mixtures approach is adopted wherein all 

modelling constants are weighted according to the volume fractions of tempered and 

untempered martensite. For the multi-pass case, the temperature history for the entire welding 

process was sampled at discrete points, e.g. A, B and C in Figure 3.7, and the temperature-

time results were processed via a phase-transformation module based on the CCT diagram for 

P92, to predict the phase mixture at those points. The predicted temperature histories for 

points A and B are very similar to that of point C (Fig. 3.7b), except with slightly lower 

maximum temperatures. All three points are predicted to reach maximum temperatures 

between 𝐴𝑐1  and 𝐴𝑐3  and, hence, partially transform into austenite. The predicted volume 

fractions of untempered martensite are 0.11, 0.47 and 0.58 (for points A, B and C, 

respectively); the balance is tempered martensite. The tensile response of points A, B and C 
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were investigated and compared against the tensile response of fully tempered and fully 

untempered material at a range of temperatures. 

 

The material model is also implemented as an Abaqus UMAT, which enables (i) multi-axial 

analysis, e.g. for notched specimens, and (ii) analysis of a cross-weld specimen, which 

includes a full ICHAZ region, with a range of volume fractions of tempered and untempered 

martensite (and austenite during welding), rather than a single, uniform volume fraction. 

Figure 3.8 shows a flowchart of how the model operates post-welding, from parameter 

definition for tempered or untempered martensite, through the rule-of-mixtures parameter 

assignment and Newton-Raphson iterative calculations. For simplicity, the uniaxial form of 

the code is shown. 

 

HTLCF and TMF simulation is conducted on an axisymmetric cross-section, 1 mm in radius 

and 2 mm high (Fig. 3.3b), representing a solid cylindrical component. This small geometry 

is selected because (a) it represents the boundary between tempered martensite, fresh 

martensite and mixed material regions, for which there is no advantage in simulating larger 

geometries, and (b) it allows for rapid simulation with low computational expense. Later, 

more sophisticated iterations of the through-process model focus on geometries more 

representative of test specimens and power plant components. For HTLCF simulation, CW 

and PM specimens are subjected to isothermal strain-controlled conditions of  = ±0.4%, 

±0.6% and ±1.0%. The TMF simulation is described schematically in Figure 3.9, 

representing an axial-constrained specimen subjected to thermal cycling. 
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(a) 

 
 

(b) (c) 

Fig. 3.7. (a) Predicted temperature contour plots at 1, 5, 18 and 29 weld passes (x, y, w, z, 

respectively), (b) the model geometry showing weld fusion line and sample locations A, B 

and C in the ICHAZ, and (c) the temperature-time history of sample point C from the 36-pass 

welding simulation. Note that the last pass completed after 1,620 seconds. 

 

 



 

106 
 

 
Fig. 3.8. Flowchart of the mixed-phase constitutive aspect of the through-process model. 

 

For TMF simulation, both notched and unnotched geometries were investigated. In a welded 

joint, notches may appear in the form of welding defects. This is especially important for the 

untempered martensite material, which is adjacent to the WM and thus more likely to include 

defects caused by the welding process. The set of TMF simulated specimens is described in 

Table 3.5. In all cases, the fatigue failure criterion is met when elements across the width of 
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the specimen have all failed (reached the damage threshold of 0.6), leading to a soft, elastic 

response from the specimen. 

 

 
Fig. 3.9. Schematic of the axisymmetric cyclic out-of-phase thermo-mechanical simulation. 

 

For TMF simulation, the geometry was loaded using a cyclic temperature, applied as a time-

dependent boundary condition with temperature varying between 25
o
C and 600

o
C, with 

triangular waveform (Fig. 3.9). This loading represents an idealization of load-following 

temperature cycles in power-plant, from room temperature to service temperature, although 

the heating rates are exaggerated for expediency of simulation. 

 

The period of each thermal cycle is 12s. In order to create stress on the material, the geometry 

is constrained on the top and bottom surfaces, fixing them as though the material were 

clamped. Physically this can represent a pipe section, for example, with constrained ends. 

The loading experienced by the material corresponds to out-of-phase thermo-mechanical 

fatigue. 
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Table 3.5. A summary of the results of the thermomechanical simulations. 

Name Description Notch details Cycles to failure 

Case 1 PM, tempered martensite N/A 19 

Case 2 PM, tempered martensite ro/R = 0.01 4 

Case 3 PM, tempered martensite ro/R = 0.25 2 

Case 4 ICHAZ, 80% tempered martensite N/A 14 

Case 5 ICHAZ, 60% tempered martensite N/A >150 (ES) 

Case 6 Untempered martensite N/A >300 (ES) 

Case 7 Untempered martensite ro/R = 0.01 40 

Case 8 Untempered martensite ro/R = 0.25 3 

Case 9 Cross-weld N/A 4 

*ES = Elastic shakedown 

 

3.3. Results 

The Abaqus UMAT is calibrated against literature test data [28] for all three phases. The 

results of this calibration for tempered and untempered martensite and austenite are displayed 

in Fig. 3.6. The full list of identified material constants is given in Table 3.6. It is clear from 

Figs. 3.6a and 3.6b that the untempered martensite has a higher yield stress than the tempered 

martensite for all temperatures within the range applied in this work. Note that Fig. 3.6 

displays engineering stresses and strains. This calibrated material model is applied to the 

thermal loading simulation. Figures 3.10 to 3.12 display tensile monotonic results for the 

points A, B and C (Fig. 3.7) and Fig. 3.13 shows monotonic failure-strain predictions for the 

different material volume fractions across a range of temperatures from 20
o
C to 650

o
C, 

showing reduced and even minimum ductility in the ICHAZ, while Figs. 3.14 and 3.15 

display HTLCF results. The results of various simulated TMF cases are already summarized 

in Table 3.5. 
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Table 3.6: Identified constitutive parameters for (a) tempered, (b) untempered martensitic and 

(c) austenite P92 and (d) identified visco-plasticity parameters for all three phases 

(a) 

T (
o
C) E 

(GPa) 
y 

(MPa) 

c1 (-) c2 (-) a1 (-) a2 (-) a3 (-) x (-) y (-) 

20 215 600 0.4 0 0.3 35 0.0005 2.5 -15.5 

200 207 550 0.4 0 0.3 52 0.0012 4 -15.5 

400 198 490 0.4 0 0.3 55 0.0012 4.2 -15.5 

550 156 406 0.4 0.07 0.3 55 0.1 8 -8 

650 114 300 0.4 0.7 0.3 150 0.1 24 -4.9 

850 40.2 83 0.4 0.7 0.3 150 0.1 50 -4.9 

(b) 

T (
o
C) E 

(GPa) 
y 

(MPa) 

c1 (-) c2 (-) a1 (-) a2 (-) a3 (-) x (-) y (-) 

20 215 1170 9 0 0.6 0.5 0.0005 -3 -15.5 

200 207 1080 9 0 0.3 1.2 0.03 -3 -15.5 

400 198 954 9 0 0.2 7 0.03 0 -15 

550 156 900 9 0 0.1 80 0.03 6.2 -11.7 

650 114 475 9 2 0.1 120 0.03 15 -5 

850 40.2 85 9 10 0.1 200 0.03 75 -5 

(c) 

T (
o
C) E 

(GPa) 
y 

(MPa) 

c1 (-) c2 (-) a1 (-) a2 (-) a3 (-) x (-) y (-) 

20 215 195 0.44 0 0.1 7 0 -6 0 

200 207 195 0.44 0 0.1 7 0 -6 0 

400 198 195 0.44 0 0.1 7 0 -6 0 

550 156 162 0.746 0 0.1 9.4 0 -3.3 0 

650 114 140 0.95 0 0.1 11 0 -1.5 0 

850 40.2 95 0.95 0 0.1 25 0 10 0 

(d) 

T (
o
C) 20 200 400 550 650 850 

 (1/s) 0.00027 0.00038 0.00056 0.00074 0.0009 0.00133 

 (1/MPa) 0.24 0.216 0.192 0.176 0.166 0.148 
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(a) (b) 

Fig. 3.10. Comparison of predicted dual-phase ICHAZ tensile responses for (a) point C and 

the tempered and untempered martensite test data and (b) points A, B and C at 20
o
C. 

 

  
(a) (b) 

Fig. 3.11. Comparison of predicted dual-phase ICHAZ tensile responses for (a) point C and 

the tempered and untempered martensite test data and (b) points A, B and C at 200
o
C. 

 

  
(a) (b) 

Fig. 3.12. Comparison of predicted dual-phase ICHAZ tensile responses for (a) point C and 

the tempered and untempered martensite test data and (b) points A, B and C at 650
o
C. 
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(a) (b) 

Fig. 3.13. Comparison of predicted single-phase (tempered and untempered) and dual-phase 

(Points A, B and C) ICHAZ failure-strains, 휀f, across a range of temperatures. 

 

 

    
(a) (b) (c) (d) 

Fig. 3.14. (a) Volume fraction of untempered martensite in CW sample, (b) predicted CW 

damage in the IC-FGHAZ due to welding, (c) predicted CW specimen cracking in HTLCF 

(500
o
C) and (d) ICHAZ HTLCF (500

o
C ) cracking [32].   

 

 

Figure 3.15 shows the weld life reduction factor (𝑊𝐿𝑅𝐹 = 𝑁𝑓
𝑃𝑀 𝑁𝑓

𝐶𝑊⁄ ) predicted by the 

model when HTLCF loading is applied. It is clear that the WLRF is more severe at lower 

applied strain-ranges, in-keeping with observed test results [32]. The quantitative WLRF 

results are significantly higher than those recorded by other authors, e.g. Shankar et al. [33], 

most likely due to the application of a monotonic constitutive model to HTLCF, however the 

qualitative prediction is consistent with test data. 
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Fig. 3.15. WLRF at 500

o
C, showing detrimental effect of welding on fatigue life. 

 

 

Figures 3.16 to 3.18 display the influence of tempered-untempered martensite volume 

fraction on TMF stress-temperature response. A tendency towards elastic shakedown is 

visible with increasing untempered martensite volume fraction. As the untempered martensite 

volume fraction increases, so does the yield stress until the TMF temperature range is no 

longer enough to cause yield to occur. However, even though the 80% tempered (Case 4 in 

Table 3.5) sample, representing ICHAZ, in Fig. 3.17 had a higher yield stress than the PM 

(Case 1 in Table 3.5) sample, it failed after fewer cycles.   

 

In Figure 3.19, the CW specimen is compared to the PM (tempered martensite) specimen. 

The initial response of the CW sample is similar to the PM (Case 1). This similarity was also 

observed for strain-controlled cyclic behaviour [32]. This is attributed due to the iso-stress 

condition, where the bulk response is controlled by the softest material region, in this case the 

PM (tempered martensite).  
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Fig 3.16. Comparison of stress-temperature results for tempered and untempered martensite. 

 

 
Fig 3.17. Comparison of stress-temperature responses of ICHAZ (80% tempered martensite, 

20% untempered martensite) with PM (Fully tempered). 

 

 
Fig 3.18. Effect of increasing volume fraction of untempered martensite on stress-

temperature response. 
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Fig. 3.19. Comparison of cross-weld (CW) stress-temperature response with that of tempered 

PM. 

 

Figure 3.20 shows the WLRF for isothermal HTLCF cases [32] at 400
o
C and 500

o
C as well 

as the predicted relative life for the CW TMF specimen in the current work. The solid lines 

project forward to 600
o
C, which was the peak temperature in the current work. The predicted 

WLRF for this work is higher than the projections from the test data but this is to be expected 

of TMF compared to HTLCF. TMF was shown to lead to lower life than HTLCF by a factor 

of approximately 1.33 at 600
o
C [205]. This adjustment was applied to the model results and 

shows consistency with the HTLCF trends.  

 

 
Fig. 3.20. Comparison of WLRF for isothermal HTLCF data [32], with projections forward 

to the peak temperature of this work. An adjusted WLRF based on TMF data [205] is also 

displayed.  
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Figures 3.21 and 3.22 show results for notched specimens of tempered and untempered 

martensite, respectively, showing the influence of increasing notch size on stress-temperature 

response. The introduction of a notch leads to a dramatic, detrimental effect on life (see Table 

3.5). The effect of introducing a notch was more significant for the untempered material.  

 

 
Fig 3.21. Effect of notch radius on tempered martensite stress-temperature response. 

 

 
Fig 3.22. Effect of notch radius on untempered martensite stress-temperature response. 

 

The local stress, strain and damage evolutions are displayed in Fig. 3.23 for the tempered, 

notched sample (Case 3 in Table 3.5). It is clear that the damage initiates at the notch root and 

then spreads into the material, resembling a crack. This was the general trend for each of the 

notched samples. 
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Fig. 3.23. The evolution of the Von Mises stress, maximum in-plane principal strain and 

damage for the notched (ro/R = 0.25) tempered martensite specimen at three points during the 

simulation. 

 

Figure 3.24 displays the evolution of temperature, tempered martensite volume fraction and 

normalized dislocation density during the heating phase of the welding in the CW specimen, 

demonstrating welding-induced constitutive behaviour. The dislocation-density evolution is 

more dramatic at the free surface of the specimen. One end of the specimen is rapidly heated, 

leading to a thermal gradient with an associated strain-gradient due to expansion. This 

gradient introduced more severe multi-axial strain at the free edge compared to the core, thus 

creating more severe plastic deformation and dislocation-density evolution. 
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Fig. 3.24. The evolution of the temperature, tempered martensite volume fraction and 

normalized dislocation density during welding-induced heating of the CW specimen. 

 

3.4. Discussion 

The results of the study in this chapter predict failure in the ICHAZ, consistent with previous 

work [31]. Under tensile loading, the model predicts reduced or minimum ductility in the 

mixed-phase ICHAZ of a welded joint, depending on the amount of solid-state 

transformation that occurs during the welding process. For HTLCF, a significant WLRF is 

predicted, with damage initiating in the ICHAZ during welding. For TMF, it appears 

qualitatively that the untempered material is significantly stronger than the tempered material, 

but that it is also significantly more sensitive to the presence of notches. 
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The constitutive model utilized in this work has been successfully calibrated against 

monotonic data for 9Cr steel at a wide range of temperatures for PM (Fig. 3.6a), untempered 

martensite (Fig. 3.6b), representing as-welded FGHAZ, and austenite (Fig. 3.6c). It is 

assumed that the monotonic material response, e.g. the elastic and post-yield response, can be 

taken as a reasonable approximation of the cyclic behaviour of the various material phases, to 

allow demonstration of the proof-of-concept of the through-process methodology, in the 

absence of cyclic data for untempered martensite (from welding) and austenite. The model 

permits the modelling of anisothermal, mixed-phase constitutive material response which is 

necessary for through-process simulation and cyclic thermo-mechanical response.  

 

Figures 3.10 and 3.11 and Case 4 in Table 3.5 indicate that the ICHAZ is the weakest single 

region of the weld joint, consistent with experimental observations [31]. For tensile loading, 

Point C (Figs. 3.11 and 3.12) had lower ductility even than the fully untempered martensite at 

lower temperatures and remained less ductile than the tempered PM material at high 

temperatures. In Fig. 3.13, it is clear that, up to 400
o
C, Points B and C are both less ductile 

than either fully tempered or fully untempered material, indicating that the ICHAZ is a region 

of minimum ductility in a welded joint at lower power plant operating temperatures. For the 

TMF simulation, Case 4 (80% tempered martensite, Table 3.5) predicted fewer cycles to 

failure compared to Case 1 (fully tempered PM material). This is consistent with the 

monotonic predictions of poor ICHAZ performance relative to the PM due to the TMF 

simulation applying large tensile loading at lower temperatures, e.g. in the temperature range 

at which mixed-phase material is the least ductile, leading to early failure. The ability of the 

model to capture this phenomenon is due to the rule-of-mixtures method for the dual-phase 

material. Small increases in untempered martensite significantly increase the dislocation-
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density evolution rate (Eqn. 3.7) and thus the damage initiation rate (Eqn. 3.9). This predicted 

early accumulation of damage demonstrates the advantage of the rule-of-mixtures method 

over the iso-stress or iso-strain approaches when dealing with hard and soft material 

mixtures.  

 

Although the rule-of-mixtures approach is an idealized method to capture the principle of a 

mixed-phase region, here the ICHAZ, it is a simple and convenient method and gives results, 

here, which qualitatively correspond to experimentally-observed trends. An alternative to 

rule-of-mixtures is to use micro-mechanical modelling to partition the geometry into discrete 

tempered and untempered regions, to better capture localized heterogeneous behaviour, with 

untempered islands surrounded by a softer, tempered matrix, as observed in [34]. However, 

this would typically preclude modelling of a macro-scale specimen such as the CW specimen, 

as achieved in the present work, due to computational overhead and model size. 

 

For the HTLCF simulation (Fig. 3.15), a higher WLRF was predicted at lower strain-ranges. 

With increased plastic strain there is more dislocation-density evolution (Eqn. 3.7) and 

therefore increased dislocation-density recovery, which retards the increase in both 

dislocation-density evolution and damage-initiation. At lower strain-ranges, the recovery 

effect is reduced, leading to more rapid damage evolution and, hence, the higher WLRF. 

 

In both HTLCF and TMF, the CW specimen had a much reduced life compared to the PM 

sample due to welding-induced damage. Figure 3.24 reveals dislocation-density evolution 

during welding due to high-temperature plasticity. This initiates damage in the CW specimen 

(see Fig. 3.14), which HTLCF and TMF loading then cause to propagate, leading to early 

failure. This demonstrates that welding-induced heterogeneous damage in welded joints is a 
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dominant factor relative to the composition of separate regions (cf. Figs. 3.16 to 3.18) 

regarding the performance of ICHAZ regions. 

 

The results in Table 3.5 demonstrate that the presence of a notch is detrimental to material 

strength in TMF. A relative notch size of 1% significantly reduced specimen life for both 

tempered and untempered martensite specimens, especially the latter. Larger notches further 

reduced predicted TMF life. The analysis of notches was concerned with the notch radius 

relative to the specimen thickness, so a larger specimen would have been modelled with 

larger notches and it is expected that this would have produced similar trends to those 

witnessed. 

 

The CW specimen geometry used in this work, a 2 mm high section with a 1 mm radius, is a 

simplification of tensile specimens extracted from welded joints [32]. It is considered that any 

additional geometry height would only add material remote from the region of interest (the 

ICHAZ in a CW specimen, or a notch). Physically, a CW specimen would straddle the 

ICHAZ seen in Figure 3.3a, while a homogeneous specimen would not.  

 

The assumption of the ICHAZ consisting only of tempered and untempered martensite is an 

idealization, but is reasonable for the material in question, 9Cr steel. Another material, such 

as SA508, would require a more sophisticated means of defining the HAZ since SA508, for 

example, can form mixtures of ferrite, pearlite, bainite and martensite, depending on the 

cooling rate [87]. Equations 3.1 and 3.2 in this work are similar to the martensitic 

transformation equation used by Hamelin et al. [87]. The other equations in that work pertain 

to ferrite, pearlite and bainite formation, none of which are considered in this work. Neither 

Equations 3.1 nor 3.2 include time dependence. This is due to the rapid transformation during 
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heating and due to the nominal presence of only martensite upon cooling as indicated in 

Figure 3.4. 

 

Equations 3.1 and 3.2 differ from transformation equations utilized by Yaghi et al. [28] 

(Koistinen and Marburger (KM) [119]). The linear equations are considered to be sufficient 

for the present work, although the KM equation is utilized in subsequent chapters as the 

through-process methodology became more refined. Volume changes caused by phase-

transformation (contraction during martensite-to-austenite, expansion during austenite-to-

martensite) are not considered in this chapter. Since the transformation in this chapter 

neglects volume-changes, the transformation-rate is less important. Non-linear equations 

would produce different strain-temperature results compared to linear equations but since this 

chapter does not consider volume-changes, linear equations were sufficient. The emphasis of 

this work is the development of a through-process methodology. The work presented in 

Chapters 4 and 5 refines the model to include volume changes as well as other microstructure 

evolutions, such as PAG size, laths, precipitates, etc.   

 

Since volume changes due to phase-transformation are not modelled, transformation 

plasticity is not modelled and the associated residual stresses are not generated. For 

homogeneous, untempered martensite specimens, it is assumed that the effects of phase 

transformation are implicit in the identified mechanical properties of untempered martensite 

(Table 3.6). The untempered martensite has a higher yield stress than when tempered, 

particularly at lower temperatures. The higher yield stress is associated with a higher 

dislocation-density. The dislocation-density is higher due to distortions in the crystal structure 

caused by excess trapped carbon atoms. Higher carbon content increases martensite hardness 

[63] and therefore yield stress. During tempering, some of this carbon would form 
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precipitates or otherwise diffuse out of the crystal structure, relieving the distortions, reducing 

dislocation-density and softening the material. 

 

The work presented corresponds to an as-welded joint. The tempering of untempered regions, 

either due to multi-pass welding as in the work of Yaghi et al. [28], or due to PWHT, will be 

examined in subsequent chapters. The use of the material thermal properties from Yaghi et al. 

[55] together with Equations 3.1 and 3.2 produced a reasonable means of creating a CW 

specimen. For the CW specimen, the untempered martensite and mixed-phase ICHAZ 

regions are generated without transformation plasticity and thus without the associated 

residual stress. The expected effect of the inclusion of residual stress from transformation 

plasticity is a reduction in the stress range for the CW specimen in Fig. 3.18 due to (a) the 

residual stresses causing yield after lower applied stress and (b) additional welding-induced 

damage (Fig. 3.14) caused by transformation plasticity in conjunction with Eqns. 3.7 and 3.9. 

The additional welding-induced damage may also have reduced the number of cycles to 

failure for the CW specimen (Table 3.5) but this would not have changed the main findings 

of the work presented here. The emphasis of this work was the development of a through-

process methodology, from welding to microstructure evolution to mechanical performance, 

rather than predicting residual stress. 

 

The cyclic period of the TMF thermal load was 12 seconds. Real plant start-ups and 

shutdowns last for hours and do not typically give linear increases in temperature [169]. The 

material model utilized in this work does not account for microstructural changes caused by 

tempering (e.g. martensitic lath coarsening) which may influence constitutive response. It 

also does not address possible creep effects caused by exposure to high temperature for 

extended periods of time. The model only accounts for temperature and expansion. The key 
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factor influencing the response in the current work was the temperature range rather than the 

heating-rate or possible dwells at high temperature. As a result, there was no advantage to 

simulating a realistic start-up cycle; hence, it was expedient to idealise the heating and 

cooling cycles as being of short duration.  

 

The work presented demonstrates key issues faced by modern power plant for load-following 

conditions. The ICHAZ is predicted to be a weaker region than the PM and the welded joint 

(CW specimen) is significantly weaker than the PM. The predicted HTLCF WLRF is over 8 

and for TMF it is approximately 4.5, although this may decrease with inclusion of PWHT 

effects. These values are significantly higher than previously reported experimental results 

for HTLCF of P91 welds at 400
o
C and 500

o
C [32] (Fig. 3.20). The TMF-induced 

accentuation of WLRF by a factor of about 1.33 is however consistent with previously 

reported values comparting TMF and HTLCF data at 600
o
C [205]. The ‘TMF-modified’ 

result is shown in Fig. 3.20.  

 

This general modelling methodology presented is applied in the next chapter to the HTLCF 

of CW P91 specimens, including the effects of PWHT. In Chapter 4, the simulations are 

limited to short-term PWHT durations (up to 30 mins), for computational efficiency reasons, 

whereas the test data [33] is based on long term PWHT times of 180 mins; the predicted trend 

of effect of PWHT time, with extrapolation using a power-law trend-line to the longer term, 

showed very close correlation (within 0.1%) to the experimental data.   

 

Work presented in later chapters of this thesis investigates more detailed comparisons of the 

modelling methodology in this chapter against experimental HTLCF and thermomechanical 

testing of CW and physically-simulated ICHAZ material.  
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3.5. Conclusions 

This chapter presented the first iteration of the through-process design tool for industry. A 

through-process, physically-based, modified visco-plasticity model with damage was 

developed for tempered, untempered and mixed-phase martensitic 9Cr steel material to 

represent the multi-axial thermo-mechanical behavior of heat-affected zone and parent 9Cr 

steel material, both during welding and post-weld. 

 

Mixed-phase ICHAZ material was found to have significantly reduced ductility compared to 

tempered martensite material and even compared to fully untempered, low-ductility material. 

The tempered martensite is seen to have significantly lower resistance to thermal cycling 

failure than the untempered material (more than 93% reduction) for the dislocation density 

and failure model implemented here. A higher yield stress in the low to medium temperature 

regime is predicted to be beneficial for thermal cyclic life. 

 

Both tempered and untempered martensitic materials show significant notch sensitivity under 

TMF conditions. A notch of 1% of specimen radius reduces life by about 80%. A cross-weld 

specimen model, including PM, ICHAZ and FGHAZ, predicted from a thermal analysis of 

the GTAW process, was shown to have significantly lower HTLCF life than PM material and 

a lower thermal cycling life than (i) either tempered or untempered martensite, and (ii) either 

80% or 60% tempered martensite material (balance untempered). The reduction in TMF life 

of the cross-weld specimen model is predicted to be similar to that of the notch cases 

investigated. This indicates that it is the heterogeneity of the mixture of the parent material, 

ICHAZ and FGHAZ that causes premature cracking.   
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Chapter 4 

A hierarchical microstructure evolution model for welding and post-weld 

mechanical behaviour of 9Cr steel 

4.1 Introduction 

This chapter presents a through-process modelling methodology for simulation of welding 

and in-service operation of 9Cr steel components. A dislocation mechanics, through-process 

finite element model, incorporating thermal, microstructural and mechanical effects is 

presented, for predicting thermo-mechanical fatigue of welds. The model is applied to multi-

pass gas tungsten arc welding of 9Cr martensitic steel. The predicted high-temperature low-

cycle fatigue performance of cross-weld samples is comparatively assessed for a range of 

different post-weld heat treatment durations. It is shown that longer post-weld heat-treatment 

(PWHT) durations increase the predicted number of cycles to failure and that Vickers 

hardness gradient across the heat-affected zone can be used as an indicator of fatigue life. The 

through-process methodology is implemented in three stages. 

 

Firstly, a thermal model simulates the heat transfer and temperature histories experienced by 

a component during welding. Secondly, a microstructural model uses the temperature 

histories from the thermal simulation to predict the evolution of salient hierarchical 

microstructure parameters (viz. phase volume fractions, prior austenite grain size, lath width 

and hardness). Thirdly, a dislocation-mechanics-based constitutive model is used in a 

sequentially-coupled thermo-mechanical analysis to predict the constitutive response of the 

material during and after welding, incorporating the effects of welding-induced 

microstructure evolution. The previous chapter focused only on phases volume fractions, 

either just within the ICHAZ, or within a cross-weld (CW) specimen. This work expands on 
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this to give a more physically-based method, incorporating more microstructural parameters, 

which lead to a more sophisticated constitutive model. 

 

The model presented in this chapter is an enhancement compared to that presented in Chapter 

3 for various reasons. Firstly, the microstructure-evolution model has been enhanced to 

include prior-austenite grains (PAGs), martensitic lath-width and Vickers hardness. These 

new microstructural features influence the constitutive model, allowing for gradients in 

constitutive behavior throughout the HAZ that were not possible when relying solely on the 

phase volume fraction of tempered or newly-formed martensite. The constitutive model 

incorporates kinematic rather than isotropic hardening. This better represents the hardening 

mechanism of 9Cr steel. At the same time, isotropic softening, calibrated against cyclic test 

data, is included in the constitutive model to help to represent 9Cr behavior under cyclic 

loading.  A new damage model, utilizing a novel dislocation-density based approach rather 

than relying on critical levels of plastic strain, is implemented in order to increase the 

physical basis of the constitutive model. 

In this chapter, the through-process model is applied to geometry and loading that better 

represents those used in industry or in laboratories, specifically a cross-weld test specimen 

under strain-controlled, high-temperature low-cycle fatigue (HTLCF) loading. This allowed 

for more direct comparison against test data for the purposes of validation. The previous 

chapter focuses on discrete points in a welded pipe, homogeneous mixed-phase stress 

coupons or a single-pass cross-weld specimen without the weld metal but in this chapter, the 

entire through-process methodology is applied to the FE geometry, including multi-pass 

thermal welding simulation, microstructure evolution and constitutive response.  A further 

enhancement of the modelling methodology is the inclusion of post-weld heat treatment and 
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its effects on material performance, leading to a more comprehensive analysis than in the 

previous chapter, which focused only on as-welded specimens. 

 

The constitutive models for individual phases are calibrated using published P92 data by 

Yaghi et al. [28] for tempered and untempered martensite and austenite, similar to the 

previous chapter. The resulting mixed-phase response for the different welded regions (e.g. 

ICHAZ) are compared against published data by Touboul et al. [43] obtained using digital 

image correlation for welded P91. 

 

4.2 Methodology 

4.2.1 Welding process model 

A transient thermal model for multi-pass gas tungsten arc welding (GTAW) was developed, 

following the methodology established in the previous chapter. The finite-element (FE) code 

Abaqus/Standard was adopted here. An element-birth method is used to activate mesh 

regions corresponding to individual weld beads. Figure 4.1 shows sample temperature 

contour distributions for an axisymmetric 36-pass model, for different numbers of completed 

passes.  

 

 
(a)   (b)  (c)          (d) 

Fig. 4.1. Thermal contour plots for a 36-pass welding simulation for the (a) 1
st
 pass, (b) 9

th
 pass, (c) 

22
nd

 pass and (d) 36
th
 pass. 
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A similar principle is used for the geometry in the present work. The sequential thermo-

mechanical analysis incorporates a special-purpose Abaqus user-material (UMAT) subroutine, 

developed here to compute solid-state phase evolution based on temperature history and the 

phase equilibrium diagram. The solid-state phases considered in this work are austenite () 

and martensite (’). Volume-fraction evolution for austenite, 𝑉𝛾, is defined with a linear lever 

rule: 

𝑉𝛾 = 1 −
𝐴𝑐3 − 𝑇

𝐴𝑐3 − 𝐴𝑐1
 (4.1) 

where 𝐴𝑐3 (924
o
C) is the finish temperature for austenite transformation, 𝐴𝑐1 (830

o
C) is the 

start temperature for austenite transformation and 𝑇 is the current temperature. The values of 

𝐴𝑐1  and 𝐴𝑐3  were obtained from Yaghi et al. [28]. For martensitic transformation, the 

Koistinen-Marburger (K-M) function [119], was used as follows: 

𝑉𝛼′ = 𝜆1(1 − exp(−0.011[𝑀𝑠 − 𝑇])) (4.2) 

where 𝑀𝑠  (400
o
C) is the martensite transformation start temperature according to the 

continuous cooling transformation (CCT) diagram, from the steel manufacturer Vallourec 

[118], and 𝑇 is current temperature. 𝜆1 is a constant used to ensure that martensite volume 

fraction reaches a value of 1. In this work, it is assumed that only austenite exists at high 

temperatures and only martensite exists at low temperatures, as implied by the CCT diagram 

and by the phase equilibrium diagram from Cerjak et al. [82] for 9Cr steels. For simplicity, 

and due to the high delta-ferrite start temperature of around 1200
o
C [82], the present work 

does not simulate the formation of delta-ferrite. The solidus and liquidus temperatures are 

obtained from the literature [55] and are taken as 1450
o
C and 1500

o
C, respectively. 
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Metallurgical strain, caused when volume increase caused by martensitic transformation 

counteracts thermal contraction during cooling, as described by Francis et al. [122], was 

modelled via the following equation [28]: 

Δ휀𝛼′ = 𝜆2Δ𝑇 × exp(−0.011[𝑀𝑠 − 𝑇]) (4.3) 

where 𝜆2 is a constant and Δ𝑇 is the incremental change in temperature.  

 

4.2.2 Microstructure evolution model 

The modelling methodology is physically-based, with dependence on microstructural features, 

including martensitic lath width and prior-austenite grain size. A microstructure evolution 

model is implemented in this work. Heat-treatment data from Potirniche et al. [4] was used to 

calibrate a Vickers hardness model to predict softening during tempering and hardening 

during normalizing of 9Cr steel: 

�̇� = −(𝑔(𝐻 − 𝐻𝑓) + 𝑘0) (4.4) 

where 𝐻  is the room-temperature Vickers hardness, 𝑔  and 𝑘  are temperature-dependent 

parameters and 𝐻𝑓 is an asymptotic hardness towards which the value of 𝐻 trends: 

𝑔 = 1.15 × 10−6𝑇 − 4.97 × 10−4 (4.5) 

𝑘0 = 4.6036 × 10−3 − 5.6 × 10−6𝑇 (4.6) 

𝐻𝑓 = 832.45 − 0.8091𝑇 (4.7) 

After 𝐻 approximately reaches 𝐻𝑓, further linear softening is assumed to occur: 

�̇� = −𝑘0 (4.8) 

The room temperature Vickers hardness can increase during normalising according to: 

�̇� = 7𝑔(𝐻𝑚 − 𝐻) (4.9) 

where 𝐻𝑚 is asymptotic hardness:  

𝐻𝑚 = 1000 − 𝐻𝑓 (4.10) 
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Calibration of the hardness model (Eqn. 4.4 to 4.7) is displayed in Figure 4.2. 

 

  
(a) (b) 

   

(c) (d) (e) 

Fig. 4.2. Calibration of the hardness evolution model showing (a) a sample plot of the model 

(lines) versus data from Potirniche et al. [4] (points) at different tempering temperatures, (b) a 

sample plot of increasing hardness after normalising (point (x) is derived from yield stress 

data [28], the other points from Potirniche et al. [4]), and identification of (c) the tempering 

softening rate variable, 𝑔, (d) the softening parameter 𝑘, and (e) the asymptotic tempering 

hardness, 𝐻𝑓. 

 

Data from Ennis and Czyrska-Filemonowisc [23] and Milovic et al. [72] was used to predict 

prior-austenite grain growth as a function of time and temperature. An initial PAG size of 50 

microns was assumed for this work. PAG size evolution focuses on recrystallization and 

growth. Recystallisation is defined by a recrystallized volume fraction, 𝑆, according to: 

�̇� = 𝜙1(1 − 𝑆) (4.11) 

where 𝜙1 is a temperature-dependent parameter. Simulated-welding test data [72] showed a 

reduction in grain size for temperatures up to 950
o
C. These tests allowed inference of 

recrystalised volume fraction from the reduction in grain size; for example, it was assumed 

that a 25% reduction in grain size corresponded to a 25% recrystallized volume fraction, viz 
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𝑆-value of 0.25. The recrystallized volume fraction evolution controls grain size, 𝑑, during 

recrystallisation according to: 

�̇� =
𝜙2

𝑑
− 𝜙3�̇� (4.12) 

where 𝜙2 is a temperature-dependent parameter and 𝜙3 is a constant, here 38. The second 

term in Eqn. 4.12 relates recrystallized volume fraction to grain size, based on the data [72]. 

For grain growth after recrystallization, data accounting for rapid grain growth at high 

temperature [72] and more gradual grain growth with saturation values at different 

temperatures [23], was employed. Equations 4.11 and 4.12 are simplified versions of 

recrystallization and grain growth equations used by Li et al. [132]. The calibration of this 

model is described in Fig. 4.3. Note that it is assumed that recrystallization must complete 

before grain-growth commences. This is an idealisation of real grain-growth phenomena, 

where both mechanisms may have chance to occur simultaneously in a weld, and are 

modelled as such, as was the case in Li et al. [132]. This idealisation was motivated by a 

desire to isolate the recrystallization and grain growth phenomena for the purposes of 

identifying model parameters. 

 

Heat treatment, microstructural and mechanical data from Barbadikar et al. [30] was used in 

conjunction with the hardness model to devise an empirical heat-treatment-microstructure 

model which relates lath-width, 𝐿, to hardness, 𝐻, and prior-austenite grain size, 𝑑: 

𝐿𝑤 = 𝜇1 + 𝜇2𝑑 + 𝜇3𝐻 + 𝜇4𝐻𝑑 (4.13) 

where 𝜇1 to 𝜇4 are temperature-independent constants, displayed in Table 4.1. The result of 

this relationship is displayed in Figure 4.4. 

 

The primary variable controlling the lath width is the hardness, which varies during both 

welding and PWHT, while PAG size only changes during welding in this work. Hardness 
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evolution also occurs over a wider temperature range than PAG size evolution, making its 

contribution to lath size greater over the course of the simulation.  

 

Table 4.1. Identified model parameters for the lath-width evolution. 

Parameter Value 

𝜇1 888 nm 

𝜇2 0.0055 

𝜇3 -2.25 nm
1
 kgf

-1
 mm

-2
 

𝜇4 -1.8 × 10
-6

 kgf
-1

 mm
-2

 

 

 
 

(a) (b) 

 
 

(c) (d) 

 
(e) 

Fig. 4.3. Calibration of the PAG size evolution model showing (a) a plot of the model 

(dashed lines) versus data from Milovic et al. [72] (solid lines), (b) the identification of the 

recrystallization parameter 𝜙1, (c) a plot of the model (lines) versus data from Ennis et al. [23] 

(points), (d) the rapid grain growth identification of 𝜙2  for thermally transient conditions and 

(e) the grain growth identification of 𝜙2 for isothermal conditions. 
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Fig. 4.4. The relationship between lath width and Vickers hardness for different values of 

prior austenite grain size, 𝑑, based on data from Barbadikar et al. [30]. 

 

4.2.3 Constitutive model with damage 

The microstructure evolution due to the thermo-mechanical history of the GTAW process 

influences the post-weld mechanical behaviour. A unified viscoplastic, dislocation-density 

based material model is therefore developed here to capture the temperature-dependent 

material response of the various heat-affect zones, for both the welding and post-welding 

response, and is implemented in multiaxial form within the UMAT mentioned above. The 

uniaxial form is presented here, for conciseness. A hyperbolic sine flow-rule is implemented 

as follows: 

휀�̇� = 𝛼sinh (𝛽 (
|𝜎 − 𝜒|

(1 − 𝐷)
) − 𝜎𝑦) (4.14) 

where 𝛼 and 𝛽 are temperature-dependent variables. Elasticity is defined via Hooke’s law as: 

�̇� = 𝐸(휀̇ − 휀�̇�) (4.15) 

The kinematic hardening variable, 𝜒 , is defined in terms of a Taylor-like hardening 

dislocation density model as: 
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�̇� =
𝐵�̇̅�𝑟

2√�̅�𝑟

 (4.16) 

where B is: 

𝐵 =
𝛼𝑔𝑀𝐺√𝑏

√𝐿
 (4.17) 

and 𝛼𝑔 is a multiplicative constant, 𝑀 is Taylor factor and 𝑏 is magnitude of Burgers vector. 

Note that it is assumed here that the dislocation free path length, 𝐿, as described by Wei et al. 

[182], is the lath width. 𝐺  is shear modulus and a Poisson’s ratio of 0.3 was assumed. 

Equation 4.17 uses dislocation density, normalized here as  

�̅� = 1 −
𝜌0

𝜌
, where 𝜌 is current dislocation density and 𝜌0 is initial dislocation density for an 

unstrained material, or a material not experiencing plastic deformation, as used by Li et al. 

[132]. Dislocation density accumulation (e.g. due to Frank-Read sources) during plastic 

deformation is defined as: 

�̇̅�𝑎 = 𝑐3(1 − �̅�𝑎)|휀�̇�| (4.18) 

 

Dislocation density evolution typically includes recovery processes, such as annihilation, 

locking, etc., as well as accumulation to give a combined dislocation density evolution term 

as follows: 

�̇̅�𝑟 = �̇̅�𝑎 − 𝑐4�̅�𝑎 (4.19) 

Physically, �̅�𝑟 represents the dislocation density at a grain or lath boundary, where recovery 

occurs. Equation 4.18 does not include recovery and represents the dislocations which move 

from the middle of laths towards the boundaries.  
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The damage term, D, in Eqn. 4.14 represents the presence of cracks and voids, which reduce 

the load-bearing area of a component. The explicit form of damage as a function of 

dislocation density is as follows: 

𝐷 = 𝑎4 (1 −
(�̅�𝑟 �̅�𝑎⁄ )

𝑦1
)

𝑥1

+ 𝑎5 (1 −
(�̅�𝑟 �̅�𝑎⁄ )

𝑦2
)

𝑥2

 (4.20) 

where 𝑦1  and 𝑦2  represent critical ratios of the dislocation densities. Both �̅�𝑎  and �̅�𝑟  are 

assumed to contribute to damage evolution. The mechanism is described in Fig. 4.5. 

 

 
Fig. 4.5. A schematic representation of the dislocation-density-driven damage model from (a) 

as-received, unstrained material, (b) deformed material with increased dislocation-density, (c) 

hard-soft region incompatibility and micro-cracks, (d) failure. 

 

 In Fig. 4.5a, the material is unstrained with some initial dislocation density so both �̅� and �̅�𝑟 

are zero. As the material strains, Fig. 4.5b, the dislocation density increases. It is assumed 
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that, as the bulk �̅�𝑎 − �̅�𝑟  increases, local dislocation-density heterogeneities increase too. 

Some regions will experience greater dislocation-density recovery than others, leading to 

some regions with higher local dislocation-densities, e.g. �̅�𝑎, and other regions with lower 

dislocation-densities, e.g.  �̅�𝑟. Regions with higher local dislocation-densities are harder than 

regions of lower dislocation density and the hard-soft interfaces between local regions causes 

strain incompatibilities, leading to micro-cracks (Fig. 4.5c) as represented by the first term on 

the right-hand side of Eqn. 4.20. With increasing deformation (Fig. 4.5d) the micro-cracks 

grow and join together, leading to macro-void formation and rapid failure, as represented by 

the second term on the right-hand side of Eqn. 4.20.  

 

The modelling parameters for Eqns. 4.14 to 4.20 were identified in a step-by-step process, 

using the temperature-dependent tensile stress-strain dataset shown in Fig. 4.6, for tempered 

and untempered martensite and austenite [28].  For the tempered and untempered martensite, 

the microstructural model described above, together with heat-treatment data [28], allows 

prediction of lath widths and hence constitutive parameters and mechanical behavior for 

either condition of martensite material (Fig. 4.6a and 4.6b). For dual-phase (mixed austenite 

and martensite) regions, a rule-of-mixtures approach is adopted wherein the volume fraction 

of each phase is used as a weighted average to determine the mixed-phase constitutive 

parameter value from the individual martensite (tempered or untempered) and austenite 

values. 
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(a) (b) 

 
(c) 

Fig. 4.6. Calibration of the material model against (a) tempered martensite, (b) untempered 

martensite and (c) austenite data at a range of temperatures. 

 

Each set of parameter values is obtained separately. First, the visco-plastic parameters 𝛼 and 

𝛽  are identified from monotonic data at a single strain-rate 0.001/s [28]. The process is 

described in Fig. 4.7: 

 Data from the stress-strain curve (pre-ultimate tensile stress, Fig. 4.7a) is used to 

deduce plastic strain-rate and the value of the yield criterion, 𝑓, where 𝑓 =
|𝜎−𝜒|

1−𝐷
− 𝜎𝑦, 

following the equation 휀�̇� = 𝛼sinh(𝛽𝑓) (Fig. 4.7b).  

 The monotonic data is used to predict the f-value corresponding to the total strain-rate, 

in this case 0.001/s (Fig. 4.7c). This provides one coordinate for fitting 𝛼 and 𝛽 and 

the origin is another point.  

 At the flow-stress, the plastic strain rate is approximately equal to the total strain rate 

and the f-value is related to the Young’s modulus, 𝑓 ≈ 𝐸∆휀 ≈ 𝐸∆휀𝑝 ≈ 𝐸휀�̇�Δ𝑡 (Fig. 
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4.7d). The time increment is assumed to be 1s. This provides a third coordinate with 

which to identify 𝛼 and 𝛽 (Fig. 4.7e, Fig. 4.7f) 

 Using this method, 𝛼  and 𝛽  are identified at each of the relevant temperatures. A 

uniaxial model is applied to two sets of monotonic test data [28, 180] for P92, one at 

20
o
C and another at 650

o
C (Fig. 4.7g). At 20

o
C, there is no apparent strain-rate effect, 

as expected, whereas at 650
o
C, a strain-rate effect exists and the model is successfully 

able to predict the measured strain-rate effect. It is assumed that the values of 𝛼 and 𝛽 

are independent of material phase. 

 

For each temperature in turn, the parameter 𝑐3 is identified to capture the initial hardening, 

immediately post-yield, in low strain region of the stress-strain curves (e.g. in Fig 4.8, for a 

temperature of 20
o
C); then, the parameter 𝑐4 is identified from the post-yield, moderate strain 

(but pre-UTS) region (also shown in Fig. 4.8) to reduce the hardening rate with strain 

increase. At high temperatures, the parameter 𝑐4 controls the flow stress.  

 

From the true stress-strain curve, damage can be identified as a function of strain, enabling 

fitting of the damage parameters 𝑎4, 𝑥1 and 𝑦1, with 𝑎5, 𝑥2 and 𝑦2 (from Eqn. 4.20) fitted to 

provide final failure. The first term in Eqn. 4.20, using parameters 𝑎4, 𝑥1 and 𝑦1, corresponds 

to the ‘damage region’ of Fig. 4.8 and the second term in Eqn. 4.20 corresponds to the 

‘failure region’ in Fig. 4.8. The values of these parameters for untempered martensite, 

tempered martensite and austenite are displayed in Tables 4.2 to 4.9.  
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(a) (b) 

 

 
(c) (d) 

  
(e) (f) 

  
(g) 

Fig. 4.7. The identification of the parameters 𝛼 and 𝛽 from monotonic data, including the 

results of the model applied to monotonic data from two sets of tests.  
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Fig. 4.8. A schematic of a stress-strain curve showing the parameter-identification portions 

corresponding to different aspects of the constitutive and damage model. 

 

In Fig. 4.6c, it appears as though the austenite suffers little or no damage at 400
o
C or 850

o
C 

but does at 650
o
C. This presents limitations to the austenite damage parameters but is not 

considered detrimental to the material model. At high temperatures, e.g. above 𝐴𝑐3 , the 

material is expected to be too soft to suffer damage. At temperatures below 400
o
C, the 

austenite transforms to martensite and martensite damage parameters are employed. 

Austenite is not expected to be present between 850
o
C and 400

o
C for extended periods of 

time, due to either heating rapidly beyond 850
o
C during welding or to rapid cooling from 

high temperature. Therefore, it is not expected to suffer significant damage. 

 

Table 4.2. Temperature-dependent untempered martensite constitutive parameters. 

𝑇 (
o
C) 𝐸 (GPa) 𝜎𝑦  (MPa) 𝑐3 (-) 𝑐4 (1/s) 

20 215 1170 0.25 0.045 

200 207 1080 0.4 0.03 

400 198 954 0.5 0.03 

550 156 900 0.4 0.04 

650 114 475 0.05 0.1 

850 40.2 88 0.001 0.1 
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Table 4.3. Temperature-dependent tempered martensite constitutive parameters. 

𝑇 (
o
C) 𝐸 (GPa) 𝜎𝑦  (MPa) 𝑐3 (-) 𝑐4 (1/s) 

20 215 600 0.25 0.01 

200 207 550 0.25 0.015 

400 198 490 0.25 0.015 

550 156 406 0.15 0.02 

650 114 300 0.04 0.1 

850 40.2 82 0.01 0.1 

 

To account for temperature-dependence, the modelling parameters at different temperatures 

are described using double-sigmoidal equations, to account for values rising and falling with 

temperature. A double-sigmoidal function provided a better fit to the parameter values than 

linear or exponential functions. Some parameters are found to be temperature independent 

(Table 4.7). For martensite, the parameters controlling the sigmoidal formulation are linearly 

related to predicted lath widths. One example is the martensite parameter 𝑐3 (Table 4.3), as 

follows: 

𝑐3 =
𝑞1(𝑇 − 𝑞2)𝑞3

√1 + (𝑞1(𝑇 − 𝑞2))
2

+ 𝑞4 +
𝑞5(𝑇 − 𝑞6)𝑞7

√1 + (𝑞5(𝑇 − 𝑞6))
2

+ 𝑞8 
(4.21) 

where 𝑞1 to 𝑞8 are constants or lath-width dependent parameters, as described in Table 4.10. 

Appendix 4.1 displays the double sigmoidal equations and parameters for the rest of the 

modelling parameters from Tables 4.2 to 4.8. The complete set of results for the individual 

phase calibrations is displayed in Fig. 4.5. 

 

Table 4.4. Temperature-dependent austenite constitutive parameters. 

𝑇 (
o
C) 𝐸 (GPa) 𝜎𝑦  (MPa) 𝑐3 (-) 𝑐4 (1/s) 

400 198 140 0.08 0 

650 114 110 0.15 0.002 

850 40.2 94 0.1 0.02 
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Table 4.5. Temperature-dependent untempered martensite damage parameters. 

𝑇 (
o
C) 𝑎4(-) 𝑥1 (-) 𝑦1 (-) 𝑦2(-) 

20 1.25 2.5 0.41 0.22 

200 1.5 2.5 0.347 0.258 

400 3 2 0.315 0.25 

550 1.5 3 0.612 0.281 

650 0.3 2.5 0.785 0.077 

850 1.5 2.25 0.05 0.029 

 

Table 4.6. Temperature-dependent tempered martensite damage parameters. 

𝑇 (
o
C) 𝑎4 (-) 𝑥1 (-) 𝑦1 (-) 𝑦2 (-) 

20 3.5 2 0.67 0.49 

200 2.2 2 0.646 0.426 

400 2.5 2 0.62 0.424 

550 2.5 3.5 0.674 0.24 

650 1.2 17 0.76 0.04 

850 1.2 2 0.06 0.03 

 

Table 4.7. Temperature-dependent austenite damage parameters. 

𝑇 (
o
C) 𝑎4 (-) 𝑥1 (-) 𝑦1 (-) 𝑦2 (-) 

400 0 1.4 0.1 0 

650 25 1.4 0.81 0 

850 0 1.4 0.1 0 

 

Table 4.8. Temperature- and phase-independent damage parameters. 

Material 𝑎5 (-) 𝑦2 (-) 

Untempered martensite 10 1.3 

Tempered martensite 16 1.25 

Austenite 0 0 

 

Table 4.9. Phase-independent visco-plasticty parameters. 

Parameter Value 

𝛼 𝑧1exp(𝑧2𝑇) 

𝛽 𝑧3exp(𝑧4𝑇) 

𝑧1 2.56 × 10
-4

 s
-1

 

𝑧2 1.94 × 10
-3 

K
-1

 

𝑧3 0.243 MPa
-1

 

𝑧4 -5.85 × 10
-4 

K
-1
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Table 4.10. Identified model parameters for 𝑐3 (martensite) 

Parameter Value 

𝑞1 0.01 (K
-1

) 

𝑞2 200 (
o
C) 

𝑞3 𝑞9 + 𝑞10𝐿𝑤 

𝑞4 𝑞11 + 𝑞12𝐿𝑤 

𝑞5 𝑞13 + 𝑞14𝐿𝑤 

𝑞6 575 (
o
C) 

𝑞7 𝑞15 + 𝑞16𝐿𝑤 

𝑞8 𝑞17 + 𝑞18𝐿𝑤 

𝑞9 0.1508 

𝑞10 2.74 × 10
-4

 (nm
-1

) 

𝑞11 0.43 

𝑞12 7.04 × 10
-4

 (nm
-1

) 

𝑞13 0.0206 (K
-1

) 

𝑞14 9.1 × 10
-6

 (nm
-1

 K
-1

) 

𝑞15 -0.2736 

𝑞16 2.514 × 10
-4

 (nm
-1

) 

𝑞17 -0.30284 

𝑞18 7.084 × 10
-4

 (nm
-1

) 

 

4.2.4 Fatigue response 

In this thesis, attention is focused on strain-controlled, low cycle fatigue response of welded 

material. Kinematic hardening is adopted due to (i) the possibility of thermo-mechanical 

cycling during the multi-pass welding process and (ii) the cyclic plasticity nature of the post-

weld HTLCF tests used for validation. Tensile test data is employed here, as a starting point, 

due to unavailability of comprehensive strain-controlled, cyclic test data for the three 

different phases (tempered, untempered martensite, austenite) at the multiple different 

temperatures, strain-rates and strain-ranges. Therefore, in this chapter, it is assumed that the 

phase-dependent, temperature-dependent hardening parameters can be identified from the 

isothermal, monotonic stress-strain responses of the individual phases across the relevant 

range of temperatures. These parameters are used to predict post-yield hardening in both 

tension and compression during cyclic loading. 
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The behaviour model for the fatigue response consists of a number of different aspects 

covering (i) cyclic evolution of yield stress, (ii) cyclic evolution of dislocation density, and 

(iii) cyclic evolution of dislocation-based damage. (ii) and (iii) are defined to be plastic strain 

and temperature dependent. The fatigue model assumes that within each cycle, tensile 

damage accrues, whilst cyclic damage accrues from cycle to cycle. 

 

It is well known that 9Cr steels experience rapid early cyclic softening, e.g. [33] (see Fig. 

4.9a for rapid softening in the first 100 fatigue cycles). This occurs due to high dislocation-

density in the material allowing for rapid annihilation of dislocations and reduction in 

dislocation-density. As the dislocation-density reduces, the softening rate reduces too. The 

rapid early softening is modelled here as a cyclic decrease in yield stress, as follows: 

𝑑𝜎𝑦

𝑑𝑁
= 𝑎6(𝜎𝑦 𝑚𝑖𝑛 − 𝜎𝑦) (4.22) 

where 𝜎𝑦 𝑚𝑖𝑛  is a temperature-dependent parameter towards which 𝜎𝑦  converges, thus 

serving a similar purpose to the cyclic softening parameter used by Barrett et al. [70]. The 

cyclic decrease in yield stress can be represented with an isotropic-softening parameter, 𝑅, 

which is a separate parameter from 𝜎𝑦  but in Eqn. 4.22, the evolution of 𝜎𝑦  accounts for 

isotropic softening. Equation 4.22 is a simplified representation of the cyclic decrease in yield 

stress used in this chapter. A fuller description of this aspect of the model is detailed in 

Appendix 4.2. 

 

In Eqns. 4.18 and 4.19, normalized dislocation density increases with plastic strain. A similar 

formulation was used in [132] for large deformation during line pipe fabrication. In the 

current work, the application of Eqn. 4.19 is for fully-reversed loading. It was assumed that 

some dislocations which move towards high-angle boundaries during plastic deformation 

return along their path and move away from high-angle boundaries during reversed plastic 
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deformation. Thus within each fatigue half-cycle, the dislocation density increases during 

plastic deformation and reduces at the onset of reversed plastic deformation before increasing 

again with increasing plastic deformation. This reduction was represented as a cyclic change 

in normalized dislocation density, which is calibrated against data in [33] (Fig. 4.6a):  

𝑑�̅�𝑎

𝑑𝑁
= �̅�𝑎(1 − 𝜓1) (4.23) 

𝜓1 = 𝑘1𝑝 + 𝑘2 + 𝑇(𝑘3 + 𝑘4𝑝) (4.24) 

where 𝑘1 , 𝑘2 , 𝑘3  and 𝑘4  are constants (see Table 4.11) and 𝑝  is effective plastic strain 

experienced from the initial onset of yield until elastic unloading. Different values of 𝜓1 are 

identified for different plastic strain ranges and different temperatures and a bilinear 

relationship between 𝑝 and 𝑇 was used to define Eqn. 4.24, as shown in Fig. 4.9a. A similar 

equation to 4.23 is applied to also define cyclic evolution of �̅�𝑟. 

 

Within one fatigue half-cycle, Eqns. 4.18 and 4.19 are used to define the dislocation-density, 

hardening and damage. When the material unloads, Eqns. 4.23 is used to define a new value 

of normalised dislocation density and this new value will be the initial value of dislocation-

density going into the next fatigue half-cycle. This modelling method is analogous to taking 

account of prior plastic deformation from one fatigue cycle to the next, as seen in the works 

of Okorokov et al. [218, 219]. 

 

An additional damage term, 𝐷2, introduces secondary softening, as follows: 

𝐷2 = 𝑎1 (1 −
(�̅�𝑟 �̅�𝑎⁄ )

𝑦3
)

𝑥2

 (4.25) 

where 𝑎1 and 𝑥2 are the same as in Eqn. 4.20. The new parameter 𝑦3 evolves cyclically as 

follows: 
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𝑑𝑦3

𝑑𝑁
= 𝑘5𝑝 + 𝑘6 + 𝑇(𝑘7 + 𝑘8𝑝) (4.26) 

where 𝑘5, 𝑘6, 𝑘7 and 𝑘8 are constants (see Table 4.11). The parameter 𝑦3 starts at a low value 

and increases cyclically until it reaches the (reducing) dislocation-density ratio, at which 

point failure is predicted to occur.  

 

Figure 4.9 shows the identification process of the parameters 𝑘5 , 𝑘6 , 𝑘7  and 𝑘8  across 

different temperatures and plastic strains (corresponding to different plastic strain ranges):  

 After the monotonic constitutive model is developed, a uniaxial simulation is 

conducted. Cyclic softening (Eqn. 4.22) reduces the peak tensile cyclic stress. The 

parameter 𝜓1 (Eqn. 4.24) is then fitted to provide secondary softening (dashed line, 

Fig. 4.9a).  

 When 𝜓1 is fitted, the uniaxial simulation can be repeated to track the evolution of the 

dislocation-density ratio �̅�𝑟 �̅�𝑎⁄  (Fig. 4.9b). This ratio can be checked when the 

simulation reaches the number of cycles at which failure occurs, according to test data 

[33]. This provides 𝑦3 and  𝑑𝑦3 𝑑𝑁⁄  values, assuming an initial 𝑦3-value of zero (Fig. 

4.9b).  

 The plastic strain, 𝑝, in each cycle can be calculated based on the simulation results 

and an average value taken (Fig. 4.9c).  

 For a range of strain ranges (0.5% to 2%) and temperatures (550
o
C to 600

o
C), values 

of 𝑝 and 𝑑𝑦3 𝑑𝑁⁄  can be identified (Fig. 4.9d). The linear relationship is of the form 

𝑎𝑥 + 𝑏, which can then be separated to find the temperature dependence of 𝑎 (Fig. 

4.9e) and 𝑏 (Fig. 4.9f). This process identifies the modelling parameters 𝑘5, 𝑘6, 𝑘7 

and 𝑘8. 

 



 

147 
 

  
(a) (b) 

  
(c) (d) 

  
(e) (f) 

Fig. 4.9. The identification of the parameters 𝑘5, 𝑘6, 𝑘7 and 𝑘8, based on uniaxial simulations 

between 550
o
C and 600

o
C, strain range 0.5% to 2%. In (a), the test data corresponds to 

550
o
C, 1.2% strain range. Note that in (e), the vertical axis refers to the value of ‘𝑎’ in 

‘𝑎𝑥 + 𝑏’ from (d) and that in (f), the vertical axis refers to the value of ‘𝑏’ in ‘𝑎𝑥 + 𝑏’ from 

(d). 

 

Table 4.11. Identified cyclic dislocation-density and damage model parameters 

Parameter Value 

𝑘1 -63.7 

𝑘2 4.8 

𝑘3 -0.008 

𝑘4 0.1274 

𝑘5 4.8569 

𝑘6 -0.051 

𝑘7 8 × 10
-5

 K
-1

 

𝑘8 -0.0077 K
-1
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Figure 4.10 describes how Eqns. 4.22 to 4.26 correspond to different aspects of 9Cr steel 

cyclic response. Equation 4.22 corresponds to primary cyclic softening in the first 40 to 50 

cycles. Equation 4.24 was calibrated to provide the secondary softening via Eqn. 4.23. 

Equation 4.26 was calibrated to provide the final cyclic damage described in Eqn. 4.25. 

Figure 4.10 displays test data from Shankar et al. [33], showing two test temperatures. In this 

Chapter, the calibration test data was limited to the temperature range of 550
o
C and 600

o
C as 

this was considered representative of typical power plant operating temperature range. 

 

 
Fig. 4.10. Results for the calibration of the fatigue model peak stress per cycle (line) against 

published P91 PM data (points) from Shankar et al [33] at 550
o
C and 600

o
C, strain range 

1.2% and strain rate 0.3%/s with the primary softening, secondary softening and final failure 

regions highlighted. 

 

The material model is described in the flowcharts in Figs. 4.11 to 4.13. State-dependent 

variables (SDVs), including damage, dislocation density, microstructure variables, etc., are 

called from the previous step in the analysis. For the first step, material parameters are 

initialized. The model reads in thermal data from the results of the thermal simulation and 

calculates phase volume fraction, hardness and other microstructure evolution. Based on 

temperature and lath width, constitutive parameters are calculated and combined via a rule-
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of-mixtures approach for austenite and martensite. A strain increment is applied either due to 

thermal expansion, metallurgical strain or applied strain during cyclic loading and the yield 

criterion is checked. If the material yields, then an implicit, Newton-Raphson iterative solver 

is applied to calculate the constitutive response. The direction of the loading during yielding 

for the current step is compared to the direction during the previous step and the cyclic 

parameters in Eqns. 4.22 to 4.26 are updated if the loading direction has changed. Finally 

Hooke’s Law is applied to calculate stress increments for the applied strain increments. 

 

 

Fig. 4.11. The user material subroutine’s flowchart, from calling state-dependent variables 

from the previous step, through the microstructure evolution model, the constitutive model 

and the Newton-Raphson implicit solver and updated SDVs. 
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This work focuses on the fatigue response of a cross-weld specimen. The weld metal in the 

cross-weld specimen was specified as an elastically-perfectly-plastic material. The 

temperature-dependent Young’s modulus for the WM was taken from Yaghi et al. [55].  

 

At high temperatures, above the highest calibration temperature of 850
o
C, for example, the 

material is defined as being perfectly plastic. The temperature-dependent Young’s modulus 

decreases with temperature and is defined in the Abaqus UMAT to saturate at 1 GPa. 

 

 
Fig. 4.12. The user material subroutine’s flowchart for solid-state phase volume fraction 

evolution. 
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Fig. 4.13. The user material subroutine’s flowchart for implicit Newton-Raphson solver for 

the constitutive equations. 

 

4.2.5 FE Simulation 

The specimen simulated in this work represents a CW specimen (Fig. 4.14). An axi-

symmetric geometry, radius 3.5 mm and height 20 mm, was created and four weld passes 

were applied to it. The mesh element types were DAXC8 for thermal analysis and CAX8R 

for structural analysis.  
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Fig. 4.14. The axi-symmetric cross-weld simulation geometry used in this work with the weld 

pass sequence (labelled 1 to 4) and positions a to d on the outside surface. 

 

For the current work, the heat was supplied by a temperature boundary condition as this was 

the most convenient for the purposes of this work, which is to demonstrate a through-process 

methodology. Each of the four welding passes involved heating the material to a temperature 

of 1600
o
C, exceeding the material melt temperature of 1500

o
C from Yaghi et al. [55], over a 

0.25 s period and holding at that temperature for a further 0.25 s. The inter-pass time was 30 s. 

To expedite the simulation, the material was forcibly cooled to 25
o
C at 30 s after the final 

weld pass, with a 30 s quench at a constant cooling rate, rather than allowing natural cooling. 

This simplification did not influence the microstructure evolution because the predicted 

temperature at the start of the quench was low enough that microstructure evolution had 

already completed. 
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Post-weld heat treatment (PWHT) was simulated at 750
o
C for 300 s and 600 s, with 100 s 

heating and cooling times. The material was then reheated to 600
o
C and subjected to fully-

reversed fatigue loading, for comparison with the test data of Shankar et al. [33]. 

 

4.3 RESULTS 

4.3.1 Constitutive model – validation 

Touboul et al. [43] used digital image correlation (DIC) to infer monotonic tensile stress-

strain responses for ICHAZ and PM (as well as CGHAZ, FGHAZ and WM) from a P91 

cross-weld flat test specimen at room temperature (RT) and at 625
o
C; relevant microstructure 

data, viz. hardness and PAG size, was also presented for the various heat-affected regions. 

The latter data (hardness and PAG size) are used as inputs to the constitutive model of the 

present work. The stress-strain test data of the material regions are not used as inputs to the 

model. A comparison of the resulting RT and 625
o
C stress-strain responses of the separate 

material regions (Fig. 4.15a) are shown in Fig. 4.15b. Note that these model predictions are 

not based on the through-process model. Rather, an FE geometry was partitioned into 

separate HAZ regions and prescribed the microstructure properties from [43] and the local 

stress-strain histories were recorded. It is clear that the model predicts the qualitative general 

trend of lower strength and ductility for the ICHAZ, relative to the PM, for both temperatures.  
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(a) (b) 

Fig. 4.15. (a) A description of the FE geometry for comparison against DIC measured 

response and (b) comparison of the predicted PM and ICHAZ responses (lines) to DIC 

measured responses (points) at room temperature and at 625
o
C.  

 

 

4.3.2 Welding microstructure evolution 

Figure 4.16 shows evolution of PAG size during the welding simulation. The HAZ is clearly 

visible as the region in which the microstructure has been altered from that of the PM. From 

the evolution of the PAG size, the locations of the ICHAZ, FGHAZ and CGHAZ can be 

predicted. Microstructure evolution is not simulated in the WM. The initial PAG size was 50 

m and welding led to sizes as small as ~1 m. It is noted that the CGHZ is predicted to have 

smaller grains than the PM. This occurs due to the method by which Eqn. 4.12 was applied, 

where grain growth is delayed until recrystallization completes. This has the effect of under-

predicting grain growth. However, for the purposes of this work, where the focus is on fine-

grained regions, under-prediction of the CGHAZ PAG size is considered acceptable and can 

be remedied in later iterations of the through-process model.  
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                    (a)      (b)      (c)           (d) 

Fig. 4.16. Predicted prior-austenite grain size contour plots after (a) 1, (b) 2, (c) 3 and (d) 4 

passes. Note that WM microstructure evolution is not simulated. 

 

Figure 4.17 shows the lath width evolution of the material during the welding simulation 

(initial state, after the second weld pass and after the fourth weld pass) along two discrete 

paths, labelled in the figure. 

 

 
Fig. 4.17. Predicted lath width contour plots for the initial state, after the second weld pass 

and after the fourth weld pass along paths (1) and (2) highlighted in the schematic of the 

geometry.  

 

It can be seen that the lath width reduces significantly after a weld pass, which represents the 

presence of new, untempered material. Regions close to the fusion line remain hotter for 

longer than regions further from the fusion line and some lath-coarsening due to auto-
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tempering is predicted. The majority of this auto-tempering is predicted to occur by the end 

of the second weld pass and only a slight change is predicted by the end of the fourth pass. 

Overall, the initial lath width was 611 nm and laths as small as ~220 nm were predicted after 

welding. After 600s of PWHT at 750
o
C, the lath width generally increased and ranged from 

~268 nm to 625 nm.  

 

Figure 4.18 shows the through-process predicted surface hardness distributions for the as-

welded (AW) state, as well as after each of the PWHT processes, for the outside surface of 

the CW specimen, between points a and b in Fig. 4.14. The model clearly predicts a reduction 

in hardness distribution with increasing PWHT time. The initial hardness (before welding) 

was 255 kgf/mm
2
; the predicted peak as-welded hardness is 287 kgf/mm

2
, and the predicted 

peak hardness after 600 s of PWHT is 275 kgf/mm
2
. This reduction in hardness occurs after 

only 10 minutes of PWHT, hence the relatively small reduction but Fig. 4.18 demonstrates 

the through-process model’s capacity to respond to PWHT.  

 
Fig. 4.18. Post-weld Vickers hardness along the outside surface of the specimen from points a 

to b (see Fig. 4.14) for the as-welded (AW) case and for different PWHT times at 750
o
C. 
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4.3.3 High-temperature, low-cycle fatigue response 

Figure 4.19 shows a sample predicted cyclic response at 600
o
C (strain range 2%, strain rate 

0.3%/s) for the as-welded specimen. Table 4.12 shows a comparison of the tests, from 

Shankar et al. [33], and model-predicted results for CW and PM fatigue lives.  

 

 
Fig. 4.19. The predicted stress-strain response for the as-welded case at 600

o
C, strain range 

3%, strain rate 0.3%/s.  

 

It can be seen in Table 4.12 that the measured CW lives [33] are lower than those of the PM 

and that this result is replicated by the model. The model predicts a greater weld life 

reduction factor (WLRF), 𝑊𝐿𝑅𝐹 = 𝑁𝑓
𝑃𝑀 𝑁𝑓

𝐶𝑊⁄ , than the test data, attributable to shorter 

PWHT times, which were chosen (i) to reduce computation time while still demonstrating the 

model’s ability to include the effects of PWHT and (ii) because the predicted effects of 

PWHT appeared to reach a stabilized value within the durations modelled in the present study. 

Clearly, the model-predicted CW lives and WLRF values converge towards the test data with 

increasing PWHT time, from as as-welded 𝑁𝑓 = 118 , 𝑊𝐿𝑅𝐹 = 2.34 , to 𝑁𝑓 = 192 , 

𝑊𝐿𝑅𝐹 = 1.44 after 30 min PWHT compared to the test data's 𝑁𝑓 = 226, 𝑊𝐿𝑅𝐹 = 1.27. 



 

158 
 

Figure 4.20 shows graphically the information in Table 4.10 pertaining to predictions for the 

2% strain-range cases. It is concluded that the model successfully predicts the WLRF for this 

situation. 

 

Table 4.12. Comparison between model and data [33] cycles to failure at 600
o
C, including 

weld life reduction factor (WLRF) 
Data Strain range (%) Nf (PM) Nf (CW) PWHT (mins) WLRF 

Test 2 287 226 180 1.27 

 0.8 1340 1230 180 1.09 

 0.5 2690 2250 180 1.20 

Model 2 276 118 0 (As-welded) 2.34 

   178 10 1.55 

   188 15 1.47 

   192 30 1.44 

 3 112 72 0 (As-welded) 1.57 

   72 10 1.55 

   73 30 1.53 

 

 

 
Fig. 4.20. Model predictions of the effect of PWHT (at 750

o
C) time on HTLCF WLRF up to 

30 min and a prediction of the WLRF at 180 min based on the trend set by the model 

predictions compared to HTLCF test data [33] (strain range 2%, strain-rate 0.3%/s, 600
o
C) 

 

A sensitivity study was conducted for the as-welded cross-weld specimen to examine the 

separate influences of the hardness evolution model (Eqn. 4.4) and the PAG size evolution 

model (Eqns. 4.11 and 4.12) on the predicted number of cycles to failure by deactivating 

those aspects of the model, e.g. the through-process modelling methodology was applied with 
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fixed hardness values or fixed PAG values. The predicted life at a 3% strain range was not 

significantly affected in either case and at lower strain ranges, the predicted as-welded lives 

for both cases approached those of the test data [33], despite the test data pertaining to post-

weld heat treated material, indicating non-conservative life predictions. Therefore, especially 

for low strain-ranges, both hardness and PAG size evolutions should be taken into account to 

avoid overly non-conservative fatigue life predictions. At the same time, it is clear that 

ignoring the effects of hardness and PAG size would make the distinctions in material 

performance displayed in Fig. 4.15 impossible to predict using the model presented in this 

chapter, indicating that their inclusion is necessary in order to make physically-representative 

constitutive predictions. 

 

The present through-process model predicts a range of lives for the 2% strain-range CW 

(depending on PWHT time), from 118 cycles to 192 cycles (see Table 4.12), all of which are 

lower than the predicted PM life. It is clear from Table 4.12 that the longest PWHT time 

prediction gives the closest correlation to the test data (2% range). For the 3% case, the effect 

of PWHT on improving the WLRF is slight compared to the 2% case. The model predictions 

presented here capture the detrimental effect of welding on the material response as well as 

the beneficial effect of PWHT.  

 

Figure 4.21 shows the predicted damage evolution for the as-welded case after different 

numbers of strain-controlled HTLCF cycles. For clarity, the damage contour plot is limited to 

damage above 0.8, which helps highlight failure regions. The model predicted negligible 

damage due to the welding process. Damage was predicted to be negligible until the 78
th

 

cycle (Fig. 4.21a), when a small damaged region was predicted in the FGHAZ. This damage 

was predicted to grow rapidly throughout the FGHAZ and ICHAZ (Fig. 4.21b) until final 
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failure after 118 cycles. As expected, little or no damage was predicted for the CGHAZ. 

Damage nucleation occurred in regions close to where the smallest PAG and lath sizes 

occurred, e.g. where the material was most brittle. This demonstrates the detrimental effect of 

untempered martensite on HAZ failure.  

 

 
                                  (a)                 (b)            (c)         

Fig. 4.21. Predicted damage evolution in the as-welded (no PWHT) cross-weld specimen 

after (a) 74 cycles, (b) 92 cycles and (c) 104 cycles at 600
o
C and a strain-range of 2%. Note 

that WM microstructure evolution is not simulated. 

 

Figure 4.22 shows additional results pertaining to the microstructure during the 74
th

 fatigue 

cycle, which corresponds to Fig. 4.21a. The circled areas correspond to the damage 

nucleation site in Fig. 4.21a. It is clear in Fig. 4.22a that there was a locally high dislocation 

density, �̅�𝑟, at the position corresponding to the damage nucleation site. As the damage model 

is dislocation-density based, regions of high dislocation-density are likely to be damage 

nucleation sites. Furthermore, in Fig. 4.22b and 4.22c, it is clear that there were locally high 

values for the parameters 𝑦2 and 𝑦3. The higher these values, the more likely it is for damage 

to occur according to Eqns. 4.20 and 4.25. These two parameters are determined by lath-with 
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and temperature. The FGHAZ is a region of narrow lath width and therefore of higher values 

of 𝑦2 and 𝑦3, leading to greater susceptibility to damage. 

 

   

(a) (b) (c) 

Fig. 4.22. Predicted values of (a) �̅�𝑟, (b) 𝑦2 and (c) 𝑦3 with the location of damage nucleation 

after 74 cycles at 600oC with a strain-range of 2% circled, showing realtively high values for 

each. 

 

Figure 4.23 shows that the predicted effect of increasing PWHT time is to increase fatigue 

life, although this effect is predicted to saturate after approximately 15 minutes.  

 

 
Fig. 4.23. The influence of PWHT time at 750

o
C on the number of cycles to failure for the 

given loading conditions. 
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Hardness testing is a common, non-destructive method for condition monitoring of material. 

Figure 4.24 shows that predicted CW life can be correlated with hardness gradient (see Fig. 

4.18) across the HAZ as predicted by the model. Correlating discrete hardness values with 

life is highly dependent on the location of the sampling point within the HAZ. Thus the 

ability of the microstructural model to determine the hardness gradient across the entire HAZ 

provides a useful life prediction capability in this weld design tool. 

 

 
Fig. 4.24. The correlation between the slope of the Vickers hardness, �̅�, through the HAZ 

and the number of cycles to failure, 𝑁.  

 

4.4 Conclusions 

A through-process model for welding and post-weld thermo-mechanical tensile and cyclic 

response is presented for 9Cr ferritic-martensitic steel. The model incorporates empirically-

based evolutions of hardness, solid-state phases, lath width and prior austenite grain size, and 

explicitly simulates the effects of process-induced thermal history and associated thermo-

mechanical response on these variables and vice-versa. Some key conclusions are as follows: 

 The model predicts the evolution of a welding-induced heat-affected zone which is 

qualitatively consistent with experimentally-observed trends in prior-austenite grain 
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size, hardness, lath width and regions in which austenite transformation occurred at 

high temperature.  

 Inter-critical and fine-grained heat-affected regions of untempered martensite, with 

associated lath refinement are predicted, leading to localized hardening and reduced 

ductility for a given weld geometry. 

 The detrimental effects of welding on high temperature fatigue response viz. WLRF, 

consistent with experimental observations, are thus represented in the modelling 

methodology. 

 The beneficial effect of post-weld heat treatment on lath recovery (tempering) is also 

simulated, leading to an associated recovery in cyclic behavior and (low cycle) fatigue 

performance from the as-welded condition. A 10-minute PWHT at 750
o
C increases 

predicted welded life by 50% for a 2% strain-range HTLCF test at 600
o
C. 

 The predicted number of cycles to failure is shown to correlate closely with predicted 

Vickers hardness gradient across the heat-affected zone. 
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Chapter 5 

A process-structure-property model for welding of 9Cr steel and in-service 

cyclic plasticity response with inclusion of carbide precipitate evolution 

effects: application to welding process parameters 

5.1 Introduction 

The through-process models presented in the previous chapters consistently predicted 

weakness in ICHAZ material regions. In Chapter 4, the predicted damage cracks nucleated 

and propagated through the IC-FGHAZ. These results are consistent with experimental 

results. Furthermore, the predicted cyclic life and weld-life reduction factor was consistent 

with test data. However, the work presented in Chapter 4 had certain limitations that are 

addressed in the current chapter. Several key further developments to the model presented in 

this chapter are described below. 

 

In Chapter 4, the monotonic damage model required a large number of parameters. In the 

current chapter, a cyclic-softening damage-indicator, which significantly reduces the number 

of modelling parameters, is used, since the main focus is to predict the effect of welding on 

fatigue life, due to the increased cyclic operation of power plant discussed in Chapter 1. The 

isotropic cyclic-softening model in this chapter is calibrated against a wider range of cyclic 

test data, based on the published work of Nagesha et al. [181], than in Chapter 4. 

 

The microstructure-evolution model has been enhanced in two main ways. The first is the  

inclusion of M23C6 carbide precipitate diameter and area-fraction, since precipitates are 

considered to be a key source of strength in 9Cr steel [23, 30] and its weldments [220]. The 

second enhancement is that the lath-width evolution has been made independent of prior-
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austenite grain size evolution. This is more representative of observed microstructure 

evolution, e.g. discussion of microstructure evolution during tempering [62, 72, 221], ageing 

[222] or creep [198], to the author’s knowledge, does not include details of PAG evolution.  

 

In the current chapter, the model is applied to multi-pass welding, PWHT and in-service 

loading of P91 pipe material, so that the analysis most closely represents industrial 

application compared to the HTLCF specimens of Chapter 4 or the stress coupons of Chapter 

3. The dimensions of the geometry and the loading profiles are taken from real plant 

components and associated operational history, as provided by ESB International [216, 223, 

224]. Validation of the constitutive model is also made against TMF test data for P91 PM 

from Barrett et al. [225]. 

 

The geometry and loading is discussed in Section 5.2. Sections 5.3 and 5.4 discuss the 

updated microstructural and constitutive models, respectively. Section 5.5 displays the results 

of the analyses and Section 5.6 discusses the major findings. Section 5.7 presents the 

conclusions of the chapter.  

 

5.2 Geometry and loading 

5.2.1 Geometry 

As in the previous chapter, the FE model is axisymmetric (Fig. 5.1), consistent with a girth-

welded pipe geometry. The geometry represents a welded pipe of wall thickness of 36 mm, 

internal diameter 300 mm and length 300 mm. The chamfer-angle for the weld metal is 60
o
 

and the two ends of the pipe are 4 mm apart prior to welding.  The element type used is the 

same as that of the previous chapters for both thermal and mechanical analyses. 
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5.2.2 Loading condition 

For the welding simulation, the material thermal properties for the steel are the same as used 

in previous chapters. Three welding processes were examined and compared. These 

processes are described in Table 5.1. For each case, preheat and inter-pass (PHIP) 

temperature was either 350
o
C or 400

o
C. The entire geometry (Fig. 5.1) was heated to this 

temperature before the first weld bead was laid. Throughout the welding simulation, the sink 

temperature was defined to be the same as the PHIP temperature to prevent the material 

cooling below the PHIP temperature. For the validation against TMF data, the temperature-

range is 400
o
C to 600

o
C, strain-range 0.8% for symmetric tests and 0.5% to 0.6% for non-

symmetric tests, for in-phase and out-of-phase TMF loading. 

 

For the welding simulation weld beads, the temperature load was applied as a temperature 

boundary condition with a 1 second ramp from 350
o
C or 400

o
C to a peak temperature, which 

was selected to ensure that each weld bead surpassed the material melt temperature of 1500
o
C, 

followed by a 0.5s hold at peak temperature. The welding simulation contained 24 weld 

passes, as shown in Fig. 5.1. The temperature boundary condition used in this work is 

representative of gas tungsten arc welding (GTAW) with a voltage of 28 volts, a current of 

200 amps and a torch speed of 4.66 mm/s. It served as a means of locally heating the material 

to representative temperatures with representative heating and cooling rates to ensure 

representative microstructure evolution. 

 

After welding, the geometry was reheated to either 750
o
C or 780

o
C and held at that 

temperature for 70 minutes. This dwell at elevated temperature represented post-weld heat 

treatment and allowed microstructure evolution to occur and for residual stresses, where 

present, to relax. 
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(a) 

 
(b) 

Fig. 5.1. (a) A schematic of the axisymmetric FE welding geometry with the 24 weld beads 

labelled (dimensions in mm), as well as (b) the temperature heating profile associated with 

each weld bead. 

 

After welding, in-service pressure and temperature loading is applied [223], as inferred from 

power plant flexible operational cycles, each lasting 57 hours, as described in Fig. 5.2. To 

avoid significant and prohibitive computational overhead, only 25 cycles are simulated. 

These cycles correspond to ‘hot starts’ (turbines are shut down but not for long enough for 

components to cool below 200
o
C [226]). 25 hot starts can correspond to multiple years of 

service’s worth of hot starts in a component, or about 10% of the hot starts experienced in a 
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20-year component history [226]. Due to the occurrence of continuous cyclic softening, a 

linear extrapolation from the 25-cycle result is implemented to infer a damage-initiation time 

for each material point. 

 

The purpose of a weld design tool is to optimise the welding process to improve the predicted 

service life of components. To illustrate this capability, four different welding processes were 

simulated. Three cases (Cases A, B and C) are described in Table 5.1. An additional case, 

Case D, was modelled using the same welding and heat treatment process as Case A, but with 

welding residual stress (WRS) effects included. Cases A, B and C neglected the effects of 

WRS in order to isolate the relative microstructure-related effects of the different welding 

heat treatments. 

 

Table 5.1. A description of the three welding simulation cases. 

Case PHIP temperature (
o
C) PWHT temperature (

o
C) 

A 350 750 

B 400 750 

C 350 780 

 

  
(a) (b) 

Fig. 5.2. The assumed in-service(a) temperature-time and (b) pressure-time histories to which 

the FE geometry is subjected following welding and PWHT. 
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5.3 Microstructure model 

The microstructural model in this chapter includes (a) solid-state phase change, (b) prior 

austenite grain (PAG) size evolution, (c) hardness evolution, (d) lath-width evolution and (e) 

M23C6 carbide precipitate diameter and area fraction. Solid-state phases and PAG sizes are 

assumed to be unaffected by PWHT, whereas the hardness, lath-width and carbide precipitate 

evolutions are assumed to be affected by both welding and PWHT. 

 

5.3.1 Solid-state phase change 

The evolution of solid-state phases was modelled in an identical manner to that used in the 

previous chapter.   

 

5.3.2 PAG size 

Prior-austenite grain size was modelled in a similar manner to that in the previous chapter 

(Section 4.2), based on simulated welding test data from Milovic et al. [72]. In this chapter, 

however, the isothermal heat-treatment data from Ennis et al. [23] was not used to calibrate 

the model. Isothermal dwells at normalising temperature were not considered representative 

of a typical welding process, hence calibration against the simulated welding data only. 

Another key difference is that an opportunity was seen to reduce the number of modelling 

parameters for PAG evolution compared to the previous chapter, leading to the use of some 

different modelling equations.  

 

For modelling purposes, an initial PAG size of 38 m is assumed in the material. This PAG 

size is representative of 9Cr steel. PAG size evolution is, as in the previous chapter, defined 

in two parts, corresponding to recrystallization and grain growth. The first part is given in 

incremental form as: 
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𝑑(𝑡 + Δ𝑡) = (𝑑(𝑡) − 𝑑min)(1 − ∆𝑆) + 𝑑min  (5.1) 

where 𝑑(𝑡 + Δ𝑡) is the updated grain size and 𝑑(𝑡) is the current grain size. 𝑑min is minimum 

grain size, with recrystallized volume fraction, 𝑆, defined to evolve as follows: 

∆𝑆 = 𝑐5∆𝑇 For 𝑇 ̇ > 0 (5.2) 

where 𝑐5 is a constant and 𝑇 ̇ = ∆𝑇 ∆𝑡⁄ , where 𝑡 is time. In this work, a dot over a variable 

indicates differentiation with respect to time. The recrystallized volume fraction is initially 

zero. When recrystallisation completes (𝑆 = 1), grain growth may occur: 

𝑑 ̇ =
𝑐6

𝑑
  (5.3) 

where 

𝑐6 = 𝑐7𝑒𝑐8𝑇  (5.4) 

with 𝑐7 and 𝑐8 as constants. Equation 5.2 is idealised as being solely temperature-dependent. 

While this will result in no recrystallization taking place during dwells at high temperature, 

which does not represent the physics of recrystallization. However, during multi-pass 

welding, dwells are not expected at the high temperatures associated with recrystalisation, so 

it was not considered necessary to account for purely time-dependent recrystallization. 

Equations 5.3 and 5.4 are based on Otswald-type growth equations, as shown in Eqn. 2.27 

and 2.28 [30]. 

 

This model was calibrated against simulated welding data from Milovic et al. [72], as shown 

in Fig. 5.3. The parameters for the grain evolution model are shown in Table 5.2. It is clear 

that the number of modelling parameters is reduced compared to the previous chapter (e.g. 

observe Fig. 4.3, which presents three temperature-dependent parameters, compared to the 

four constants in Table 5.2).  
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Fig. 5.3. Calibration of the grain evolution model (line) against test data [72] (points). 

 

Table 5.2. Identified parameters for the phase-transformation and grain-size evolution models. 

Parameter Value 

𝑑min 1 m 

𝑐5 0.0071 K
-1

 

𝑐7 2.8 ×10
-4

 s
-1

 

𝑐8 9.45 ×10
-3

 K
-1

 

 

5.3.3 Hardness evolution 

The hardness evolution model is similar to that used in the previous chapter; however it has 

been simplified to reduce the number of modelling parameters. As in the previous chapter, 

hardness is taken as the room-temperature hardness value, so hardness evolution at high 

temperature, e.g. during tempering, is predicting the hardness that could be measured after 

the material cools. It is assumed that the cooling rate will always be sufficiently rapid to 

produce martensite after cooling, as opposed to producing softer ferrite (see Fig. 3.4), and 

that test data obtained from quenching heated 9Cr material is acceptable as calibration data 

for the model.  

 

The hardness, 𝐻, is assumed to follow an asymptotic equation, as follows: 

𝐻 ̇ = 𝜇5(𝐻𝐿 − 𝐻)  (5.5) 
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where 

𝜇1 = 𝜇6 + 𝜇7𝑇  (5.6) 

and 

𝐻𝐿 = 𝜇8 + 𝜇9𝑇  (5.7) 

with 𝜇6 to 𝜇9 as constants. During tempering, the softening is found to be well represented by 

an asymptotic equation; this equation can also be adopted for hardening during welding and 

is reflective of the physical processes controlling hardness, such as the formation of high 

dislocation-density, newly-formed martensite. This is partially controlled by the carbon 

content of the steel. The material cannot get infinitely harder so a limiting value is assumed. 

The hardness model was calibrated against data from Potirniche et al. [4], as shown in Fig. 

5.4, leading to the identified parameters shown in Table 5.3.  

 

 
(a) 

 
(b) 

Fig. 5.4. Calibration of the hardness evolution model (lines) against test data [4] (points) for 

(a) normalising and (b) PWHT conditions. 
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5.3.4 Lath-width evolution 

The lath width, 𝐿𝑊, evolution model used here is also improved relative to that used in the 

previous chapter.  It is more physically realistic by virtue of the lath width being independent 

of PAG size, as previously highlighted in Section 5.1, as follows: 

�̇�𝑊 = 𝜇10(𝐿Lim − 𝐿𝑊) + 𝜇11𝐻 ̇   (5.8) 

where 

𝐿Lim = 𝜇12𝑒𝜇13𝑇  (5.9) 

is an asymptotic limit for the lath width during short-term heat treatment with 𝜇10 to 𝜇13 as 

constants. As shown in Fig. 5.5a, the first term in Eqn. 5.8 was calibrated against data from 

Ennis et al. [23] for relatively short time durations whereas the second term, which allows for 

lath evolution over longer time durations, was calibrated against data from Barbadikar et al. 

[30], as shown in Fig. 5.5b. The latter is important for through-process modelling and 

prediction of in-service behaviour. The identified parameters are shown in Table 5.3.  

 

  
(a) (b) 

Fig. 5.5. Calibration of (a) the asymptotic lath-width (𝐿𝑙𝑖𝑚), based on data from Ennis et al. 

[23] and (b) the lath-width-hardness relationship, based on data from Barbadikar et al. [30]. 

Lines represent the model, points represent test data. 
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Table 5.3. Identified parameters for the hardness and lath evolution models. 

Parameter Value (T<820
o
C) Value (T>820

o
C) 

𝜇6 -5 ×10
-4

 s
-1

 -5 ×10
-3

 s
-1

 

𝜇7 1.15 ×10
-6

 s
-1

K
-1

 1.15 ×10
-5

 s
-1

K
-1

 

𝜇8 577 kgf mm
-2

 423 kgf mm
-2

 

𝜇9 -0.5 kgf mm
-2

 0.5 kgf mm
-2

 

𝜇10 0.0006 s
-1

 

𝜇11 -2.25 × 10
-6

 mm
3
kgf

-1
 

𝜇12 38.1 nm 

𝜇13 0.0032 K
-1

 

 

5.3.5 M23C6 precipitate evolution 

Precipitate modelling is a new feature relative to the previous chapter. Carbide precipitates 

are a key strengthening mechanism in 9Cr steel by acting to pin dislocations, as discussed in 

Section 2.2. However, carbides can coarsen during in-service loading, and thus may have 

significant influence on component behaviour, e.g. as carbides coarsen or are consumed by 

Laves phase, the material weakens. In this work, the M23C6 precipitate area fraction and 

diameter is modelled. As with the hardness model presented in Section 5.3.2, the precipitate 

model predicts room-temperature diameter and area fraction, since measurements of their 

values for calibration purposes are typically conducted at room temperature. 

The area fraction of precipitates, 𝐴𝜃, is defined to evolve as follows during PWHT: 

�̇�𝜃 =
𝑚1 + 𝑚2𝑇

𝑚3 + 𝐴𝜃
  (5.10) 

with 𝑚1, 𝑚2 and 𝑚3 as constants, shown in Table 5.4. Equation 5.10 is of a similar form to 

Eqn. 5.3, and is similarly based on an Otswald-type growth model. If the area-fraction of 

M23C6 precipitates increases then carbon is removed from the surrounding martensite matrix. 

Equation 5.10 is calibrated against P92 data [30], taken here as representative of P91, in the 

absence of published data for the latter, as shown in Fig. 5.6.  
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When the material reaches high temperatures during welding, the area fraction of precipitates 

reduces, due to precipitates going into solution. Phase calculations by Shen et al. [227] 

showed a rapid decrease in the mole % phase of M23C6 above a temperature of 800
o
C. It is 

assumed that the area fraction of precipitates follows a similar reduction. A linear relationship 

with temperature was assumed since the dissolution process appears to be rapid: 

�̇�𝜃 = 𝑛1𝑇  (5.11) 

where 𝑛1 is a constant, shown in Table 5.4. 

 

The precipitate diameter, 𝜃, evolution during PWHT, creep and ageing is defined, based on 

an Otswald-type model similar to Eqn. 5.3 and 5.10, as follows: 

𝜃 ̇ = (
𝑚4

𝑚5 + 𝜃
) (1 −

𝜃

𝜃𝐿
)

𝑚6

  (5.12) 

where  

𝜃𝐿 = 𝑚7 + 𝑚8𝑇 + 𝑚9𝜎  (5.13) 

is a limiting value and 𝑚4 to 𝑚9 are constants, shown in Table 5.4.  

 

Equations 5.12 and 5.13 were calibrated against published representative data from a range of 

sources
 
[23, 30, 34, 58, 76], as shown in Fig. 5.6. Similar to the reduction in the area fraction 

of precipitates in Eqn. 5.11, the precipitate diameter decreases at high temperatures: 

𝜃 ̇ = 𝑛2𝑇  (5.14) 

where 𝑛2 is a constant, shown in Table 5.4.  

 

The aspects microstructure evolution presented here provides a more comprehensive 

microstructure model than in the previous chapter. As shall be shown in the next section, 

each of the microstructure features contribute to the constitutive model. The solid-state 



 

176 
 

phases affected yield stress and post-yield response and enabled identification of ICHAZ 

material, PAG size affected the visco-plastic response and enabled identification of FGHAZ 

and CGHAZ, the carbide precipitates affected the yield stress for martensitic phases and the 

lath-width influenced post-yield response in martensitic phases. 

 

 
(a) 

 
(b) 

 
(c) 

Fig. 5.6. Calibration of the model (lines) against test data (points [23, 30, 34, 58, 76]) for (a) 

the area fraction of precipitates, (b) and (c) the precipitate diameter. 
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Table 5.4. Identified parameters for the precipitate diameter and area-fraction. 

Parameter Value 

𝑚1 -0.026 s
-1

 

𝑚2 4 ×10
-5

 s
-1

K
-1

 

𝑚3 1 % 

𝑛1 -0.018 %K
-1

 

𝑚4 1.5 nm
2
s

-1
 

𝑚5 20 nm 

𝑚6 3.5 

𝑚7 30 nm 

𝑚8 0.4 nmK
-1

 

𝑚9 1.3 nmMPa
-1

 

𝑛2 -0.3 nmK
-1

 

 

5.4 Constitutive model 

As in the previous chapter, transformation plasticity is included during martensitic 

transformation. However, only the Case D analysis included this effect. Cases A, B and C 

neglected the effects of transformation plasticity so as to remove WRS. However, when WRS 

was included, it was implemented in the same manner as in the previous chapter. 

 

The physically-based, constitutive model implemented here is a modified version of that 

presented in the previous chapter. One key difference is the incorporation of a precipitate size 

dependent yield stress, to account for the effects of precipitate coarsening, particularly during 

in-service conditions. The model is based on dislocation mechanics theory and incorporates 

both isotropic softening and kinematic hardening, using Taylor type formulations in both 

cases. Key inputs to this model include the results from the microstructure-evolution model, 

specifically, the volume-fractions of solid-state phases (tempered and newly-formed 

martensite, austenite), PAG size, lath-width and M23C6 precipitate diameter and area-fraction, 

as described below. The model was implemented here within an Abaqus UMAT.  
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The rate of equivalent plastic strain �̇� is described using a hyperbolic sine flow rule, similar 

to the previous chapters, as follows:  

�̇� = 𝛼sinh(𝛽𝑓)  (5.15) 

where 𝛼  and 𝛽  are visco-plastic parameters, identified from monotonic data for P92 

following the method described in the previous chapter. In the previous chapter, 𝛼 and 𝛽 are 

defined using exponential equations (see Table 4.9). In this work, the number of constitutive 

parameters for 𝛼 and 𝛽 is reduced. A constant value for 𝛽 is identified while 𝛼 is defined as 

proportional to the PAG size: 

𝛼 = 𝑛3𝑑  (5.16) 

where 𝑛3  is a constant. As 𝑑  increases, so does the visco-plastic strain-rate (Eqn. 5.15), 

consistent with previously observed trends [132]. The parameters for the hyperbolic sine flow 

rule are displayed in Table 5.5. The yield function f is defined as: 

𝑓 = √
3

2
(𝝈′ − 𝝌′): (𝝈′ − 𝝌′) + 𝑅 − 𝑘𝑦  (5.17) 

where 𝝈′ is the deviatoric stress tensor, 𝝌′ is the deviatoric kinematic back-stress tensor, and 

‘:’ represents the scalar product of two tensors. 𝑅  is an isotropic softening variable, 

representing the change (decrease) in size of the yield surface. In the previous chapter, cyclic 

softening was implicitly included in the cyclic yield stress evolution but in this work, it is 

treated as a separate parameter. 

 

The room-temperature yield stress for martensite (tempered or untempered), 𝜎𝑦
0, is defined to 

be a function of the precipitate-diameter and precipitate area-fraction, based on data from 

Barbadikar et al. [30]: 

𝜎𝑦
0 = 𝑄1𝑒𝑞2𝜃  (5.18) 

where 
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𝑄1 = 𝑄3 + 𝑄4𝐴𝜃  (5.19) 

and 𝑄2, 𝑄3 and 𝑄4 are constants. 𝐴𝜃 is described by Eqns. 5.10 and 5.11. A comparison of 

this model (Eqns. 5.18 and 5.19) with test data [30] is displayed in Fig. 5.7. 

 

For austenite, the yield stress is assumed to be half that of martensite, a conservative estimate 

based on observed experimental trends [28, 87]. For the weld metal, an overmatched material 

is assumed with a yield stress 50 MPa higher than the parent metal. This assumption is made 

in order to ensure material yield in the PM or HAZ, which are the regions of interest to this 

work, as opposed to in the WM. For a mixed-phase material, the yield stress is defined using 

a rule-of-mixtures approach [228]. The temperature-dependent yield stress, 𝑘𝑦, based on test 

data [28], is:  

𝑘𝑦 = 𝜎𝑦
0 + 𝑄5𝑇 + 𝑄6𝜎𝑦

0𝑇  (5.20) 

where 𝑄5 and 𝑄6 are constants. The identified set of parameters for the yield stress model is 

given in Table 5.5. 

 

 
Fig. 5.7. A comparison between predicted yield stress and test data [30] at room-temperature. 

The dotted lines represent deviations of 10% from a perfect match. 
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The kinematic back-stress tensor takes the form of a Taylor-type hardening: 

𝝌 = (𝑎𝑀𝐺𝑏√𝜌)𝒏  (5.21) 

where 𝑎 is a constant, 𝑀 is the Taylor factor, 𝐺 is the shear modulus of the material, 𝑏 is the 

magnitude of the Burgers vector, 𝜌 is the dislocation-density and n is the tensor normal to the 

yield surface: 

𝒏 =
𝝈′

𝜎eq

  (5.22) 

where 𝜎𝑒𝑞 is von Mises equivalent stress [64]. Note that Eqn. 5.21 does not utilise normalised 

dislocation-density, in contrast to Eqn. 4.16. Dislocation-density evolution is described as 

follows [132]: 

�̇� =
𝜌0�̇̅�

(1 − �̅�)2
  (5.23) 

where 𝜌0 is the initial dislocation density. The value of 𝜌0 (see Table 5.5) was identified here 

by solving the equation 𝜎𝑦 = 𝑎𝑀𝐺𝑏√𝜌0 . The identified value sits within the range of 

measured or previously published values, ranging from 7.9 × 10
7
 mm

-2 
 [180] to 9 × 10

8
 mm

-2 
 

[23]. �̅� is the normalised dislocation-density [132]: 

�̅� = 1 −
𝜌0

𝜌
  (5.24) 

which evolves during plastic deformation, as follows: 

�̇̅� = 𝑔1(�̅�𝐿 − �̅�)|�̇�|  (5.25) 

where 𝑔1 and �̅�𝐿 are both dependent on temperature and phase. In the martensite (tempered or 

newly-formed) phase, these are defined using double-sigmoidal equations (see Appendix for 

detail) to represent temperature-dependency. Note that the parameter �̅�𝐿 removes the need for 

separate dislocation-density accumulation and recovery parameters, as were used in the 

previous chapter.  
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The kinematic back-stress was calibrated against tensile test data from Yaghi et al. [28] 

across a range of temperatures for the three material phases (tempered and newly-formed 

martensite and austenite), as shown in Fig. 5.8. For mixed-phase material, e.g. when the 

material has partially transformed to austenite from martensite, a rule-of-mixtures approach is 

used to determine the values of 𝑔1 and �̅�𝐿, following the method described in Section 3.2.  

 

Physically, the isotropic softening model is intended to represent dislocations moving from 

within microstructure regions such as PAGs, packets or blocks to the boundaries, where 

annihilation occurs during kinematic hardening. This follows from the dislocation-damage 

based damage model in Chapter 4 (see Fig. 4.5), where dislocation density increased at HABs. 

For the isotropic-softening model in this chapter, it is assumed that annihilation of 

dislocations will also occur at the boundaries, e.g. due to higher local dislocation-density and 

consequent reduction of distance between dislocations until they are within annihilation-

distance [68], and that this will reduce the overall dislocation-density and soften the material.  

 

The isotropic hardening variable 𝑅 is defined as follows: 

𝑅 = 𝛼𝑔𝑀𝐺𝑏√𝜌𝑐𝑦𝑐  (5.26) 

based on the introduction of a ‘cyclic’ value of dislocation density, defined as the change in 

value from one cycle to the next. The evolution of 𝜌𝑐𝑦𝑐 is defined as follows: 

∆𝜌𝑐𝑦𝑐 =
𝜌0∆�̅�𝑐𝑦𝑐

(1 − �̅�𝑐𝑦𝑐)
2  (5.27) 

and the normalised value is: 

�̅�𝑐𝑦𝑐 = 1 −
𝜌0

𝜌𝑐𝑦𝑐
  (5.28) 
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(a) 

 
(b) 

 
(c) 

Fig. 5.8. Calibration of the material model (lines) against test data [28] (points) for (a) 

tempered martensite, (b) newly-formed martensite and (c) austenite P92 across a range of 

temperatures. 

 

The normalised, cyclic dislocation-density evolution follows a similar form to Eqn. 5.25 but 

rather than a dependency on plastic strain-rate, the accumulated normalised dislocation-

density within one half-cycle of plasticity is used:  
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Δ�̅�𝑐𝑦𝑐 = 𝑔1𝑐(�̅�𝐿𝑐 − �̅�𝑐𝑦𝑐)Δ�̅�  (5.29) 

where 

𝑔1𝑐 = 𝑛4𝑔1  (5.30) 

and 

�̅�𝐿𝑐 = 𝑛5�̅�𝐿𝑒𝑛6𝑇  (5.31) 

with 𝑛4, 𝑛5 and 𝑛6 as constants. The model was calibrated against cyclic test data for parent 

metal P91 [181] at a range of stain-ranges and temperatures (Fig. 5.9). The model parameters 

for isotropic softening are displayed in Table 5.5.  

 

  
(a) (b) 

  
(c) (d) 

Fig. 5.9. Calibration of the cyclic-softening model against test data [181] at 500
o
C at strain-

ranges of (a) 0.5% and 0.8% and (b) 1.2% and 2%, at a constant strain-rate (0.3%s
-1

); 

comparisons between the experimentally-observed [181] and modelled number of cycles to 

damage initiation (taken as sudden drop in peak-stress) for (c) strain-ranges of 0.5%, 0.8%, 

1.2% and 2% at different temperatures at a strain-rate of 0.3% (the dotted lines represent 

deviations of 25% from a perfect match) and (d) sample strain-life results for 500
o
C. 
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In Fig. 5.10, a sample comparison is made between the model and separate high-temperature 

cyclic test data [70] for P91 at 600
o
C and a strain-rate of 0.1%s

-1
. A comparison at 400

o
C 

under-predicted the stress amplitude for the first and 600
th

 cycle, by 15% and 32% 

respectively, possibly due to under-prediction of the back-stress. The improved agreement 

between the test data and model prediction at 600
o
C is considered of greater importance due 

to elevated simulated temperatures in this chapter (Fig. 5.2). 

 

 

Fig. 5.10. A comparison between cyclic data for P91 PM [70] (points) and the current model 

for the first and 600
th

 cycle at 600
o
C, strain-rate 0.1%/s and strain-range 1%. 

 

Comparison is also made against TMF test data. Figure 5.11 shows schematic temperature 

and strain inputs for the test data and model for symmetric in-phase (IP) and out-of-phase 

(OP) loading. The maximum and minimum temperatures are 600
o
C and 400

o
C, respectively, 

and the maximum and minimum strains are +0.5% and –0.5%. 
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(a) (b) 

Fig. 5.11. A schematic representation of the TMF temperature, 𝑇, and mechanical strain, 휀, 

loading conditions for (a) IP and (b) OP loading. 

 

Figure 5.12 shows examples of initial hysteresis loops for isothermal HTLCF and TMF data 

between 400
o
C and 600

o
C, for IP and OP loading, as described in Fig. 5.11, for the test data 

and the model. In Fig. 5.12, it is clear that the TMF response is bounded by the isothermal 

HTLCF response, e.g. for TMF-IP (Fig. 5.12b) the peak tensile stess is similar to that at 

600
o
C in HTLCF (Fig. 5.10, first cycle), while the compressive stress is similar to the 400

o
C 

HTLCF compressive stress (Fig. 5.12a). For the TMF predictions, the stress-strain results at 

higher temperatures match the test data better than at lower temperatures, as to be expected 

when the TMF response is bounded by the HTLCF responses, e.g. the model underpredicts 

the 400
o
C HTLCF stress so it underpredicts the TMF stress at temperatures approaching 

400
o
C. This trend is consistent with increasing numbers of cycles (Figs. 5.12d and 5.12e), 

where there is general agreement for the higher temperature stress but the model 

underpredicts the stress magnitude at the lower temperature. 

 

Figure 5.13 shows test data results [225] and model predictions for non-symmetric TMF 

loading for the same temperature-range. The agreement between the model and test data 

stress-strain results is not as good as in Fig. 5.12, particularly for the TMF-OP tests, but there 

is still general agreement. The stress versus cycle results in Fig. 5.13e again shows general 
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agreement for the high-temperature stresses while Fig. 5.13f shows general agreement for 

both tensile and compressive stresses, although it should be noted that the stress-strain loop is 

predicted to drift relative to the test data (Fig. 5.13d).  

 

  
(a) (b) 

  
(c) (d) 

 

 

(e)  

Fig. 5.12. Comparison of test data (points [225]) and the model for (a) isothermal fatigue at 

400
o
C, (b) TMF-IP and (c) TMF-OP between 400

o
C and 600

o
C, as well as stress versus 

cycles for (d) the TMP-IP case and (e) the TMF-OP case. Note, results for (a) to (c) are for 

the first fatigue cycle, N = 1. 
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Fig. 5.13. Comparison of test data (points) and the model for (a) and (b) non-symmetric 

TMF-IP for strain-ranges of +0.5%, -0.2% and (c) and (d) non-symmetric TMF-OP for 

strain-ranges of +0.4%, -0.1% between 400
o
C and 600

o
C, with stress versus cycle 

comparison for (e) TMF-IP for strain-ranges of +0.5%, -0.2% and (f) TMF-OP for strain-

ranges of +0.4%, -0.1% 

 

Figure 5.14 shows the strain-life plots for the test data and the model predictions. Note that 

the model life is predicted using damage initiation and then assuming that the damage-

initiation life corresponds to 80% of total life.  
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Damage initiation is represented using a damage-indicator parameter that is based on cyclic 

softening rather than using the dislocation-density based monotonic damage of the previous 

chapter. This resulted in a significant reduction in modelling parameters while maintaining 

the applicability of the model for in-service life prediction of power plant components. It was 

assumed that relatively large plastic strains associated with monotonic damage would not 

occur in power plant components. Damage is defined to initiate when 𝑅 > 𝑄𝑡, where 𝑄𝑡 is 

found to be well-represented by a constant value, based on calibration against P91 PM test 

data across a range of temperatures and strain-ranges [181]. In Fig. 5.9, damage growth is 

represented by an equation of the form �̇� = 𝑎7|�̇�| to simulate the rapid reduction in stress 

near the end of uniaxial specimen life. For the current work, attention is focused on 

prediction of damage-initiation. 

 

It is clear from Fig. 5.14 that the model under-predicts life in all cases compared to the test 

data. This is attributed to the tests being conducted on ex-service material. Ex-service 

material is essentially pre-softened and therefore has a reduced softening-rate compared to 

the as-received material data [181], against which the model is calibrated. The predicted lives 

are as low as 10% and only as high as 50% as that of the experimental data. 

 

The non-linear visco-plastic constitutive equations are solved iteratively using the Newton-

Raphson method within the UMAT, following a similar approach to that described in detail 

in previous chapters.  
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(a) (b) 

 

 

(c)  

Fig. 5.14. A comparison of predicted (hollow points) and observed (solid points) number of 

cycles to failure for (a) isothermal HTLCF, (b) symmetric TMF, and (c) non-symmetric TMF 

(IP: +0.5%, -0.2%, OP: +0.4%, -0.1% strain). 

 

Table 5.5. Identified parameters for the unified visco-plasticity constitutive model using 

combined kinematic-isotropic hardening-softening, and damage and yield-stress evolution 

models. 

Parameter Value Parameter Value 

𝛼𝑔 0.33 𝑛6 0.023 K
-1

 

𝑀 3 𝑎7 0.14 

𝑏 0.248 nm 𝑄2 -0.0022 nm
-1

 

𝜌0 4.4 × 10
8
 mm

-2
 𝑄3 1176 MPa 

𝛽 0.011 MPa
-1

 𝑄4 -72.73 MPa %
-1

 

𝑛3 3.7 × 10
-7

 m
-1

 𝑄5 -0.0773 MPa K
-1

 

𝑛4 0.0005 𝑄6 -0.00117 K
-1

 

𝑛5 4.91 ×10
-7

 𝑄𝑡 100 MPa 

 

5.5 Results 

5.5.1 Effect of welding and PWHT processes on microstructure variables 

Figures 5.15a to 5.15h show the predicted distributions of lath-width, hardness and carbide 

diameter and area fraction for the as-welded and PWHT conditions for the Case A process.  
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(a) (b) 

  
(c) (d) 

Fig. 5.15. The predicted lath-width [(a) and (b)], Vickers hardness [(c) and (d)], carbide 

diameter [(e) and (f)] and carbide area fraction [(g) and (h)] results for Case A in the as-

welded and PWHT conditions. 

 

Figure 5.16 shows the predicted PAG size distribution for both the as-welded and PWHT 

conditions for Case A, facilitating demarcation of the idealised CGHAZ, FGHAZ and 

ICHAZ zones. The model also predicts a mixed tempered-untempered martensite phase 

composition for the ICHAZ, further facilitating demarcation. PWHT is predicted to have no 

effect on the PAG evolution. Although not shown here, the corresponding results for Cases B 

and C are similar to those of Case A, although the maximum and minimum values differ from 

case to case, as shown in Table 5.6. Table 5.6 also includes the corresponding results for Case 

D, which includes residual stress effects. 
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(e) (f) 

  
(g) (h) 

Fig. 5.15 (continued). The predicted lath-width [(a) and (b)], Vickers hardness [(c) and (d)], 

carbide diameter [(e) and (f)] and carbide area fraction [(g) and (h)] results for Case A in the 

as-welded and PWHT conditions. 

 

 

Fig. 5.16. The predicted prior-austenite grain size results for Case A for both the as-welded 

and PWHT conditions, showing separate predicted HAZ regions. 
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Table 5.6. Comparative microstructure predictions (ranges of values) for the three welding 

cases after PWHT. 

Microstructure parameter Cases A Case B Case C Case D 

Hv (kgf/mm
2
) 206 to 238 206 to 238 194 to 220 206 to 238 

Lath width (nm) 420 to 643 420 to 643 470 to 673 420 to 643 

Carbide diameter (nm) 85 to 109 85 to 109 89 to 109 97 to 120 

Carbide area fraction (%) 5.2 to 7.2 5.2 to 7.2 6.0 to 7.9 5.2 to 7.2 

 

5.5.2 Effect of in-service loading and welding process on stress and microstructure 

distributions 

Figure 5.17 shows an example of stress redistribution for the Case A radial, axial and hoop 

stresses between the 1
st
 and 25

th
 in-service steam pressure-temperature cycles. The 1

st
 cycle 

sample point is at 20,000 seconds of cycle-time, corresponding to the first dwell (616
o
C and 

12.5 MPa, see Fig. 5.2). The stress re-distribution is attributed to accumulation of plastic 

deformation and cyclic softening, due to the high temperature, cyclic viscoplastic behaviour 

of the material, which is, of course, affected by the microstructure evolution, especially the 

carbide precipitates. Some key observations on these results are as follows: 

 The radial stress distribution (Figs. 5.17a, 5.17b) is, of course, dominated by the 

internal pressure on the inside surface, and is not significantly affected by the cyclic 

re-distribution, although local tensile stress concentrations develop on the outside 

surface at the HAZ-WM interface and compressive stress concentrates further in the 

CGHAZ near the inside surface.  

 Significant redistribution of tensile axial stress concentrations (Fig. 5.17c, 5.17d) 

occurs from the inside surface WM-HAZ-PM interfaces to the WM-HAZ interface on 

the outside surface, with a significantly increased maximum tensile value for the 25
th

 

cycle.   

 Significant re-distribution of the tensile hoop stresses (which are the dominant stress 

component) is also predicted (Fig. 5.17e, 5.17f) with the tensile stress concentration 
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moving from the inside surface HAZ-WM interface to the inside surface IC-FGHAZ. 

The peak values of tensile hoop stress reduce slightly.  

 

Fig. 5.17g shows the precipitate diameter distribution after 25 cycles. Comparing this to Fig. 

5.15f, and also referring to the data in Table 5.7, it is clear that dramatic precipitate 

coarsening has occurred in all regions, from between 85 to 100 nm to between 268 to 305 nm, 

with particular concentration of coarsening in the regions of hoop stress concentration. 

 

  
(a) (b) 

  
(c) (d) 

Fig. 5.17. Predicted stress contour plots for radial (a, b), axial (c, d) and hoop (e, f) for the 

first dwell period in the 57-hour in-service cycle for the first and 25
th

 in-service cycles and 

the precipitate diameter distribution for the 25
th

 cycle (g) for Case A. 
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(e) (f) 

 
(g) 

Fig. 5.17 (continued). Predicted stress contour plots for radial (a, b), axial (c, d) and hoop (e, f) 

for the first dwell period in the 57-hour in-service cycle for the first and 25
th

 in-service cycles 

and (g) the precipitate diameter distribution for the 25
th

 cycle for Case A. 

 

Table 5.7. Comparative precipitate diameter predictions for the four welding cases for the 

first and 25
th

 in-service cycles. 

In-service cycle Case A 

𝜃 (nm) 

Case B 

𝜃 (nm) 

Case C 

𝜃 (nm) 

Case D 

𝜃 (nm) 

0 85 to 109 85 to109 89 to 109 97 to 120 

25 268 to 305 268 to 304 270 to 307 271 to 319 

 

The results for Cases B and C are generally similar in value and distributions to those of Case 

A (shown in Figure 5.15). Figure 5.18 shows the corresponding predicted distributions for 

Case D, which exhibits significantly different distributions to those of Cases A to C. In 

particular, these distributions are significantly more inhomogeneous due to the presence of 

WRS. Furthermore, significantly larger tensile hoop, radial and axial localised stresses are 
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predicted for this case. Particularly high tensile hoop stresses of about 104 MPa are predicted 

after 25 cycles in the FGHAZ towards the pipe mid-thickness.  

 

5.5.3 Effect of in-service loading and welding process on predicted crack initiation 

In Figs. 5.17f and 5.18f, it is clear that the hoop stresses, which are the dominant stress 

components, localise in the HAZ. The predicted damage initiation times for the four cases are 

compared in Fig. 5.19. The minimum damage initiation life is 4,845 hours, approximately 

half a year. This damage-initiation life occurred in Case C.  

 

  
(a) (b) 

  
(c) (d) 

Fig. 5.18. Predicted stress contour plots for radial (a, b), axial (c, d) and hoop (e, f) for the 

first dwell period in the 57-hour in-service cycle for the first and 25
th

 in-service cycles and 

the precipitate diameter distribution for the first and 25
th

 cycle for Case D. 
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(e) (f) 

  
(g) (h) 

Fig. 5.18 (continued). Predicted stress contour plots for radial (a, b), axial (c, d) and hoop (e, f) 

for the first dwell period in the 57-hour in-service cycle for the first and 25
th

 in-service cycles 

and (g) the precipitate diameter distribution for the first and (h) 25
th

 cycle for Case D. 
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Case A Case B 

  
Case C Case D 

 
Case C 

Fig. 5.19. Contour plots of predicted damage initiation times under 45,000 hours for Cases A 

to D and the contour plot of predicted damage initiation times under 10,000 hours for Case C.  
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5.6. Discussion 

The use of sequentially-coupled thermal and mechanical analysis is well-established [28, 55, 

105, 108]. The use of 24 weld passes was justified by the fact that the pipe was 36 mm thick 

and typical welding rods for the MMA process have a diameter of 3.2 mm. However, 

depending on the weld operator, fewer or greater numbers of passes could be used. Even if 24 

is not the optimum number, it serves to demonstrate the through-process and weld 

optimisation capability of the entire model. 

 

The mechanical model, which is physically-based, with dislocation-density as a key state-

variable, uses the well-established hyperbolic sine visco-plastic flow-rule with Taylor 

hardening and cyclic softening. The mechanical model was calibrated against tensile and 

cyclic data across a range of temperatures and strain-ranges. The method by which kinematic 

and isotropic hardening define separate dislocation densities for grain boundaries and 

interiors, in principle, follows the methodology pursued in crystal-plasticity models [67]. The 

use of a precipitate-based yield stress is consistent with other work [145, 147] and the 

validation of the model (Fig. 5.7) reveals a reasonable correspondence to test data. The 

calibration results, displayed in Figs. 5.8 and 5.9, are in agreement with the test data and Figs. 

5.10 and 5.12 to 5.14 show validation of the model.  

 

In Fig. 5.10 and 5.12a, there is general agreement for the first isothermal HTLCF cycle 

between the model prediction and test data, although the agreement is superior for the 

comparison at 600
o
C. The model generally captures the TMF response at 600

o
C but predicts 

a much softer material at 400
o
C compared to the test data, as shown in Figs. 5.12b to 5.12e. 

This result is considered acceptable because the focus of the work is the material response 

under in-service power plant loading conditions, for which 600
o
C is more representative than 
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400
o
C. Figure 5.13 shows that the cyclic softening behaviour of the material under non-

symmetric TMF loading is generally well-captured by the model, both for stress-strain results 

at individual cycles (Figs. 5.13a to 5.13d) as well as across multiple cycles (Figs. 5.13e and 

5.13f).  

 

Fig. 5.14 shows that TMF life is under-predicted. This under-prediction occurs due to the 

simplicity of the damage-initiation criterion, 𝑅 > 𝑄𝑡 , which lacks the sophistication and 

physical basis to account for the damage mechanisms at play under TMF conditions. Despite 

the poor agreement with the measured TMF lives, the model is shown to generally capture 

the shapes of the stress-strain loops for TMF conditions, as well as the cyclic softening 

response. 

 

The microstructure predictions between the as-welded and PWHT cases are shown for Case 

A in Figs. 5.15 and 5.16. The general trends for Case A are the same for Cases B and C, as 

follows: 

 The WM and HAZ contain narrow laths (Figs. 5.15a, 5.15b), as expected, consistent 

with newly-formed martensite. The laths widen after PWHT, also as expected, 

consistent with the effect of tempering. 

 The peak hardness (Figs. 5.15c, 5.15d) in the as-welded WM is large, almost twice 

that of the PM. After PWHT, the peak hardness reduces significantly and the 

difference between the peak WM hardness and PM hardness also reduces. Physically, 

this represents the tempering effect of reducing and homogenising hardness in a 

welded joint, as observed in practice [171]. 

 The diameter (Figs. 5.15e, 5.15f) and area fraction (Figs. 5.15g, 5.15h) of carbides is 

low in the WM after welding, consistent with newly-formed martensite. At high 
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temperature, e.g. during welding, precipitates dissolve [227]. PWHT increases the 

diameter and area fraction of precipitates, as expected [171]. The diameters become 

significantly more homogeneous after PWHT. There is a region close to the HAZ 

with an increased diameter, which is consistent with the IC-HAZ and the associated 

over-coarsened carbides [34]. 

 The PAG sizes (Fig. 5.16) reveal an unaffected PM region furthest from the WM, 

with a band of small PAGs which then increase in size with increasing distance into 

the WM, where the largest PAGs can be found. The largest PAGs correspond to the 

final weld pass due to a slower cooling rate. PWHT had no effect on PAG sizes. 

 

Comparing Cases A, B and C, it is clear from the results of Table 5.6 that the increased 

PWHT temperature of Case C had the greatest effect on the welded microstructure. In 

contrast, preheat and inter-pass temperature had a negligible effect. This indicates that PWHT 

is a key determining factor for the final microstructure configuration. The results of a higher 

PWHT temperature led to the expected effects of extra tempering, including reduced 

hardness, increased lath width and an increased area fraction of carbide precipitates. In fact, 

Case C has localised regions of hardness that are below the ASTM335 limit of 196 HV (Case 

C had 194 HV) for P91. For the purposes of the current work, the authors consider a 

difference of 2 HV to be within experimental scatter. The inclusion of WRS led to an 

increase in the precipitate diameters in the IC-FGHAZ region after PWHT, e.g. compare Fig. 

5.15f to Fig. 5.18g. This is consistent with observed increases in precipitate diameter in the 

HAZ near the PM-HAZ interface (e.g. the IC-FGHAZ) after PWHT [34].  

 

The stress localisation displayed in Figs. 5.17 and 5.18 and in Table 5.7 demonstrates clearly 

the utility of microstructure-sensitive modelling. Not only did welding-induced material 
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heterogeneity lead to stress localisation but the material heterogeneity itself evolved under in-

service conditions. The stress heterogeneity (gradients) in Cases A, B and C were similar 

during the first in-service cycle but after 25 cycles, Case C exhibited markedly greater stress 

heterogeneity, with higher tensile stresses, compared to Cases A and B. In Case D, the WRS 

significantly increased the stress heterogeneity as well as the peak tensile stresses for the 

radial and hoop stresses, although the increase in peak axial stress was less significant. The 

WRS also changed the location of the hoop stress localisation from the inside surface to a 

sub-surface region. 

 

To the author’s knowledge, this is the first time that through-process modelling of 

microstructure effects has been incorporated into damage initiation predictions for welded 

P91 in a realistic geometry. Some authors, without considering through-process effects or 

even explicitly modelling HAZ, have predicted failure lives based on a limited number of 

operational cycles in realistic geometries. For example, Farragher et al. [169] used the 

Ostergren equation, albeit with a two-layer viscoplasticity model, and without explicit 

incorporation of HAZ and WM behaviour. Li et al. [51] presented a ductility exhaustion life 

prediction method for a three-material PM-HAZ-WM model of a tee-joint, but did not 

include temperature-dependent material properties or strain-rate effects. Li et al. [205] 

presented a strain-based fatigue indicator parameter, including triaxiality effects, within a 

crystal plasticity model for parent material P91. Kyaw et al. [44] presented an energy-based 

damage-initiation model, but it was calibrated only against PM at a single temperature. 

Basirat et al. [229] presented a continuum damage model based on solid solution 

concentration, precipitate coarsening and void nucleation, but the application of this model 

was to creep of PM P91. The present work implements a cyclic-softening fatigue indicator 
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parameter for damage initiation. Some comments on the predicted damage initiation results 

of Figure 5.19 are as follows:  

 Clearly, the ICHAZ or PM adjacent to ICHAZ is consistently predicted to be the 

critical location for fatigue damage. This is consistent with observed cracks in welded 

components, e.g. Type-IV cracking [27]. 

 Significant damage initiation is predicted within 45,000 hours (about 5 years) for all 

cases; for Case C, damage initiation is predicted particularly early, within about 4,850 

hours, or 85 in-service cycles (about half a year).  

 The CGHAZ and WM are predicted to be less critical for damage initiation within the 

first 45,000 hours.  

 For Cases A to C, damage-initiation is predicted to occur at the inside surface of the 

pipe whereas for Case D, islands of damage-initiation regions are predicted first away 

from the surface. This indicates that WRS causes initiation of multiple sub-surface 

cracks, with inevitable coalescence, as opposed to surface crack initiation and 

propagation into the surface. 

 

For the case without WRS, Case B is predicted to have the longest time to crack initiation 

whereas Case C is predicted to have the shortest time (in the ICHAZ). This is attributable to: 

(a) the higher PWHT temperature of Case C causing increased tempering, and hence slight 

coarsening of the precipitates and significantly increased precipitate area fraction (see Table 

5.7), leading to a softer material and increased cyclic softening and (b) the higher PHIP 

temperature of Case B extending the width of the HAZ into the PM, resulting in a larger 

region of harder material.  
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Figure 5.19 indicates that WRS is detrimental to in-service performance. The damage-

initiation region for Case A is at the inside surface of the pipe and does not extend far through 

the wall thickness. For Case D, the damage initiation regions are more numerous and extend 

deeper below the pipe surface. These multiple sub-surface cracks correspond to the tensile 

hoop stress localisation zones (Fig. 5.19f). Such interior cracks might not be detectable by 

plant operators whereas surface cracks could be detected and treated, either by repairing or 

replacing the pipe.  

 

Even though the applied steam pressure of less than 13 MPa is relatively low, it is important 

to note that the present methodology predicts damage initiation, which typically pertains to 

very small cracks (less than 200 m, based on experimentally-observed correlation between 

HTLCF for P91 and crack-length in a thick-walled pipe from Okamura et al. [230]), as 

opposed to pipe fracture. Recent plant experience has indicated the detection of premature 

cracking within similar time-scales to those predicted here, e.g. a tee-joint that failed under 

similar conditions to those simulated here after only about 8,000 hours [216]. 

 

5.7 Conclusions 

This chapter presented the third iteration of the through-process design tool for industry. The 

methodology was applied to welding, PWHT and in-service operation of P91 pipe material, 

thus making this chapter the first through-process analysis applied to industry-specific 

geometry and loading. The key highlights of this chapter are as follows: 

 A microstructure-based, through-process model, using a sequential thermomechanical 

simulation methodology, was applied to a representative, finite-element, welded pipe 

geometry to predict the effects of multi-pass welding and post-weld heat-treatment on 
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the in-service performance of welded power plant components under representative 

flexible-operational conditions.  

 The through-process model was calibrated using monotonic tensile and HTLCF data 

at a range of temperatures and successfully validated against symmetric and non-

symmetric TMF data between 600
o
C and 400

o
C. The model successfully predicted the 

shapes of the stress-strain loops as well as the cyclic softening of the material. 

 Welding was predicted to produce (i) large prior austenite grains in the weld metal, (ii) 

a fine-grained heat-affected zone in the parent metal offset from the fusion line and 

(iii) newly-formed martensite in the weld metal and heat-affected zone, all consistent 

with observed experimental trends [62].  

 Post-weld heat treatment was predicted to (i) equalise the microstructure, (ii) reduce 

peak hardness and (iii) increase lath-width, precipitate size and area fraction, again all 

consistent with observed results for tempering of 9Cr steel [231].  

 Significant stress redistribution was predicted to occur during in-service loading, with 

stress concentrating in the heat-affected zone of the weld. 

 Higher post-weld heat treatment temperature led to a softer, more tempered material, 

consistent with experimental observations [4], giving reduced initiation life.  

 Cyclic-softening damage was predicted to occur earliest in either the inter-critical 

heat-affected zone or in the neighbouring parent metal, consistent with cracking in 

cross weld specimens under HTLCF conditions [32, 33]. 
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Chapter 6.  

Bead-on-plate experimental welding trials and model validation 

6.1 Introduction 

A programme of experimental welding trials on 9Cr steel was conducted to validate the 

material model developed in Chapter 5. This chapter details the experimental work carried 

out on ex-service P91 material as well as the corresponding FE simulations. Section 6.2 

describes the P91 material origin and geometry, as well as the machining process applied to 

produce the specimens for welding. The specimens were of rectangular plate geometry cut 

from pipe material. Section 6.3 describes the welding procedure applied during the 

experiments. Section 6.4 describes the results of the experiments and Section 6.5 describes 

FE simulation of the weld test and compares residual stress results from the tests with 

predicted results using the through-process model (Chapter 5). Section 6.6 discusses the 

findings of this body of work and Section 6.7 gives the conclusions.  

 

6.2 Material and geometry 

6.2.1 As-received material and geometry 

The material is ex-service P91 steel, previously used in the ESB International Aghada power 

plant. Its overall service history is described in Fig. 6.1 [224] and some specific temperature-

time and pressure-time histories are shown in Figs. 6.2 [223]. The material arrived in multiple 

sections, described as follows: 

 A half-pipe (180
o
 of circumference) section 510 mm long, with inner diameter 355 

mm, wall thickness 36 mm, made entirely from parent metal (Fig. 6.3). 

 Three sections from a welded T-piece, including parent and weld metal (Fig. 6.4). 
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The half-pipe section was selected as the material from which specimens would be extracted. 

It was the largest single section of material available and it was the most uniform material, 

e.g. it included no WM or HAZ. This made it possible to machine multiple specimens with 

the same dimensions in order to ensure repeatability from one experiment to the next. 

 

 
Fig. 6.1. The general operating service history of the P91 material. 

 

  
(a) (b) 

Fig. 6.2. Specific (a) pressure-time and (b) temperature-time histories of the P91 pipe 

material, recorded on three different dates. 
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(a) (b) 

Fig. 6.3. (a) The remaining half-pipe section of P91 and (b) a portion of the half-pipe, with 

material removed for the purpose of fabricating specimens.  

 

 

 

(a) (b) 

 

Fig. 6.4. Different sections of welded T-piece 

P91 pipe: (a) A minor section, (b) a major 

section and (c) another minor section.  

 (c) 

 

 

6.2.2 Welding specimen geometry 

A rectangular plate geometry was selected for the welding trials. A plate geometry was 

convenient because (a) it is a simple geometry that is easy to machine and replicate, (b) it 
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provides flat surfaces both for laying the weld bead and for being held in a clamp and (c) it is 

convenient for subsequent FE modelling, either in 3D, using symmetry to reduce the mesh 

size, or in 2D, due to its uniform cross section. Furthermore, there is extensive literature 

available dedicated to welding trials on similar plate geometries. 

 

A detailed review of bead-on-plate (BOP) welding tests was published by the NeT research 

group [106]. In that work, a single weld-bead was laid on the surface of a stainless steel plate. 

Thermocouples were used to record the temperature histories at various points in the plate. 

FE simulations were conducted by various NeT group partners to assess predictive models 

for temperature history by comparison to those recorded in the experiments.  

 

The precise plate geometry used in the NeT project was not suitable for the present work due 

to the P91 pipe thickness of the pipe being less than the width of the NeT plate. The plate 

length and thickness, however, could be matched. Slices of constant length were cut from the 

P91 pipe and machined into rectangular cross-section plates. The sequence by which the P91 

plates were machined is displayed in Fig. 6.5. The plates were 120 mm long, approximately 

35 mm wide and 17 mm deep after machining.  

 

The locations of the thermocouples for the P91 experiment are shown in Fig. 6.6 and are 

labelled T1 to T5. The weld bead location and direction is represented in Fig. 6.6 with a black 

arrow. Two thermocouples (T1 and T2) were placed on the top surface of the P91 plates, 

corresponding to the mid-point of the weld bead, to capture the steady-state temperature 

changes experienced by the plate. On the bottom surface, one thermocouple (T4) is at the 

surface under the mid-length point of the bead. The other two were at the one-quarter and 

three-quarter length points, at depths of 8 mm (T3) and 12 mm (T5), respectively. The 
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intended weld bead length is 60 mm, starting 30 mm from the end of the plate. The purpose 

of the thermocouples is to record the temperature profile of the steady-state welding process 

through a cross-section of the plate, both on the surface and through the depth of the plate, for 

comparison with FE simulations to validate the sequentially-coupled thermal and mechanical 

analysis. 

 

 
 

(a) (b) 

  
(c) (d) 

Fig. 6.5. The sequence of cutting the pipe into a rectangular plate: (a) a section of the pipe 

viewed in the axial direction cut from the pipe in the radial direction. ‘Cut surface’ refers to 

the surface to be cut next in the sequence, the pipe section with (b) one slanted edge removed, 

(c) the inner curved surface removed and (d) the outer curved surface removed.  
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Fig. 6.6. A schematic of the positions and depths of the thermocouple holes, with two on the 

top surface and three on the bottom surface, mid-plane. 

 

6.3 Welding process and procedure 

6.3.1 Welding equipment at NUI Galway 

NUI Galway’s engineering workshop includes manual metal arc (MMA, SMAW) and metal 

inert gas (MIG, GMAW) welding equipment. P91 compatible MMA welding electrodes 

(Bohler Fox C9 MV 3.2 mm) were ordered from Walsh Engineering Ltd, the only supplier in 

Ireland that supplied P91-compliant welding consumables. It was decided that compatible 

welding electrodes should be used to best represent the welding process. The tungsten inert 

gas (TIG, GTAW) process could not be attempted at NUI Galway due to a lack of TIG 

welding equipment, even though TIG is a common welding process applied to 9Cr steel [91, 

92, 117, 171, 232]. Furthermore, the welding process used by Atlantic Projects Company 

(APC), the contractor used by ESB for welding piping systems, is MMA. The use of MMA is 

also reported by other authors [77, 220].  

 

Of vital importance to FE simulation of welding, and to real welding, whatever the process 

employed, is the net line energy [55, 233], defined as follows: 
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𝑞𝑒 =
𝑈𝐼𝜂

𝑣
 (6.1) 

where 𝑈 is torch voltage, 𝐼  is torch current, 𝜂 is torch efficiency and 𝑣  is the torch travel 

speed. With TIG processes, the welding process can be automated for maximum control over 

the process, e.g. torch travel speed, wire feed-rate, torch power, etc., and fine adjustments can 

be made. The welding equipment in this chapter was manually operated and controlled; this 

presented some challenges for ensuring repeatability between tests.   

 

The MMA welder had a display for current but not for voltage, meaning that one parameter 

in Eqn. 6.1 was unknown. However, observation of different MMA welders (Parkmore, 

CastoTIG 1702, Deng et al. [102], Yaghi et al. [105]) yielded the following relationship 

between current and voltage for MMA welders: 

𝑈 = 20 + 0.04𝐼 (6.2) 

 

Using Eqns. 6.1 and 6.2, as well as the input current for the MMA welder, it was possible to 

calculate the net line energy of the welding process during the welding experiment. The torch 

traverse speed can be measured by timing the experiment and measuring the length of 

deposited weld bead. This provides an average speed, although the instantaneous speed of the 

torch could vary. For example, in an effort to keep the weld bead straight, the welder might 

raise the torch to increase the length of the arc and provide more light with which to check his 

progress, thereby temporarily slowing or stopping the torch. 

 

It was planned that the MMA welding process would be manually-controlled, so that a 

method was required to keep the torch speed constant. If the torch speed were to vary 

significantly during the experiment, then the heat energy input would vary and it would be 

difficult to recreate the experiment using the FE simulations. It was decided to maintain a 
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constant torch speed by specifying a constant bead-width for the experiment. The target width 

of the weld bead was marked on the surface of the plate so that the welder could see if the 

bead was growing too wide or if it was not wide enough. If the torch moved too quickly then 

the weld bead width would be narrower than the target width and if the torch moved too 

slowly then the weld bead would exceed the target width. The welder would be able to 

traverse the torch in order to keep pace with the bead filling out to the correct width.  

 

6.3.2 Welding experiment at NUI Galway 

In order to produce different welding processes, the net line energy is changed by changing (a) 

the torch current and (b) the torch speed. The torch currents are adjusted directly using the 

MMA welder and the torch speed depends on the specified target width of the weld-beads. 

Narrower specified beads give increased speed.  

 

The thermocouples used were Type-K, ungrounded thermocouples (TJ1-CASS-IM15U-150) 

supplied by Omega. Ungrounded thermocouples were chosen due to their lower susceptibility 

to interference from the electric current passing through the plate as part of the arc welding 

process. In order to hold the thermocouples in position during welding, a simple jig was 

designed (Fig. 6.7). Since it was planned to conduct several tests, it was considered expedient 

not to use adhesive to bond the thermocouples to the plates. Instead, it was decided to use 

tension or spring-back in the thermocouples to hold them in their holes. For example, if a 

thermocouple had to be deflected to fit into a hole, then its tendency to spring back to its 

original position would keep the thermocouple tip in contact with the bottom of the hole. The 

jig was designed to hold the thermocouples such that the ends of the thermocouples would be 

deflected by the plate, thus forcing them into constant contact with the hole (Fig. 6.8). 
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The four different welding tests are described in Table 6.1. For each test, there are two repeat 

tests in order to identify and eliminate spurious results, for a total of 12 tests. A typical name 

for a test is ‘90N6-1’, meaning that the torch current was 90 Amps, the target bead width was 

6 mm, and the test was the first conducted at that current and bead width. Repeat tests for 

‘90N6-1’ are called ‘90N6-2’ and ‘90N6-3’. 

 

 
Fig. 6.7. A photograph of one of the P91 plates, the 5 thermocouples and the thermocouple 

jig mounted in a vice. 
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(a) 

 
(b) 

Fig. 6.8. (a) The P91 plate, jig and thermocouple in its natural position and (b) the 

thermocouple deflected to fit into the thermocouple hole with the spring-back effect holding 

it in contact with the bottom of the thermocouple hole. 

 

Table 6.1. The welding parameters controlling the BOP tests.  

Weld Current (A) Target bead width (mm) Test name 

90 6 90N6-1, 2, 3 

120 6 120N6-1, 2, 3 

90 10 90N10-1, 2, 3 

120 10 120N10-1, 2, 3 

 

6.4 BOP test results 

The MMA welding process produces hot slag, which lies on top of the weld bead to protect it 

from the surrounding atmosphere (e.g. oxygen, water vapour). After some of the tests, slag 

was discovered on the top-surface thermocouples. This slag heated the thermocouple and 

gave a false temperature history. There was also the possibility during the test that some 

thermocouples were not properly seated in their holes, leaving air-gaps instead of being in 

direct contact with the plate. Since the net line energy (Eqn. 6.1) of each weld test was known, 

the peak temperatures recorded by the thermocouples were correlated with the net line 

energies of the welding tests. Spurious results were identified by analysis of the general trend 
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of correlation of net line energy and peak recorded temperature. Those results are not 

presented here. 

 

The resulting correlations with the net line energy (excluding spurious results) are shown in 

Figs. 6.9 and 6.10, with the specific temperature histories for the 120N10 case plotted in Figs. 

6.11 and 6.12. A summary of all of the tests is displayed in Table 6.2, showing the 

consistency in welding torch speed for each input current and bead width. 

 

The spurious data points almost exclusively pertained to the thermocouples on the top surface 

of the plate, T1 and T2 (see Fig. 6.6), e.g. those closest to the weld bead and most at-risk 

from flying slag. The thermocouples on the bottom surface, T3 to T5, e.g. protected from 

flying slag, yielded more consistent results.  

 

  
(a) (b) 

Fig. 6.9. Correlations between peak temperature and net-line energy for thermocouple (a) T1 

and (b) T2. See Fig. 6.6 for the thermocouple locations. 
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(a) (b) 

 

Fig. 6.10. Correlations between peak 

temperature and net-line energy for 

thermocouple (a) T3, (b) T4 and (c) T5. See 

Fig. 6.6 for the thermocouple locations. 

 (c) 

 

  
(a) (b) 

Fig.6.11. Measure temperature history from thermocouple (a) T1 and (b) T2 for the 120N102 

case. See Fig. 6.6 for the thermocouple locations. 
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(a) (b) 

 

Fig. 6.12. Measured temperature histories for 

thermocouple (a) T3, (b) T4 and (c) T5 for 

the 120N10 cases. See Fig. 6.6 for the 

thermocouple locations. 

 (c) 

 

Table 6.2. A summary of the 12 BOP welding tests 

Test v (mm/s) 𝑞𝑒 (J/mm) 

90N6-1, 2, 4 4.6, 3.8, 3.8 465, 562, 559 

90N10-1, 2, 3 3.5, 3.1, 2.3 608, 694, 938 

120N6-1, 2, 3 6.2, 5.8, 5.0 478, 517, 592 

12010-1, 2, 3 3.2, 3.2, 2.8 946, 936, 1074 

Note: The 𝑞𝑒-value is calculated for an efficiency of 100%. The 90N6-3 test was a failure, 

hence the 90N6-4 test. 

 

6.5 Comparison with model 

Sample plate specimens from those welding trials were analysed by Mr. Spyrodon 

Alexandratos and Prof. Noel O’Dowd (both from the University of Limerick), as part of the 

present collaborative project using neutron diffraction to measure the welded plate residual 

stress state. The residual stress data is used here to validate the through-process model 

described in Chapter 5. To that end, a 2D FE model is developed to represent the plate 

geometry. A 2D model was selected for computational expediency. The 2D FE plate is 

described in Fig. 6.13. Figure 6.13a shows the general dimensions of the FE geometry and 
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Fig. 6.13b shows the converged mesh (3,724 elements, 11495 nodes). A mesh convergence 

study was conducted, in which a 230% increase in mesh refinement resulted in a 1% change 

to the examined result, which was the transverse stress at the PM-WM interface at the weld 

centreline. 

 

 
(a) 

 
(b) 

 
(c) 

Fig. 6.13. (a) The general dimensions of the 2D FE model of the plate geometry, including 

the location of the WM, (b) the location of FE nodes corresponding to thermocouples T1 to 

T5 (see Fig. 6.6) and (c) the converged FE mesh. 

 

The FE plate is defined as being of exaggerated width in order to provide enough mass to act 

as a heat-sink, similar to the role played by the jig and vice in the experiment. The depth of 

the plate was 17 mm and FE nodes were positioned such that they represented the depths and 

locations of the thermocouple tips.  
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The weld bead is idealised as being of rectangular shape and the weld bead was modelled as 

flush with the top surface of the plate (in actual fact, the weld beads tended to protrude about 

2 mm from the plate surface). Song et al. [234] describes the heat energy input to a 2D 

welding simulation, in the style as follows: 

𝑄𝑎′ = 𝑄𝑏′ + 𝑄𝑐′ (6.3) 

𝑄𝑏′ = 𝜌𝑚𝑎𝑡𝐶𝑝(𝑇𝑚 − 𝑇∞)𝐴𝑝𝑎𝑠𝑠 (6.4) 

𝑄𝑐′ = 2𝑘(𝑇𝑚 − 𝑇∞)√
𝑡ℎ𝑜𝑙𝑑

𝜋𝛼𝑑𝑖𝑓𝑓
𝐿𝑠 

(6.5) 

where 𝑄𝑎′ is the total linear heat input (J/mm), 𝑄𝑏′ is the energy needed to heat the weld bead 

to the melt temperature, 𝑇𝑚, and 𝑄𝑐′ is the heat needed to maintain the melt temperature for a 

period of time, 𝑡ℎ𝑜𝑙𝑑. 𝐴𝑝𝑎𝑠𝑠 is the cross-sectional area of the weld bead and 𝑇∞ is the ambient 

temperature. 𝑘 is thermal conductivity, 𝜌𝑚𝑎𝑡 is material density, 𝐶𝑝 is specific heat capacity 

and  𝛼𝑑𝑖𝑓𝑓 is thermal diffusivity. 𝐿𝑠 is the length of the interface between the weld bead and 

the parent metal. 

 

Equations 6.4 and 6.5 describe the analytical heat input for a 2D welding simulation. In this 

chapter, however, the heat load was defined as a volumetric heat flux in an Abaqus Standard 

heat-transfer analysis and calibrated to match the recorded bottom-surface thermocouple (e.g. 

T3 to T5) results from the 120N10-2 test.  Comparison was made only against these 

thermocouples, since they gave more consistent results than the top-surface thermocouples 

across all tests (the latter were adversely affected by slag). The heat load applied to the WM 

elements using a 22-second long triangular waveform. 22 seconds was estimated as the 

thermocouples heat-up time from initial temperature to peak temperature, based on 

thermocouple data.   
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The results from thermocouples T3 and T4 were generally matched by the FE model but the 

FE node corresponding to T5 over-predicted temperature compared to the test data. The 12 

mm hole, being deeper, had poor contact with the plate. 

 

Initial comparisons between the experimental results and the FE-predictions led to 

speculation that the arc from the welding process itself was acting as a secondary heat source 

(illustrated schematically in Fig. 6.14) and causing additional heating of the plate, not 

captured in the FE model. 

 

An experiment was conducted to investigate the heat emission directly from the electric arc, 

either through radiation or through blasting hot air or flux onto the plate surface. A mild steel 

plate was welded using a metal inert gas (MIG) process (in order to eliminate the possibility 

of hot slag skewing the results), with a thermocouple in contact with the plate surface and 

another off the surface, aimed directly at the electric arc. A third thermocouple was mounted 

away from the surface but shielded from the arc in order to measure heat emitting from the 

plate surface. This setup is schematically described in Fig. 6.15. 

 

  

(a) (b) 

Fig. 6.14. (a) The modelling assumption for arc welding: that only the weld pool provides 

heat to the plate, and (b) a possible alternative: that the electric arc acts as a secondary heat 

source. 
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Fig. 6.15. Experimental setup to investigate the effects of the electric arc on thermocouple 

results (arrows indicate heat transfer). 

 

The purpose of the investigation was to determine whether or not the arc itself provides 

significant heat relative to the weld pool. Recorded thermal histories from this experiment are 

displayed in Fig. 6.16. It is clear from Fig. 6.16 that the arc itself is a significant source of 

heat.  

 

 
Fig. 6.16. Temperature history data recorded from three thermocouples, two in the air, one of 

which was shielded from the arc, and one embedded in the plate surface. Note that two beads 

were laid, hence the two peaks in the data. 

 

Some of the P91 BOP tests were therefore repeated, this time with a shield to protect the top 

surface thermocouples. The same naming convention as for the earlier tests was used to 
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identify the repeat tests. Figure 6.17 shows the comparisons of recorded peak temperature 

between the old and new tests. Observation of the T1 and T2 results between the original and 

the repeat tests show a significant effect of the shield, with all of the new test results showing 

lower peak temperatures except for the 120N-6-6 test (Fig. 6.17c), which recorded a similar 

temperature to the 120N6-1 test. This is attributed to the weld bead approaching very close to 

the heat shield. 

 

The FE model was modified to account for this extra heating. A buffer-zone was included in 

the FE model, 34 mm wide and 1 mm high and heated in parallel with the WM elements. 

This geometry is described in Fig. 6.18. 

 

  
(a) (b) 

  
(c) (d) 

Fig. 6.17. Comparison of the original (‘old’) set of tests with the new set for (a) the 90A case, 

6 mm weld bead, (b) 90A, 10 mm, (c) 120A, 6 mm and (d) 120A, 10 mm cases for 

thermocuples T1 (data sets on left) and T2, with spurious data eliminated from the original 

set of tests. See Fig. 6.6 for the thermocouple locations. 
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(a) 

 

Fig. 6.18. (a) Dimensions of the FE BOP 

geometry (all dimensions in mm), 

thermocouple holes 1.5 mm wide, and (b) 

the locations of the buffer zone, WM and 

the five thermocouples. (b) 

 

. 

The model was compared to the welding experiment 120N10-2. In the experiment, the arc 

current was 120 A, the voltage 24.8 V and the power 2,976 W, assuming 100% efficiency. In 

fact, MMA welding processes have efficiencies of 50% to 100% [102, 106, 108]. The torch 

speed was approximately 2.8 mm/s, giving net line energy of 1067 J/mm. 

 

The weld bead was taken as being 9 mm wide and 2 mm deep into the material. Calibration 

against thermocouple data (from the first set of tests, without shielded thermocouples) led to 

the selection of a 3 W/mm
3
 flux in the weld bead and 1 W/mm

3
 in the buffer, to represent 

heat from radiation and blasted hot air and flux gas directly from the arc heating the plate 

surface. The heat applied to the weld bead led to an FE torch efficiency of 60%. The heat 

from the arc accounted for almost all of the remaining torch power.  
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The welding step in the simulation was 22 s long and the cooling step was 720 s long. The 

results of the comparison between thermocouple data and FE results are shown in Fig. 6.19. 

For the thermal simulation, 8-node, quadratic, heat transfer quadrilateral (DC2D8) elements 

are used. The resulting thermal history was applied to an identical FE geometry for 

mechanical analysis, following previously published methodologies [28, 55, 105, 108] and 

residual stress results were predicted. For the mechanical simulation, 8-node, biquadratic, 

plane stress quadrilateral with reduced integration (CPS8R) elements are used. 

 

  
(a) (b) 

  
(c) (d) 

 

Fig. 6.19. Comparison of modelled (solid 

lines) and test data (dotted lines) for the 

thermocouples (a) T1, (b) T2, (c) T3, (d) T4 

and (e) T5 (see Fig. 6.18b) for test data 

without a heat shield and FE simulation with 

the arc heat source. (e) 
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The residual stress results were presented using normalised stress. Only transverse or normal 

stress could be measured from plane-stress FE geometry. The residual stress measurements 

corresponded to only longitudinal and transverse stress. Figure 6.20 shows a schematic of the 

paths along which residual stress is predicted in the FE plate. Transverse stress was measured 

through the weld centreline from the weld cap to the bottom surface of the plate 

(corresponding to path (1) in Fig. 6.20) and from the subsurface mid-plane (depth 3 mm) of 

the plate to the edge (corresponding to path (2)).  

 

 
Fig. 6.20. A schematic of the paths (1) and (2) along which transverse residual stress (𝜎𝑥𝑥) 

results are predicted.  

 

The stress results are presented in normalised form 𝜎𝑥𝑥 𝜎𝑦⁄ . The results of the comparison are 

shown in Fig. 6.21. Note that in Fig. 6.21a, the model results do not include the near-surface 

depth associated with the weld cap because the FE model does not simulate it. 

 

The FE simulation was repeated without the buffer zone to verify the FE methodology 

against thermocouple data recorded during the repeat tests, which used a heat shield. The 

results of this verification are displayed in Fig. 6.22, showing close agreement between the 

test data and FE predictions. The corresponding FE-predicted residual stress results are 

negligibly affected relative to those of Fig. 6.21. 
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(a) (b) 

Fig. 6.21. Comparison between test data (points) and predicted (lines) normalised transverse 

residual stress in the welded plates for (a) a line from the weld cap through the WCL and (b) 

a transverse line parallel to the top surface of the plate. Directions x and y from Fig. 6.20. 

Residual stress measurements courtesy of Mr. Spyridon Alexandratos, University of Limerick. 

 

  
(a) (b) 

  
(c) (d) 

Fig. 6.22. Comparison of modelled (solid lines) and test data (dotted lines) for the 

thermocouples corresponding to positions T1, T2, T3 and T4 (Fig. 6.18b), for test data with a 

heat shield and FE simulation without the arc heat source. 

 

Comparison of the HAZ depth is presented in Fig. 6.23. The predicted HAZ is represented by 

predicted PAG size, which allows for demarcation between the PM and HAZ. A rectangular 

geometry was defined for the WM in the FE geometry. Note also, that in the test the weld 
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bead was applied on top of the horizontal top surface of the plate, whereas in the FE model 

the weld bead is effectively the WM region, which sits below the top surface. The HAZ depth 

is compared along the surface, along the WCL and along a diagonal line. It is difficult to 

demarcate precisely the boundary of the HAZ using optical microscopy, so approximate 

upper and lower boundaries are identified. The comparative dimensions are displayed in 

Table 6.3. Note that the FE results presented in Fig. 6.23 correspond to the FE model with the 

arc heat source, which heats the plate surface. One key point is that, despite the assumed 

rectangular shape for the FE model WM, the resulting shape of the HAZ is parabolic, similar 

to that observed in the micrograph. It is noted that the CGHAZ is predicted to have smaller 

PAGs than the PM. This is due to the modelling assumptions and idealisation described in 

Chapter 5, namely (a) of only temperature-dependent grain recrystallization (Eqn. 5.2) and (b) 

that grain-growth does not begin until recrystallization completes (Eqn. 5.3).  

 

 
 

Fig. 6.23. Comparison of optical observation of the WM and HAZ compared to the FE 

prediction, with the HAZ represented using PAG size. Optical observation courtesy of Mr. 

Spyrodron Alexandratos, University of Limerick. 

 

Table 6.3. Comparative dimensions of HAZ depth between micrograph observations and FE 

prediction. 

Dimension (mm) Observed Predicted 

𝐻𝐴𝑍𝑊𝐶𝐿 1.17 to 1.52 1.52 

𝐻𝐴𝑍𝑑𝑖𝑎𝑔 0.91 to 1.68 0.54 

𝐻𝐴𝑍𝑠𝑢𝑟𝑓 0.41 to 0.62 3.93 
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In Table 6.3, there is general agreement between the measured and the predicted HAZ 

dimension along the WCL. There is disagreement for the diagonal measurement, which can 

be attributed to the prescribed shape of the WM area, the rectangular shape of which reduces 

the local depth of the HAZ relative to the observed parabolic shape. The significant for the 

top surface dimension is attributed to the use of an arc heat source, which increases the 

predicted temperatures at the plate surface and, consequently, the predicted 𝐻𝐴𝑍𝑠𝑢𝑟𝑓. For the 

simulation without the arc heat source, the predicted 𝐻𝐴𝑍𝑠𝑢𝑟𝑓 is 1 mm, which is significantly 

closer to the observed values. 

 

Further validation of the model (Chapter 5) was possible by comparing (a) the predicted size 

and shape of the HAZ, measured by Mr. Spyrodron Alexandratos (University of Limerick), a 

member of the collaborative research project, and (b) nano-indentation hardness of one of the 

welded plates, measured by Mr. Edward Meade (University of Limerick), another member of 

the collaborative research project, against predictions made by the FE simulation. The nano-

hardness was converted to Vickers hardness following the relationship described by Costin et 

al. [235]. Figure 6.24 shows two model comparisons against the test data. One is of the 

predicted hardness values from the model. The other is based on predicted yield stress values 

by dividing the predicted yield stress values by a factor of 2.5, an observed correlation 

between hardness and yield stress [184]. The hardness predictions are, on average, less than 

18% lower than the measured results.  

 

In Fig. 6.24, the hardness evolution model tends to capture peak values of hardness better but 

the yield stress-derived prediction captures the gradient in hardness from WM to PM better. It 

should be noted that a hardness profile across a P91 weld by Pandey et al. [62] showed 

similar WM peak hardness and PM hardness to those predicted by the model., indicating that 
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although the agreement between the model and the test is not perfect, the model is 

sufficiently general to apply to other welding processes. 

 

An additional opportunity for validation of the material model from Chapter 5 is the BOP test 

and modelling work of Li et al. [96]. In that work, a 200 mm × 200 mm × 6 mm plate was 

subjected to single- and multi-pass welding. A 2D cross-section of that plate, Fig. 6.25, is 

modelled, and the transverse stresses parallel to the top surface of the plate (depth 2 mm) are 

predicted and compared to the measured results.  

 

 

(a) (b) 

Fig. 6.24. (a) A comparison between predicted and measured hardness for the welded plate as 

a function of distance along the top surface of the plate, based on the hardness and yield 

stress evolution models (Chapter 5), and (b) a sketch showing the measurement location and 

path direction. Hardness values courtesy of Mr. Edward Meade, University of Limerick. 

 

Figure 6.26 shows the comparison of (i) the model from the present work (Chapter 5), (ii) the 

measured residual stress data and (iii) the model results of Li et al. [96], for 1-pass, 2-pass 

and 4-pass cases. Li et al. assumed a perfectly-plastic material and utilised a 

phenomenological, rule-of-mixtures approach and the TRIP equations of Leblond et al. [157]. 
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(a) 

 
(b) 

 
(c) 

Fig. 6.25. Dimensions of the (a) 1-pass, (b) 2-pass and (c) 4-pass FE plate geometry for 

comparison against data from Li et al. [96]. Dimensions in mm. 

 

In Fig. 6.26a, it can be seen that the present model matches the maximum and minimum 

stresses more accurately than the model of Li et al. Maximum tensile stresses are particularly 

important to predict due to their association with crack growth [156].  

 

The present model under-predicts the maximum tensile stress by 25%, compared to the Li et 

al. model under-predicting by 58%. In Fig. 6.26b, the 2-pass case, the present model over-

predicts the maximum tensile stress by 14% whereas the Li et al. model under-predicts by 

32%. In Fig. 6.26c, the present model and the model used by Li et al. give generally 

comparable matches to the test data, although the present model tends to predict greater 

compressive and lower tensile stress compared to the test data or the Li et al. model. 

 

 



 

231 
 

 
(a) 

 
(b) 

 
(c) 

Fig. 6.26. A comparison of measured transverse residual stress data (parallel to top surface of 

the plate) from Li. et al. [96] against model predictions from the current work and Li et al., 

where x is the transverse distance along the plate and x = 0 is the centre of the plate, for (a) 1-

pass, (b) 2-pass and (c) 4-pass cases. 
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6.6 Discussion 

The focus of this chapter was experimental validation of the thermal model and stress and 

hardness prediction methodology developed from Chapters 3 to 5, specifically the model 

presented in Chapter 5. The BOP tests were designed to be repeatable and consistent by (a) 

machining plates from PM material only, so that no changes in material were introduced by 

machining the plates from welds, and (b) repeating each test twice in order to identify 

spurious results. The thermocouples used were all of the same brand, make and model to 

eliminate inherent discrepancies between them and the same data-logger was used for all tests. 

The manner by which the plates were machined was designed to produce plates of equal size 

and the thermocouple holes were drilled in a consistent manner in order that the results from 

different tests could be reliably compared. 

 

The positions of the thermocouple holes were based on the extensive experience of the NeT 

group [106]. Despite the P91 plate being narrower than the NeT plate and there only being 5 

thermocouples instead of 9, it was possible to match some of the NeT thermocouple positions. 

To ensure consistency of hole-depths, deeper holes were utilised for the P91 plates, e.g. 8 mm 

rather than 6.5 mm deep. 8 mm was considered to be a more repeatable dimension to machine 

than 6.5 mm. 

 

A jig was designed in order to hold the thermocouples in position. The jig relied on the elastic 

spring-back effect of the thermocouples to hold them in position. This method was 

considered a success, based on the consistency of the recorded temperature results (Figs. 6.10, 

6.11). The results were particularly consistent for the thermocouples along the bottom surface 

of the plate, where slag from the welding process had no effect. 
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The welding process employed in this work was MMA. During testing, the top-surface 

thermocouples were frequently hit by hot slag. This had two effects. The first was to heat the 

thermocouple so that it became hotter than the P91 plate and gave falsely high readings. The 

other was that slag could adhere to the thermocouple in one test and then prevent it from 

sitting properly in its hole in the next test, leading to further false readings. The use of a heat 

shield in the repeat tests mitigated problems regarding the top-surface thermocouples. 

 

In order to control the MMA welding process, the bead-width was defined in advance of the 

test as an alternative to defining a torch speed. Table 6.2 indicates that this method was partly 

successful, with general agreement in torch speed between two out of the three tests for each 

weld bead and current.  

 

The measured temperature histories were used in FE models to calibrate the heat input and to 

identify the welding efficiency of the process. During the process, the effect of arc shine, the 

heating effect directly from the electric arc, was first appreciated. Investigation of the arc 

shine indicated that it had affected the recorded temperature histories on the top surface of the 

plate. By accounting for arc shine, four of the five thermocouple histories were matched, with 

the fifth, belonging to the 12 mm deep thermocouple, attributed to a poorly-seated 

thermocouple, e.g. the thermocouple was not actually 12 mm deep into the plate and so 

inevitably recorded lower temperatures than the FE prediction. FE simulation conducted 

without the effect of arc shine (Fig. 6.21) showed close correlation with recorded 

thermocouple data from the repeat tests, which used a heat shield.  

 

The FE models were 2D, plane stress simulations rather than 3D. This was considered 

sufficient to predict transverse stresses without the complexity of a 3D model, which would 
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require a moving heat source or a complicated method of element birth, as well as significant 

computational expense. The general agreement between the modelled and the 

experimentally-observed normalised residual stress results justify the 2D approach. The 

model is seen to capture the maximum tensile residual stress values very closely (e.g. within 

5% of the measured data) and also the general trend of the distribution in terms of 

compressive-tensile spatial variation, etc. It is noted that the FE weld bead was flush with the 

top surface of the plate compared to the real weld bead and so the results in Fig. 6.20a 

required extrapolation. However, the agreement between the prediction and the other residual 

stress data points give a degree of confidence to the extrapolation.  

 

The predicted HAZ is compared to micrograph observations in Fig. 6.23. Assumptions are 

made as to the boundaries of the PM, HAZ and WM in the micrograph based on the obvious 

dark and light regions corresponding to the WM and HAZ, respectively. The boundary of the 

light region was taken as the lower bound HAZ, with an additional allowance approximated 

for inclusion of the ICHAZ and CGHAZ. The predictions shown in Fig. 6.23 correspond to 

the simulation using an arc heat source and this explains the over-predicted HAZ length along 

the plate surface. Without the arc heat source, this surface HAZ length reduces from 3.93 mm 

to 1 mm. The arc heat source had negligible effect on the other two HAZ dimensions 

considered. There is close agreement between the measured and predicted HAZ depth along 

the WCL and the under-predicted diagonal depth is attributed to the assumed rectangular 

cross-section of the weld bead. An assumed parabolic shape would be expected to improve 

agreement for the diagonal measurement also. 

 

While the exclusion of the arc heat source reduces the predicted extent of the HAZ along the 

surface, it still over-predicts the observed values. However, it is noted that the manual nature 
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of the welding process might have produced instances of greater HAZ coverage along the 

plate surface that were not captured in the specific micrograph used. Such possible variation 

applies to each of the HAZ measurements. At the same time, precise comparison of the 

model and micrographs is limited by the accuracy of measurement and identification of the 

HAZ boundary in the real component, as compared to the much simpler process for the 

present model, due to the inclusion of microstructure variables. Overall, the FE model 

produced a reasonably representative HAZ region in terms of shape and depth.  

 

Figure 6.24 shows comparison between predicted and measured hardness data for the BOP 

test. There is general agreement although the peak hardness in the WM is under-predicted by 

about 25%. A recalibration of the hardness evolution model (Chapter 5) may be necessary but 

the purpose of the work presented in this chapter is merely validation of the existing model. 

At the same time, the hardness prediction based on yield stress is considered more physically 

based, since (a) the yield stress predictions are based on precipitate evolution models and (b) 

it captures the hardness gradient across the HAZ better than the present hardness evolution 

model, represented by Eqns. 5.5 to 5.7.  

 

Alternative weld hardness data [62] suggests that peak hardness of approximately 450 

kgf/mm
2
 is not too low to expect, while Lee and Maruyama [34] measured up to only 500 

kgf/mm
2
 in the CGHAZ with 450 kgf/mm

2
 in the WM, with Divya et al. [77] measuring 

similar values and Tavares et al. [236] observed hardness between 450 kgf/mm
2
 and 520 

kgf/mm
2
. This indicates that the present model is applicable to 9Cr steel in general and not 

restricted to any one sample or welding process. 
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Further validation against residual stress test data (Fig. 6.26), indicates that the present model 

has good applicability to 9Cr steel in general, a fact that is essential for a design tool in which 

a general, generic 9Cr microstructure would be assumed in the absence of detailed 

characterisation. The present model tends to capture the residual stress in the vicinity of the 

weld, although accuracy is lost remote from the weld. In general, regions remote from the 

HAZ are not critical regions in power plant and the focus is on the ICHAZ [31, 122]. The 

present model compares well with that of Li et al. [96], insofar as it exhibits a similar 

oscillating pattern, although the present model tends to over-predict compressive stress. If 

peak tensile stress is taken as a design criterion then Figs. 6.26a and 6.26b indicate that the 

present model is superior to that of Li et al., for the 1-pass and 2-pass cases, in particular.  

 

6.7 Conclusions 

This chapter presents bead-on-plate testing of P91 material and validation of the through-

process model described in Chapter 5. The tests were performed in a consistent manner using 

appropriate filler metal and instrumentation. Spurious results were identified and eliminated 

and the remaining data was used to calibrate the temperature load for FE modelling, which 

was then used to predict microstructural and residual stress evolution. The key findings are as 

follows: 

 The MMA welding process was easy to define in terms of torch power, and torch 

speed was generally well-controlled by specifying a desired bead width for the test. 

 Hot slag from the MMA welding process interfered with the recordings of some 

thermocouples. 

 Arc shine was suspected of supplying extra heat to surface thermocouples and its 

inclusion in FE simulation improved agreement between model predictions and the 
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test data. Conducting tests with a protective heat shield produced results with which 

FE predictions without inclusion of the arc were more consistent. 

  General agreement was achieved between (a) the thermal FE simulation and recorded 

temperature histories, (b) the predicted and measured transverse residual stress and (c) 

the predicted and measure hardness profile across the weld. 

 The predicted hardness values were in agreement with measurements made by other 

authors, indicating the applicability of the model to general welding processes. 

 General agreement was achieved between the model predictions and the residual 

stress measurements from other authors. 

 

The work presented in this chapter demonstrated the capacity to conduct welding experiments 

in a controlled, consistent manner. The through-process model from earlier chapters can be 

considered to be essentially validated, despite some shortcomings in the predictions and 

within the context of welding residual stresses, hardness and HAZ microstructure. Crucially, 

the model shows general agreement with test data recorded by other authors, indicating that 

the model is sufficiently general to be applied to general welding processes, which is an 

important aspect of a design tool for industry.    
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Chapter 7 

Gleeble physical simulation and thermomechanical fatigue of P91 HAZ 

material 

7.1 Introduction 

TMF testing is an important method to assess plant materials for flexible operation. In this 

chapter, a programme of Gleeble physical simulation of welding is presented in collaboration 

with IMDEA in Madrid. Furthermore, TMF testing is conducted on the parent metal and the 

simulated HAZ material with and without post-weld heat treatment. 

 

The focus of this chapter is an assessment of the relative performance of HAZ, both with and 

without PWHT, compared to parent P91 material. Comparisons are also made with model 

predictions using the constitutive model developed in Chapter 5. 

 

Section 7.2 describes the Gleeble physical welding simulation, to produce heat-affected zone 

P91 material, along with the subsequent TMF test program implemented at IMDEA Madrid, 

as well as the specimen geometry and results of the Gleeble welding simulation and TMF 

testing. Section 7.3 presents comparisons of the TMF tests and corresponding predictions by 

the model developed in Chapter 5. Section 7.4 discusses the main findings of the chapter and 

Section 7.5 presents the conclusions. 

 

7.2. TMF test program and results 

The simulated welding tests were conducted on a Gleeble 3800. A more complete description 

of the Gleeble 3800 test rig is given by Bíró and Csizmadia [237], including examples of its 

application; further applications are presented by Castro Cerda et al. [238] and Rahimian et al. 
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[239]. For brevity, a Gleeble 3800 is capable of simulated welding temperatures (up to 

3,000
o
C) with high heating rates (up to 10,000

o
C/s) and cooling rates (-10,000

o
C/s) in 

electrically-conductive materials. Heating and high heating rates are achieved by electrical 

resistance heating, in which electric current is passed though the test specimen. High cooling-

rates are achieved using cooling jets and high thermal conductivity grips, which allow the 

rapid dissipation of heat, to hold the specimen. The Gleeble 3800 is also capable of tensile 

and cyclic loading (20 metric tonnes in compression, 10 metric tonnes in tension) at a range 

of strain-rates (crosshead speed from 0.001 mm/s to 2,000 mm/s) [240], making it suitable for 

TMF testing. The purpose of the present simulated welding trials was to generate P91 ICHAZ 

material, to allow manufacture of standard test specimens in order to characterise the TMF 

behaviour of ICHAZ. The test specimens were machined from the same P91 pipe material 

described in Chapter 6 to the specifications described in Fig. 7.1. Apart from simulated as-

welded (AW) ICHAZ specimens, PM and ICHAZ with PWHT tests were planned. Hence, a 

comparison of the PM, ICHAZ (AW) and ICHAZ (PWHT) TMF behaviour would be 

possible, allowing for investigation of the effect of both welding and PWHT separately. 

 

 
Fig. 7.1. Specifications of the test specimens used for simulated welding and TMF testing. 

Dimensions in mm. 
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A single thermal history was applied to the specimens but four different methods of cooling 

the specimens, described in Table 7.2, were attempted in order to best match the prescribed 

thermal history. It is important to accurately match the thermal cycle because poor 

temperature control would possibly lead to different HAZ microstructure from test to test, 

compromising repeatability. 

 

The temperature history used to produce simulated ICHAZ specimens was based on predicted 

thermal results from Chapter 6 because (a) none of the thermocouples described in Chapter 6 

were located precisely in the ICHAZ and (b) the agreement between the FE thermal 

predictions and thermocouple data in Chapter 6 was considered sufficiently accurate to justify 

extrapolating an ICHAZ temperature cycle from the predicted ICHAZ in the FE bead-on-

plate geometry. The differences between the output and input temperatures are shown in Fig. 

7.3 for the four tests. The thermal cycle was expected to produce ICHAZ material due to the 

peak temperature being defined as close to 𝐴𝑐3 in order to allow phase transformation despite 

the short time period spent above 𝐴𝑐1. Figure 7.4 shows the four samples following Gleeble 

simulation. 

 

Table 7.1. A description of the four initial thermal-cycle tests. 

Tests Number Air jet Jet pressure Jet on Jet off 

1 No - - - 

2 Yes 190 kPa 850
o
C 290

o
C 

3 Yes 100 kPa 850
o
C 290

o
C 

4 Yes 180 kPa 850
o
C 20

o
C 
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Fig. 7.2. The defined temperature-time curve, extrapolated from a FE bead-on-plate (Chapter 

6) predicted curve, for producing simulated ICHAZ specimens.  

 

It is clear from Fig. 7.3a that Test 1 produced significant deviation from the input temperature 

cycle during cooling and this motivated the use of an air jet for the subsequent tests (Table 

7.1). The Test 1 deviation occurred in the temperature range of start of martensite 

transformation and deviation from specimen to specimen in this temperature range was not 

desirable for TMF testing. Test 2 (Fig. 7.3b) used an air jet to control the cooling-rate and 

produce more consistent ICHAZ material. The large deviation from Test 1 was eliminated but 

two temperature jumps were introduced when the air jet turned on and off. Test 3 (Fig. 7.3c) 

reduced the air jet pressure in an attempt to reduce the magnitude of the temperature jumps 

but instead it increased them. This was attributed to the lower air pressure cooling the surface 

but not the core of the specimen, leading to the Gleeble feedback sensors erroneously 

detecting that it was under-heating the specimen, with consequent increased power and hence 

increased temperature jumps. It also generated an undesirable oxide layer on the specimen 

(see Fig. 7.4).  
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(a) (b) 

  
(c) (d) 

Fig. 7.3. The discrepancies between the four simulated welding cycles and the input thermal 

cycle for the different tests, (a) to (d): Tests 1 to 4 (Table 7.1), respectively. 

 

 
Fig. 7.4. The four test specimens, post simulated welding. Note Test 3 with discolouration in 

the middle of the gauge region, indicating an oxide layer. 

 

Test 4 (Fig. 7.2d) increased the air jet pressure but the jet was kept on for the entirety of the 

cooling period so that the second temperature jump was avoided, giving the closest match to 

the input thermal cycle (Fig. 7.2). The specimen used for Test 4 was sectioned by IMDEA 

technicians to examine the microstructure, as shown in Figs. 7.5 and 7.6. 
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Fig. 7.5. The cross-section of Specimen 4 showing HAZ, PM and transition zones. For scale, 

the HAZ section is 7 mm wide. 

 

For Test 4 (Figs. 7.3 and 7.4), cracks were observed in the HAZ (Fig. 7.6). The cause of these 

cracks was found to be the rapid cooling-rate (Fig. 7.2). Further thermal-cycle investigation 

using natural cooling led to a much slower cooling-rate than the input thermal cycle but 

cracks were avoided. Hence, it was decided to adopt natural cooling for future specimens so 

as to avoid introducing cracks prior to TMF testing.  

 

  

(a) (b) 

Fig. 7.6. Cracks observed in the HAZ of specimen 4: (a) and (b) at the surface. 

 

For the TMF testing, IMDEA technicians advised that the duration of tests not exceed 8 hours 

in case the thermocouples would detach and temperature-control be lost. Examination of 
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TMF data from Barrett et al. [225] and Li et al. [205] gave an indication of duration for TMF 

tests, based on strain-range and strain-rates. In order to ensure that all testing conducted for 

the current research was rapid (to avoid problems with detachment of thermocouples), the 

TMF test matrix for IMDEA, displayed in Table 7.3, was selected. 

 

Three materials were tested: PM, simulated as-welded ICHAZ and simulated ICHAZ with 

PWHT. For PWHT conditions, a peak temperature of 760
o
C, a hold time of 30 minutes and 

heating and cooling rates of 220
o
C/hour were selected. These PWHT conditions are 

consistent with the PWHT standard ISO/TR 14745:2015 [17]. For all tests, the maximum 

temperature was defined to be 650
o
C and the cycle time was defined as 40 seconds. The 

minimum temperature was 522
o
C. 

 

Table 7.3. TMF test matrix for P91 at IMDEA, Madrid, for all specimens, for both TMF-IP 

and TMF-OP. 

Test condition Value 

-rate 0.04 %/s 

-range +0.4%, -0.4% 

Wave t 40 s 

T-range 650
o
C to 522

o
C 

 

A schematic representation of in-phase (IP) and out-of-phase (OP) TMF loading cycles is 

shown in Fig. 7.7. For IP testing, the maximum tensile strain is synchronised with the peak 

temperature and the maximum compressive strain with the minimum temperature. For the OP 

test, the maximum tensile and compressive strains are synchronised with the minimum and 

maximum temperatures, respectively. 
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(a) (b) 

Fig. 7.7. A schematic representation of (a) TMF-IP and (b) TMF-OP temperature, 𝑇, and 

strain, 휀, histories. Note that 휀 refers to mechanical strain. 

 

It was not clear from optical microscopy on a specimen subjected to a peak temperature of 

850
o
C that ICHAZ microstructure had, in fact, been produced. Later thermal cycles increased 

the peak temperature to 900
o
C in order to produce unambiguous ICHAZ or even FGHAZ 

material. The new temperature cycle applied to test specimens in order to generate simulated 

ICHAZ material is shown in Fig. 7.8. 

 

 
Fig.7.8. The applied thermal cycle for generating ICHAZ specimens. 

 

Optical microscopy results for PM, simulated HAZ and simulated HAZ with PWHT are 

shown in Figs. 7.9 and 7.10, along with optical microscopy of the FGHAZ from a P91 

welded joint [241]. In Fig. 7.9a, the PM shows the expected hierarchical microstructure with 
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clear striations indicating the orientation of blocks and packets. The as-welded HAZ (Fig. 

7.9b) shows refinement of the microstructure, consistent with PAG and lath refinement in the 

FG-ICHAZ.  

 

  
(a) (b) 

  
(c) (d) 

Fig. 7.9. Micrographs of the (a) PM, (b) simulated HAZ (AW) and (c) simulated HAZ 

(PWHT) with (d) FGHAZ [241]. 

 

The PWHT process (Fig. 7.9c) appears to have produced a less refined microstructure, 

consistent with lath-recovery. Comparison with microscopy results for similar material at the 

same resolution [241], shows clear resemblance between the simulated HAZ from the present 

work and the FGHAZ from a welded joint. At a lower resolution, Fig. 7.10, there is clear 

resemblance between the simulated HAZ generated in the Gleeble and the IC-FGHAZ in a 
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P92 welded joint [242]. Therefore, it is concluded that the HAZ material produced by the 

Gleeble thermal cycle is representative of ICHAZ. 

 

 
(a) 

 
(b) 

Fig. 7.10. Comparison of the microstructure across the HAZ for (a) the present work and (b) 

a comparison with a T92 welded joint [242]. 

 

The numbers of cycles to failure for the TMF testing of PM and simulated ICHAZ are 

summarised in Table 7.4. It is clear that the ICHAZ (AW) material had the longest TMF-IP 

and TMF-OP lives relative to the other materials. The effects of the TMF loading phase (IP 

or OP) is clear for the PM and ICHAZ (AW) materials, with significant reductions in TMF 

life for the TMF-OP case relative to the TMF-IP case. The ICHAZ (PWHT) case, however, 

has a similar TMF life for both loading phases. These results are generally consistent with 

those obtained by other authors for TMF loading [205], indicating that there were no spurious 

results.  
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During the test, it was found that temperature-control was stable. However, due to 

extensometer slippage problems on the gauge region, it was decided to use the Gleeble rig 

itself to control strain, based on crosshead stroke displacement. The stroke distance in each 

test was generally well-controlled but there was variation in the stroke distance from test to 

test, as shown in Fig. 7.11. The maximum and minimum stresses versus cycles for the six 

tests are shown in Figs. 7.12 and 7.13. In Fig. 7.12, the test results are presented by material 

and in Fig. 7.13, by the TMF-IP and TMF-OP test conditions. 

 

Table 7.4. Results of the P91 TMF testing regime 

Material TMF cycle Nf 

PM IP 365 

PM OP 118 

Simulated ICHAZ (AW) IP 562 

Simulated ICHAZ (AW) OP 277 

Simulated ICHAZ (PWHT) IP 173 

Simulated ICHAZ (PWHT) OP 196 

 

In Fig. 7.12, as expected, the peak tensile stresses are higher for the TMF-OP tests than for 

the TMF-IP tests. Similarly, the magnitude of the compressive stresses are greater for the 

TMF-IP than TMF-OP tests. This is consistent with the material showing a harder response at 

lower temperatures. 

 

Figure 7.13 shows that after the first 50 or so cycles, the ICHAZ (AW) material is 

significantly stronger than the ICHAZ (PWHT) and PM cases, particularly for the OP 

condition; for the earlier cycles, it is significantly softer. The AW material also has a 

significantly longer life. In fact, considering that the actual displacement and strain is lower 

for the AW case (see Fig. 7.11), the increased strength is likely to be even larger. 
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(a) 

 
(b) 

Fig. 7.11. The maximum and minimum applied stroke displacement per cycle for (a) TMF-IP 

and (b) TMF-OP tests. 
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(a) 

 
(b) 

 
(c) 

Fig. 7.12. The evolution of maximum tensile and compressive stress for the (a) PM, (b) as-

welded HAZ and (c) PWHT HAZ TMF-IP and TMF-OP tests. 
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(a) 

 
(b) 

Fig. 7.13. The evolution of maximum tensile and compressive stress per cycle for (a) TMF-IP 

and (b) TMF-OP tests. 

 

The ICHAZ (AW) specimens tended to harden significantly during the tests before softening 

at later cycles, whereas the other materials experienced little or no hardening. This is 

attributed to higher initial dislocation-density from newly-formed martensite allowing for 

work-hardening prior to softening. For the PM and ICHAZ (PWHT) cases, the material is 

tempered, with lower dislocation-density and reduced opportunity for hardening.  

 

Sample hysteresis loops from the six tests are shown in Figs. 7.14 to 7.16.  Strain, 휀, is 

calculated as follows: 
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휀 =
𝛿

𝑙𝑢
  (7.1) 

where 𝛿 is stroke displacement and 𝑙𝑢 is the length of the test specimen between the threaded 

section, i.e. the length of the specimen to which the stroke is applied.  

 

Figures 7.14 to 7.16 show the measured stress-strain responses for the three different 

materials. The limitations of relying on stroke-displacement control during the test are 

evident. The first cycle (e.g. Figs. 7.14a and 7.14c) shows an initial short stroke followed by 

strokes to the correct displacement, which produces the correct strain-range.  

 

  
(a) (b) 

  
(c) (d) 

Fig. 7.14. Stress-strain loops for the TMF-IP PM test for (a) the first and (b) the 100
th

 cycle 

and for the TMF-OP PM test for (c) the first and (d) the 100
th

 cycle. 

 

The shapes of the loops are different from those seen in Barrett et al. [225] (also shown in Fig. 

5.12), although Fig. 7.14d, for example, displays the typical TMF-OP shape, e.g. a flatter 

stress-strain gradient in compression, corresponding to softer material response at high 
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temperature. This indicates that, despite the limitations of the instrumentation, the material 

behaved in a manner consistent with other test data.  

 

In Figs. 7.15b, 7.15c and 7.15d, there is an indication that the material shows a harder 

response at low temperature but the data sampling-rate is too low to completely represent the 

stress-strain loops. The slopes of the loops as they approach unloading appear to be shallower 

at high temperature (tensile strain in Fig. 7.15b, compressive in Figs. 7.15c and 7.15d). This 

again indicates that, despite the limitations of the data acquisition, the material behaved as 

expected. 

 

  
(a) (b) 

  
(c) (d) 

Fig. 7.15. Stress-strain loops for the TMF-IP ICHAZ (AW) test for (a) the first and (b) the 

100
th

 cycle and for the TMF-OP ICHAZ (AW) test for (c) the first and (d) the 100
th

 cycle. 
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(a) (b) 

  
(c) (d) 

Fig. 7.16. Stress-strain loops for the TMF-IP ICHAZ (PWHT) test for (a) the first and (b) the 

100
th

 cycle and for the TMF-OP ICHAZ (PWHT) test for (c) the first and (d) the 100
th

 cycle. 

 

Figure 7.16 shows a similar trend to Fig. 7.15, in that the slope of the stress-strain loops 

approaching unloading are different in compression and in tension, indicating that the 

material is behaving as expected for a TMF test.  

 

The fracture surfaces of the specimens are shown in Fig. 7.17. The TMF-OP ICHAZ (PWHT) 

specimen did not fracture during the test but it is clear from Figs. 7.12c and 7.13b that is was 

approaching failure. 
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(a) (b)  

   
(c) (d) (e) 

Fig. 7.17. Fracture surfaces of the (a) IP PM, (b) OP PM, (c) IP ICHAZ (AW), (d) OP 

ICHAZ (AW) and (e) IP ICHAZ (PWHT) test specimens. 

 

It is clear from Fig. 7.17 that the specimens experienced ductile failure, with well-defined 

crack-initiation zones, followed by a smooth area of sudden fracture. For the in-phase tests 

(Fig. 7.17a, 7.17c and 7.17e), the crack-initiation and propagation regions account for a 

greater proportion of the cross-sectional area than for the out-of-phase tests. Furthermore, the 

fracture region for the IP ICHAZ (AW) is the smallest of the four specimens, corresponding 

to the longest TMF life. The specimen with the most clearly-defined fracture region, the OP 

PM specimen (Fig. 7.17b), had the shortest TMF life. 
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7.3 Comparison with material model  

The material model developed in Chapter 5 has been shown to be able to predict the stress-

strain behaviour of 9Cr steel under TMF conditions (Fig. 5.12). Figure 7.18 shows the stress-

cycle comparison for the PM tests.  

 

 
(a) 

 
(b) 

 

Fig. 7.18. Comparison of model and test data evolution of maximum tensile and compressive 

stress per cycle for (a) TMF-IP PM and (b) TMF-OP PM tests. 

 

In Fig. 7.18, the model is seen to over-predict tensile stress but capture the compressive stress 

quite well for the IP case. This trend is reversed for the OP case. Figure 7.19 shows the same 

comparisons for the ICHAZ (AW) tests. In this case, the model significantly over-predicts the 
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early-stage tensile stresses; due to initial hardening of the test data compared to assumed 

softening of the model, the stresses approach each other with increasing cycles. However, the 

model response terminates after fewer cycles, due to significant under-prediction of failure 

life.  

 

 
(a) 

 
(b) 

Fig. 7.19. Comparison of model and test data evolution of maximum tensile and compressive 

stress per cycle for (a) TMF-IP ICHAZ (AW) and (b) TMF-OP ICHAZ (AW) tests. 

 

Figure 7.20 shows the model predictions and test data for the ICHAZ (PWHT) tests. There is 

general agreement between the predicted and measured stress values for the IP test in tension 

(Fig. 7.20a) and for compressive stresses in the OP test (Fig. 7.20b). These results correspond 
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to the stresses at maximum temperature. The magnitude of the low-temperature stresses is 

generally under-predicted by the model. For the OP test, this means under-predicting the 

tensile stress, an important design criterion discussed in Chapter 6, resulting in a non-

conservative prediction.  

 

 
(a) 

 
(b) 

Fig. 7.20. Comparison of model and test data evolution of maximum tensile and compressive 

stress per cycle for (a) TMF-IP ICHAZ (PWHT) and (b) TMF-OP ICHAZ (PWHT) tests. 

 

All of the model stress-cycle predictions are displayed in Fig. 7.21. It is clear that the ICHAZ 

(AW) is predicted to be the hardest material, consistent with the test results shown in Fig. 

7.13. In contrast to the results in Fig. 7.13, the ICHAZ (PWHT) material is predicted to be 
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significantly softer than the PM. The test results show that the stress values for the two 

materials are comparable. However, the model has captured the trend of increased hardness 

from PM to ICHAZ (AW), followed by reduced hardness from ICHAZ (AW) to ICHAZ 

(PWHT). 

 
(a) 

 
(b) 

Fig. 7.21. The evolution of maximum tensile and compressive stress per cycle for (a) TMF-IP 

and (b) TMF-OP tests. 

 

7.4 Discussion 

This chapter presents the simulated welding of P91 material and associated TMF testing. 

Furthermore, the model developed in Chapter 5 was compared against test data obtained from 

the tests conducted at IMDEA. 
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Of key importance to this chapter was the testing of ICHAZ material, for which a suitable 

thermal cycle had to be identified in order to produce ICHAZ specimens during simulated 

welding tests. The initial testing, focusing on the thermal cycle, proved valuable, to produce 

consistent ICHAZ specimens for later tests. Experiments using cooling air jets improved 

control over the ICHAZ temperature history but compromised the structural integrity of the 

specimens by introducing cracks due to overly-rapid cooling. This experience led to 

modification of the test matrix to account for free cooling that ensured that the ICHAZ 

specimens were free of cracks prior to TMF testing. The microscopy comparisons shown in 

Figs. 7.9 and 7.10 give confidence that the simulated welding produced microstructure 

representative of ICHAZ. 

 

The material used to provide specimens is the same as that which provided the plates for 

welding trials in Chapter 6. It was possible to machine specimens that were free of WM or 

HAZ so that each specimen was nominally identical in terms of microstructure. The geometry 

of the specimens was chosen based on consultation with IMDEA technicians, based on best-

practice and experience.  

 

The test matrix was designed to ensure specimen failure within 8 hours of testing. For that 

reason, the strain-range was moderate (0.8%) but with a relatively rapid strain-rate in order to 

increase the number of cycles within the 8-hour period. The maximum temperature of 650
o
C 

was chosen because (a) it is an ultra-supercritical operating temperature, (b) this is at the limit 

of the operating range for 9Cr steel and is therefore of interest for power plants moving to 

increased efficiency and (c) other test data corresponds to lower temperatures, e.g. 400
o
C to 

600
o
C [225].  
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The tests relied on stroke displacement control rather than strain control due to slippage of 

the high-temperature extensometers. Figure 7.11 shows that the displacement control was 

generally consistent during each test, although from test to test there was variation. The 

stress-cycle results from the testing (Figs. 7.12 and 7.13) show (a) increased stress magnitude 

for the IP tests in compression and for the OP tests in tension, (b) that, after some initial 

transient response, the ICHAZ (AW) material is harder than the PM and (c) that the ICHAZ 

(PWHT) is softer than the ICHAZ (AW) and similar to the PM. These results are consistent 

with (a) the increased stress magnitudes corresponding to stresses at lower temperature, 

where the material is harder, (b) the ICHAZ (AW) material consisting of newly-formed, hard 

martensite phases and (c) the ICHAZ (PWHT) material consisting of softer, tempered 

martensite material, similar to the PM.  

 

The strain was calculated by dividing the stroke displacement by the specimen length but the 

stress-strain results for the first and 100
th

 cycles (Figs. 7.14 to 7.16) show the limitations of 

stroke displacement control. The shapes of the loops are not precisely the same as typical 

TMF test data, e.g. Fig. 5.12. Therefore, comparison for the stress-strain loops was not 

directly possible between the model and the test data. However, there is some indication that 

the material behaved as expected during TMF testing, e.g. the stress-strain slope was lower at 

high temperature than at low temperature. 

 

The fracture surfaces indicate that the material could withstand a reduction in cross-sectional 

area up to a point, after which sudden failure occurred. This behaviour appeared to be least 

evident in the ICHAZ-IP case. This material is predicted to be a stronger material than the 

PM, so it would appear as though the specimen retained its strength even as cracks initiated 
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and grew. For other specimens, there are more obvious smooth areas where sudden failure 

occurred, indicating a lower threshold of strain energy necessary to cause rapid crack 

coalescence compared to the ICHAZ-IP case. The material model does not explicitly model 

damage, crack growth dynamics, etc. Other authors have successfully implemented a range of 

damage models, e.g. continuum [49, 229], mixed ductile and brittle [243], energy-based [154, 

244], S-N curve-based [245], etc. However, such detailed damage modelling is an area for 

future research. The lack of a detailed damage model resulted in poor agreement between the 

predicted and measured TMF lives. However, it is noted that the main emphasis of the 

current work is the microstructure-sensitive constitutive behaviour of the different materials, 

rather than the failure behaviour, and that the key opportunity for validation is the stress-

cycle data as opposed to the TMF life results. 

 

The test results indicate that the simulated ICHAZ (AW) material is superior to the PM or 

simulated ICHAZ (PWHT) under TMF conditions. It should be noted that the material in 

question is simulated ICHAZ and not a cross-weld specimen and therefore lacks certain 

features of welded connections such as adjacent hard and soft material regions causing strain 

incompatibilities, leading to cracking. The presence of such a hardened material region in a 

welded joint will weaken the joint as a whole, even if the material region is itself stronger due 

to the welding process. Furthermore, the simulated ICHAZ (AW) material lacks PWHT and 

is the result of a single thermal cycle, and therefore is unrepresentative of typical plant 

component material, which would have PWHT and would have been produced by multi-pass 

welding processes, with the associated effects of auto-tempering to soften the ICHAZ even 

without PWHT.  
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PWHT leads to a more homogeneous material across the welded joint as a whole and reduces 

residual stresses, but can result in the ICHAZ being the softest material region and therefore 

the source of weakness for the joint as a whole, as has been the industry experience. In this 

chapter, the simulated ICHAZ (PWHT) is found to have a reduced TMF life compared to the 

PM for the TMF-IP case (Fig. 7.13a). For the TMF-OP case, the TMF life is very similar to 

that of the PM (Fig. 7.13b). This indicates that following PWHT, the ICHAZ will have 

comparable or reduced strength compared to the PM, consistent with industry experience. 

 

Comparison of the cyclic stress data shows general agreement between the model and the 

data for most of the tests in terms of the magnitudes of the compressive and tensile stresses. 

The material model correctly predicts (a) increased tensile stress magnitude compared to 

compressive for TMF-OP conditions and the opposite for TMF-IP, and (b) increased 

stabilised cyclic strength of the ICHAZ (AW) material, and decreased stabilised cyclic 

strength in the ICHAZ (PWHT) material, although the model over-predicts the degree of 

cyclic softening compared to the test data (Fig. 7.13). Overall, the model captures the 

qualitative trend and shows general quantitative agreement with the test data presented. 

 

7.5 Conclusions 

This chapter presents the results of a programme of collaborative testing with IMDEA 

(Madrid), for Gleeble physical simulation of P91 heat-affected zone material and subsequent 

TMF testing of this material, with and without PWHT, and of P91 parent metal. The key 

conclusions are as follow: 

 The simulated ICHAZ (AW) material has significantly increased cyclic strength in 

TMF compared to PM and simulated ICHAZ (PWHT) material, especially for the 



 

264 
 

more critical out-of-phase test case. However, the simulated ICHAZ (PWHT) and PM 

cyclic strengths are similar. 

 The tests also show that the simulated ICHAZ (AW) material has a significantly 

longer life in TMF than the PM and simulated ICHAZ (PWHT). The simulated 

ICHAZ (PWHT) has a longer TMF-OP life than the PM but a shorter TMF-IP life.  

 Hence, PWHT is seen to lead to inferior TMF behaviour than the as-welded ICHAZ 

for the present physically-simulated tests. This is consistent with industry experience 

of the ICHAZ as a weak material region since power plant components typically 

receive PWHT to relieve welding residual stress and to avoid issues with strain 

discontinuities between adjacent hard and soft material regions (e.g. as-welded 

ICHAZ and PM). 

 The model of Chapter 5 shows reasonable agreement with the stress versus cycles 

response in terms of the general trend of AW compared to PM and of PWHT 

compared to AW. It also shows general agreement in terms of TMF-OP response 

compared to TMF-IP response. 

 However, the failure model does not generally capture the trends and magnitudes of 

TMF life, especially in terms of the longest life of simulated ICHAZ (AW). 

 Further work is required to develop better relationships and understanding between 

physically-simulated welding and real welding processes and an improved failure 

prediction model for ICHAZ under TMF conditions. 
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Chapter 8 

Conclusions and Recommendations 

8.1 Conclusions 

The work presented in this thesis represents a first step towards a process-structure-property 

through-process methodology for the welding and in-service operation of 9Cr steel power 

plant components. The majority of the target tasks (Table 1.1) were accomplished and 

Chapter 5 demonstrated a working through-process model. The validation work in Chapters 6 

and 7 gives confidence to the predictions made by the through-process model. 

 

A temperature-dependent microstructure evolution model was developed to predict the 

effects of welding thermal cycles and PWHT on the microstructure of P91. This model was 

calibrated against simulated welding, heat treatment and ageing data for 9Cr steel. A 

microstructure-sensitive, visco-plasticity constitutive model was calibrated against isothermal 

tensile and HTLCF data at a range of temperatures, strain-ranges and for different material 

phases, such as austenite, newly-formed martensite and tempered martensite. The constitutive 

model was applied to representative CW specimen and 9Cr power plant geometry, as well as 

to bead-on-plate validation cases. 

 

The thermal modelling methodology followed previously-established computational methods 

such as element-birth and the use of temperature-dependent thermal properties. These 

methods were sufficient for modelling purposes and their use was justified by (a) the 

experience of previous authors and (b) the agreement between predicted and measured 

temperature histories in the case of the bead-on-plate experiments (Chapter 6). Unlike 

previous work, however, the effect of the welding arc itself was found to have a significant 
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heating effect on the surface of the plates. To the author’s knowledge, this effect is not 

addressed by other authors. 

 

The microstructure evolution model was calibrated against extensive and representative 9Cr 

microstructure data for heat treatment, aging and simulated welding. As a motivation for the 

work was a design tool for industry, and, bearing in mind that there is variation between 

samples of what is ostensibly the same grade of 9Cr steel, it was not considered vital to 

perfectly match the evolution model to any one set of microstructure data. It was 

advantageous to have a generalised model that could be confidently applied to different 

samples of 9Cr steel, or to samples with assumed microstructures. The models developed in 

the current work were able to (a) predict the location of newly-formed martensite where it 

was expected, (b) replicate the typical PM-ICHAZ-FGHAZ-CGHAZ-WM graduation of 

weld-affected material regions, and (c) capture the softening and microstructure-

homogenising effects of PWHT. 

 

The constitutive model was temperature- and microstructure-sensitive, calibrated against 

monotonic and cyclic 9Cr data, with further refinement in Chapter 7 to account for 

thermomechanical fatigue data. The three main materials considered in the through-process 

model were austenite, tempered martensite and newly-formed martensite. Austenite was 

modelled as being soft and ductile but only present at high temperatures during welding. 

Austenite was therefore less significant overall than the other two material phases. Newly-

formed martensite was modelled as hard, with low ductility, narrow laths, reduced presence 

of M23C6 carbides and a tendency to cyclically soften more rapidly that the softer, more 

ductile, tempered martensite. The constitutive response was represented by implicit, 
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hyperbolic sine-based, visco-plasticity equations. The visco-plastic parameters, 𝛼 and 𝛽, were 

identified from monotonic test data using a novel method.  

 

As the modelling methodology evolved, the level of sophistication with respect to 

incorporation of key physical mechanisms expanded but the total number of modelling 

parameters was reduced due to identification and implementation of numerical efficiencies. 

The initial model (Chapter 3) is perhaps over-fitted but the later model of Chapter 5 is much 

more general and applicable as a design tool. As the microstructure evolution model 

developed, so did the microstructure-sensitivity and physical basis of the model. Ultimately, 

the key microstructure parameters used in the model are solid-state phase, PAG size, Vickers 

hardness, lath-width and carbide precipitate diameter and area fraction. The constitutive 

model was validated (a) qualitatively against TMF [205] (Chapter 3), (b) against DIC-

measured stress-strain results for CW P91 [43] and CW HTLCF and WLRF data [33] 

(Chapter 4), (c) against cyclic P91 data [181] (Chapter 5), (d) against bead-on-plate residual 

stress data [96] (Chapter 6) and (e) against TMF data for simulated P91 ICHAZ, with and 

without heat treatment (Chapter 7). 

 

The experimental welding trials provided an opportunity to validate the through-process 

model. The trials were conducted in a consistent and repeatable manner for four welding 

cases. The validation of the model was successful and the testing established a welding trial 

capability at NUI Galway. The transverse residual stress results from the bead-on-plate tests 

indicated that the stresses could be as high as the material yield stress, both in tension and 

compression, in the as-welded state. That the constitutive model successfully predicted this 

was an important result, as the presence of such stresses could induce material yielding at 

very low applied stresses, or pressures, in the case of steam pipelines in power plant. 
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The TMF testing conducted in collaboration with IMDEA provided valuable insight into the 

behaviour of different P91 material phases under TMF loading conditions. The simulated 

ICHAZ (AW) material was found to be cyclically stronger and to have a longer TMF life 

than the PM or simulated ICHAZ (PWHT). The simulated ICHAZ material was found to 

soften after PWHT and its TMF life was found to reduce. These results confirm experimental 

observations that the ICHAZ is a weaker material region following PWHT, which is typical 

of CW specimens and power plant components. The superior TMF performance of the AW 

material does not necessarily indicate that a welded joint would benefit from forgoing PWHT, 

as the presence of a locally hard material region would lead to stress concentration and strain 

incompatibilities.  

 

The material model developed in Chapter 5 was shown to capture the general trend of 

increased material strength following welding, followed by a reduction in strength following 

PWHT. It also predicted cyclic stress responses in general agreement with the test data. 

However, the TMF life predictions did not agree with the test data. This is attributed to an 

underdeveloped damage model.  

 

Ultimately, the success of this PhD can be judged against the tasks set out in Table 1.1. These 

tasks included thermal, microstructural and constitutive modelling, experimental testing and 

case studies. Chapters 3 to 5 fulfilled the requirements of Task 1 (Table 1.1), the macro-scale 

evolution model. Task 2, the heat source and thermal model calibration, was not as actively 

pursued as other tasks due to the availability of published thermal properties, the adoption 

thereof satisfying the task. As mentioned, the thermal model predicted temperature histories 

consistent with the test data in Chapter 6. Task 3, the mechanical model and its verification, 
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was also accomplished with its development in Chapters 3 to 5 and its verification in 

Chapters 6 and 7. Task 4, the welding trials, is described in Chapter 6, although girth-welding 

proved unfeasible in the time available to the PhD. The trials were conducted without strain-

gauge arrays but neutron-diffraction analysis (conducted by other researchers in the 

MECHANNICS project) served as a means of extracting constitutive results.  

 

Tasks 5 and 6, the simulated welding tests and high-temperature fatigue tests are described in 

Chapter 7. The applied thermal cycle for simulated welding was originally to be taken from 

FE bead-on-plate simulations (Chapter 6) to represent the ICHAZ temperature history but a 

slower cooling-rate than was predicted was necessary to avoid the specimens cracking. Only 

one thermal history was specified instead of five and the thermomechanical loading was 

constrained by a maximum test duration of 7.5 hours, so loads representative of in-service 

loading could not be specified. However, the tests were successfully conducted and used to 

validate and refine the material model. Due to time constraints, WM and CW specimens 

(specified in Table 1.1) were not to be tested, nor were notched specimens. HTLCF testing 

was not attempted due to (a) extensive calibration of the constitutive model against published 

cyclic data and (b) extensive HTLCF testing conducted on P91 from the same source as that 

available to this PhD, which made questionable the novelty or utility of further HTLCF 

testing. Chapter 5 accomplished Task 7 with its through-process simulation of the 9Cr pipe 

geometry and the prediction of in-service damage-initiation times for different welding and 

PWHT processes.  

 

Overall, a key goal, a design tool for industry, was achieved even if it needs some additional 

development, such as implementation in more accessible software than Abaqus. Refinement 
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of the modelling methodology and accomplishment of outstanding tasks can be addressed in 

future work. The following section details proposals for future work. 

 

8.2 Recommendations for future work 

Despite the success of the work presented in this thesis, certain aspects remain under-

developed. The modelling methodology was only applied to axisymmetric or plane-stress FE 

models and not to full 3D geometries. While this is acceptable for certain considerations, the 

effect of the weld bead starting and stopping, with possible associated local changes to the 

microstructure compared to locations away from the weld bead start and stop positions, could 

not be captured. Parallel, ongoing work in the MECHANNICS project is targeted at 

modelling 3D of geometries. The 2D assumptions also prohibited the modelling of welded 

connections, such as T-pieces, in which the axes of the two pipe sections are different. In 

future, 3D FE modelling work should be pursued if possibe; in order to even more closely 

represent real-world welding processes and components. This aspiration will become more 

feasible with increasing computing power.  

 

The microstructural model lacks certain aspects identified in Chapter 2 as important for long-

term in-service performance of 9Cr components. Laves phase and corrosion, for example, 

were not considered because the emphasis was on cyclic softening from flexible-operation 

power plant conditions. At the same time, not all power plant operates flexibly so, for those 

cases, the current through-process modelling methodology would, perhaps, be less relevant. 

Corrosion [246] and Laves phase [27] are typically more significant after long-term exposure 

to high temperatures. Solute strengthening and the effect of MX precipitates were similarly 

not included, although they are they are the subject of research by other authors [49, 197] in a 

parallel project to MECHANNICS. For the present work, it was decided to include M23C6 
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precipitates, as a preliminary step, and as the dominant precipitate for 9Cr alloys, was 

sufficient for the current work. A more detailed and comprehensive microstructural model 

should be developed in future to include such parameters and effects. 

 

The microstructure models presented in this work are macro-scale models but microstructure 

measurements tend to record distributions of microstructure parameter values [23, 247]. For 

example, neighbouring PAGs may be of different sizes but the current model will represent 

them as having a single, average size. The same principle holds true for all microstructure 

parameters, such as lath-width and precipitate diameter, so there is a need for more thorough 

measurement of microstructural features in order to identify their distributions as well as a 

manner by which the model can use these distributions rather than average values as inputs, 

for example, the crystal plasticity work of Li et al. [204, 208], which accounted for specific 

lath-width and precipitate diameter values.  

 

The influence of welding and material defects like hydrogen, voids, micro-cracks and 

inclusions (e.g. oxide particles) were not considered in this work. Such defects can have 

dramatic effects on component strength [78, 93] but they were beyond the scope of the 

current work. There is a need, therefore, to account for welding defects, especially since 

hydrogen migration is a factor in the failure location of 9Cr welds under different creep 

conditions [93]. A further consideration for future work is the effect of the migration of 

alloying elements in welded regions, e.g. for dissimilar metal welds (DMWs). Strengthening 

elements can migrate from one steel in a DMW to the other [248], weakening one and 

leading to strain localisation. 
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The current methodology is limited to 9Cr steel but it is common industrial practice to use 

DMWs and next-generation materials, such as MarBN, are constantly in development. There 

is a need to extend the modelling methodology to DMWs and next-generation steels in order 

to improve its applicability. Aside from these, extending the methodology developed here 

simply to other power plant steels, e.g. 12Cr ferritic steels, stainless steel and Inconel alloys, 

is a consideration for future work. In fact, the methodology could be extended to all kinds of 

additional steel applications and not just power plant, e.g. oil-and-gas pipelines. Again, other 

researchers in the MECHANNICS project have also investigated next-generation bainitic oil-

and-gas pipeline steel [249]. 

 

The current methodology models the influence of welding and PWHT on constitutive 

response. It would be attractive to extend this work to include the pre-welding processes, 

such as normalising and tempering processes, too. These pre-welding processes are what 

produce the initial, ‘as-received’ material used in this work. It is possible that the in-service 

performance can be influenced even by the properties of the ‘as-received’ material. By 

extension, the modelling methodology could be extended back even further to the production 

of the 9Cr steel in the first place: back to the rolling, forging or casting processes and to the 

alloying elements used in the molten metal. Such work would surely provide the most 

comprehensive through-process modelling methodology possible and identify optimal 

industrial practices at all stages in the process.  

 

The constitutive model was calibrated against monotonic and HTLCF data but creep and 

creep-fatigue data was not used. The material response to dwells at constant stress and high 

temperature (e.g. the in-service loads applied to the pipe geometry in Chapter 5) was 

presumed to be captured by microstructure evolution and tempering effects, which softened 
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the material, but the model was not specifically calibrated for creep or creep-fatigue. There is 

a need for a more detailed and comprehensive constitutive model to account for such loading, 

possibly taking into account related microstructure parameters such as solutes and Laves 

phase [183]. 

 

The cyclic model was calibrated was for fully-reversed loading. Realistic loading on power 

plant components is unlikely to be fully reversed. Testing under non-proportional or non-

symmetric HTLCF, and even TMF, conditions should be conducted in order to ensure that 

future constitutive models can cope with any variety or combination of cyclic loading 

histories. Although Chapter 5 showed that the model had some capacity to account for non-

symmetric TMF conditions, there is a need for more comprehensive analysis of such 

condition. There is also need for a more sophisticated damage model to predict cyclic and 

TMF life better. This is especially evident from the poor agreement between the predicted 

and measured TMF lives presented in Chapter 7. 

 

The bead-on-plate testing was limited to a single welding process, MMA, and to single-pass 

tests, without preheat or PWHT. Multi-pass MMA and MIG tests with preheat and PWHT, as 

well as more comprehensive and thorough microstructure and residual stress analysis, should 

be conducted to characterise microstructure evolution and constitutive behaviour better. 

Normalising and tempering experiments should also be conducted in order to produce a wide 

range of ‘as received’ material in order to extend the microstructural and constitutive data 

available to researchers back to the pre-welded state. Furthermore, the experimental 

fabrication of CW specimens, followed by their testing in HTLCF, TMF, creep, or other 

testing, should be conducted with parallel FE simulation of the fabrication and mechanical 

testing for improved validation of the through-process model.  
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It is clear then that there is much scope for future research, both experimental and theoretical, 

on the subject of through-process modelling of 9Cr power plant components, as well as for 

materials other than 9Cr and components other than those used in power plant. The work 

conducted in this PhD represents a first step. Improvements in computational modelling 

methods (e.g. ThermoCalc, crystal plasticity modelling, phase field modelling) allow for the 

modelling of nano-scale physical interactions between microstructure features and 

improvements in computing power make the use of such methods more feasible. Improved 

microscopy methods (e.g. TEM) enable more accurate and more convenient measurement of 

microstructure features and improvements in mechanical testing (e.g. high-temperature DIC 

[43, 250]) allow for better direct characterisation of separate HAZ regions rather than 

inferring their behaviour from a mixture of testing and simulation. Accelerated creep tests, or 

alternatives to creep testing (e.g. stress-relaxation testing) make it easier to characterise long-

term material behaviour without long-term testing. Altogether, future work will provide more 

detailed through-process models for a wider range of applications and materials than the 

current work. These models will serve as design tools for industry and will improve and 

enhance the manufacture, installation, operation and performance of welded pipe components. 

 

Although future work will produce more sophisticated and all-encompassing through-process 

models, there is scope for the current methodology to be applied as a design tool. Chapter 5 

examined the effects of different welding processes on the damage-initiation zones in girth-

welded pipes and similar investigation should be conducted on welding parameters listed in 

welding standards. Welding standards frequently define welding parameters ‘on the basis of 

experience’, e.g. for joint preparation [16], and the through-process methodology presents an 
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opportunity to provide the material-based explanations for the welding parameters and 

possibly improvements to them.   
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Appendix 1 

A1.1. Double sigmoidal equations 

The model parameters presented in Tables 4.2 to 4.8 were identified at discrete temperatures 

for discrete material states (tempered and untempered martensite and austenite). For 

intermediate martensite phases, e.g. corresponding to different PWHT durations, 

temperature- and lath width-dependent functions were developed and calibrated in this thesis, 

with narrower laths corresponding to less tempered martensite. The general form of a double 

sigmoidal equation, for an arbitrary parameter, 𝐽, is as follows: 

𝐽 =
𝑞1(𝑇 − 𝑞2)𝑞3

√1 + (𝑞1(𝑇 − 𝑞2))
2

+ 𝑞4 +
𝑞5(𝑇 − 𝑞6)𝑞7

√1 + (𝑞5(𝑇 − 𝑞6))
2

+ 𝑞8 
(A1.1) 

where the parameters 𝑞1  to 𝑞8  control the shape of the sigmoidal function. Table A1.1 

presents the list of tables in this appendix used to present the full set of identified parameters. 

Fig. A1.1 shows an example of a plotted double-sigmoidal function. 

 

 
Fig. A1.1. An example of a double-sigmoidal function (line) fitted to the parameter 𝑐1 for 

newly-formed martensite at discrete temperatures from 20oC to 850oC. 
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Table A1.1. A directory of tables in this Appendix detailing model parameters using 

sigmoidal equations. 

Model parameter Material phase Table 

𝑐3 Austenite A1.2 

𝑐4 Martensite A1.3 

𝑐4 Austenite A1.4 

𝑎4 Martensite A1.5 

𝑎4 Austenite A1.6 

𝑥1 Martensite A1.7 

𝑦1 Martensite A1.8 

𝑦1 Austenite A1.9 

𝑦2 Both A1.10 

 

Table A1.2. Identified model parameters for 𝑐3 (austenite) 

Parameter Value 

𝑞1 0.05 (K
-1

) 

𝑞2 560 (
o
C) 

𝑞3 0.015 

𝑞4 0.055 

𝑞5 0.05 (K
-1

) 

𝑞6 750 (
o
C) 

𝑞7 0.015 

𝑞8 -0.015 
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Table A1.3. Identified modelling parameters for 𝑐4 (martensite) 

Parameter Value 

𝑞1 𝑞9 + 𝑞10𝐿𝑤 

𝑞2 𝑞11 + 𝑞12𝐿𝑤 

𝑞3 𝑞13 + 𝑞14𝐿𝑤 

𝑞4 𝑞15 + 𝑞16𝐿𝑤 

𝑞5 𝑞17 + 𝑞18𝐿𝑤 

𝑞6 𝑞19 + 𝑞20𝐿𝑤 

𝑞7 𝑞21 + 𝑞22𝐿𝑤 

𝑞8 𝑞23 + 𝑞24𝐿𝑤 

𝑞9 0.05234 (K
-1

) 

𝑞10 3.66 × 10
-5

 (nm
-1

 K
-1

) 

𝑞11 72 (
o
C) 

𝑞12 0.128 (
o
C

1
 nm

-1
) 

𝑞13 -0.00876 (s
-1

) 

𝑞14 1.83 × 10
-5

 (nm
-1

 s
-1

) 

𝑞15 0.007 (s
-1

) 

𝑞16 9.1 × 10
-6

 (nm
-1

 s
-1

) 

𝑞17 0.0488 (K
-1

) 

𝑞18 1.83 × 10
-5

 (nm
-1

 s
-1

) 

𝑞19 569 (
o
C) 

𝑞20 0.018 (
o
C

1 
nm

-1
) 

𝑞21 0.0341 (s
-1

) 

𝑞22 1.37 × 10
-5

 (nm
-1

 s
-1

) 

𝑞23 0.0676 (s
-1

) 

𝑞24 4.11 × 10
-5

 (nm
-1

 s
-1

) 

 

Table A1.4. Identified modelling parameters 𝑐4 (austenite) 

Parameter Value 

𝑞1 0.05 (K
-1

) 

𝑞2 670 (
o
C) 

𝑞3 0.007 

𝑞4 0.007 
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Table A1.5. Identified parameters for 𝑎4 (martensite) 

Parameter Value 

𝑞1 𝑞9 + 𝑞10𝐿𝑤 

𝑞2 𝑞11 + 𝑞12𝐿𝑤 

𝑞3 𝑞13 + 𝑞14𝐿𝑤 

𝑞4 𝑞15 + 𝑞16𝐿𝑤 

𝑞5 0.05 (K
-1

) 

𝑞6 𝑞17 + 𝑞18𝐿𝑤 

𝑞7 𝑞19 + 𝑞20𝐿𝑤 

𝑞8 𝑞21 + 𝑞22𝐿𝑤 

𝑞9 0.0277 (K
-1

) 

𝑞10 3.66 × 10
-5

 (nm
-1

 K
-1

) 

𝑞11 267 (
o
C) 

𝑞12 -0.2742 (
o
C

1
 nm

-1
) 

𝑞13 1.042 

𝑞14 -0.0026  (nm
-1

) 

𝑞15 2.03 

𝑞16 0.0015 (nm
-1

) 

𝑞17 544 (
o
C) 

𝑞18 0.0914 (
o
C

1
 nm

-1
) 

𝑞19 -1.438 

𝑞20 0.018 (
o
C

1 
nm

-1
) 

𝑞21 -1.438 

𝑞22 1.37 × 10
-3

 (nm
-1

) 

𝑞23 0.0676 (s
-1

) 

𝑞24 1.37 × 10
-3

 (nm
-1

) 

 

Table A1.6. Identified parameters for Table A4.8. Identified parameters for 𝑎4 (austenite). 

Parameter Value 

𝑞1 0.05 (K
-1

) 

𝑞2 580 (
o
C) 

𝑞3 13 

𝑞4 13 

𝑞5 0.06 (K
-1

) 

𝑞6 710 (
o
C) 

𝑞7 13 

𝑞8 -13 
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Table A1.7. Identified parameters for 𝑥1 (martensite) 

Parameter Value 

𝑞1 𝑞9 + 𝑞10𝐿𝑤 

𝑞2 𝑞11 + 𝑞12𝐿𝑤 

𝑞3 𝑞13 + 𝑞14𝐿𝑤 

𝑞4 𝑞15 + 𝑞16𝐿𝑤 

𝑞5 0.05 (K
-1

) 

𝑞6 𝑞17 + 𝑞18𝐿𝑤 

𝑞7 𝑞19 + 𝑞20𝐿𝑤 

𝑞8 𝑞21 + 𝑞22𝐿𝑤 

𝑞9 0.0053 (K
-1

) 

𝑞10 7.3 × 10
-5

 (nm
-1

 K
-1

) 

𝑞11 379 (
o
C) 

𝑞12 0.33 (
o
C

1
 nm

-1
) 

𝑞13 -0.404 

𝑞14 0.01335  (nm
-1

) 

𝑞15 1.7076 

𝑞16 0.1316 (nm
-1

) 

𝑞17 627 (
o
C) 

𝑞18 0.201 (
o
C

1
 nm

-1
) 

𝑞19 0.488 

𝑞20 0.0135 (nm
-1

) 

𝑞21 0.488 

𝑞22 0.0135 (nm
-1

) 

 

Table A1.8. Identified parameters for 𝑦1 (martensite) 

Parameter Value 

𝑞1 𝑞9 + 𝑞10𝐿𝑤 

𝑞2 𝑞11 + 𝑞12𝐿𝑤 

𝑞3 𝑞13 + 𝑞14𝐿𝑤 

𝑞4 𝑞15 + 𝑞16𝐿𝑤 

𝑞5 0.055 (K
-1

) 

𝑞6 750 (
o
C) 

𝑞7 𝑞17 + 𝑞18𝐿𝑤 

𝑞8 𝑞19 + 𝑞20𝐿𝑤 

𝑞9 0.0277 (K
-1

) 

𝑞10 3.7 × 10
-5

 (nm
-1

 K
-1

) 

𝑞11 538 (
o
C) 

𝑞12 0.0366 (
o
C

1
 nm

-1
) 

𝑞13 0.24 

𝑞14 -2.95 × 10
-4

  (nm
-1

) 

𝑞15 0.553 

𝑞16 2.4 × 10
-4

  (nm
-1

) 

𝑞17 -0.37 

𝑞18 3.2 × 10
-5

  (nm
-1

) 

𝑞19 -0.37 

𝑞20 3.2 × 10
-5

  (nm
-1

) 
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Table A1.9. Identified parameters for 𝑦1 (austenite). 

Parameter Value 

𝑞1 0.05 (K
-1

) 

𝑞2 550 (
o
C) 

𝑞3 0.36 

𝑞4 0.46 

𝑞5 0.05 (K
-1

) 

𝑞6 750 (
o
C) 

𝑞7 -0.36 

𝑞8 -0.36 

 

Table A1.10. Identified parameters for 𝑦2 

Parameter Value 

𝑞1 9.3 

𝑞2 0.011 (nm
-1

) 

𝑞3 1.306 

𝑞4 9 × 10
-5

 (nm
-1

) 

 

A1.2. Cyclic reduction in yield stress 

For simplicity, Eqn. 4.21 for the cyclic reduction in yield stress is presented as follows: 

𝑑𝜎𝑦

𝑑𝑁
= 𝑎6(𝜎𝑦 𝑚𝑖𝑛 − 𝜎𝑦) (4.21) 

In fact, the yield stress is correlated with material hardness. At room temperature, the 

correlation is linear, as follows: 

𝜎𝑦 = 𝑘ℎ1 + 𝑘ℎ2ℎ (A1.1) 

where 𝑘ℎ1 and 𝑘ℎ2 are constants, obtained from heat treatment data [30]. ℎ is temperature-

dependent hardness, derived from the relationship in Eqn. A1.1 as well as the temperature-

dependent yield stresses of the material [28]. It is defined, as follows:  

ℎ = (𝐻 + 𝐻2)(1 − 𝑔ℎ1) (A1.2) 

where 𝑔ℎ1 is described in Table A1.11. 𝐻2 is a term used to account for cyclic softening in 

9Cr steel. It represents a cyclic reduction in hardness, which then leads to a reduction in yield 

stress. 𝐻4 was calibrated against material test data from Shankar et al. [33] and is described as 

follows: 

Δ𝐻2 = 𝑔ℎ2〈𝐻𝑐 − 𝐻2〉Δ𝑁 (A1.3) 
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where 𝑁 is a load reversal and 𝑔ℎ2 and 𝐻𝑐 are described in Table A1.11. For austenite, yield 

stress is related to temperature only, as follows: 

𝜎𝑦 = 𝑘1𝑎 + 𝑘2𝑎𝑇 (A1.4) 

where the modelling parameters 𝑘1𝑎 and 𝑘2𝑎 are shown in Table A1.11.  

 

Table A1.11. Modelling parameters for the temperature-dependent yield stress model. 

Parameter Value 

𝑘ℎ1 -161 (MPa) 

𝑘ℎ2 3 (MPa
1
 mm

2
 kgf

-1
) 

𝑔ℎ1 (𝑔ℎ3𝐻 + 𝑔ℎ4)(1 − exp[𝑔ℎ5𝑇]) 

𝑔ℎ3 6.67 × 10
-5

 (mm
-2 

kgf
-1

) 

𝑔ℎ4 0.038 

𝑔ℎ5 0.003 (K
-1

) 

𝑔ℎ2 -0.08 

𝐻𝑐 𝑔ℎ6 + 𝑔ℎ7𝑇 

𝑔ℎ6 124 (kgf
1
 mm

-2
) 

𝑔ℎ7 -0.14 (kgf
1
 mm

-2
 K

-1
) 

𝑘1𝑎 180 (MPa) 

𝑘2𝑎 -1.03 (MPa
1
 K

-1
) 
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Appendix 2 

In this work, the parameters 𝑔1  and �̅�𝐿  for martensite are defined by double-sigmoidal 

equations as a function of temperature, as follows:  

𝑔1 = 0.5(𝐽𝑝 + 𝐽𝑠) +
𝐽𝑟1(𝑇 − 𝐽𝑇1)0.5(𝐽𝑝 − 𝐽𝑠)

√1 + (𝐽𝑟1(𝑇 − 𝐽𝑇1))
2

+
𝐽𝑟2(𝑇 − 𝐽𝑇2)0.5(𝐽𝑓 − 𝐽𝑝)

√1 + (𝐽𝑟2(𝑇 − 𝐽𝑇2))
2

+ 0.5(𝐽𝑓 + 𝐽𝑝) 

           (A2.1) 

�̅�𝐿 = 0.5(𝑃𝑝 + 𝑃𝑠) +
𝑃𝑟1(𝑇 − 𝑃𝑇1)0.5(𝑃𝑝 − 𝑃𝑠)

√1 + (𝑃𝑟1(𝑇 − 𝑃𝑇1))
2

+
𝑃𝑟2(𝑇 − 𝑃𝑇2)0.5(𝑃𝑓 − 𝑃𝑝)

√1 + (𝑃𝑟2(𝑇 − 𝑃𝑇2))
2

+ 0.5(𝑃𝑓 + 𝑃𝑝) 

           (A2.2) 

The seven parameters controlling the rate-term, 𝑔1, are constants (Table A2.1). It was found 

that the parameters 𝑃𝑝, 𝑃𝑠, 𝑃𝑓, 𝑃𝑟1 and 𝑃𝑟2 are dependent on the lath width whereas 𝑃𝑇1 and 

𝑃𝑇2 are not (Table A2.1).  

In the austenite phase, 𝑔1 (Eqn. 5.23) is defined by a linear equation: 

𝑔1 = 𝑔2 + 𝑔3𝑇  (A2.3) 

and �̅�𝐿 (austenite phase) is defined by: 

�̅�𝐿 = 0.5(𝑃𝑝
𝛾

+ 𝑃𝑠
𝛾

) +
𝑃𝑟1

𝛾
(𝑇 − 𝑃𝑇1

𝛾
)0.5(𝑃𝑝

𝛾
− 𝑃𝑠

𝛾
)

√1 + (𝑃𝑟1
𝛾

(𝑇 − 𝑃𝑇1
𝛾

))
2

 
 (A2.4) 

The model parameters for Eqns. A.3 and A.4 are shown in Table A2.1.  
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Table A2.1. Identified parameters for the dislocation-density evolution model 

Parameter Value 

𝐽𝑝 383 

𝐽𝑠 55 

𝐽𝑓 90 

𝐽𝑟1 0.015 K
-1

 

𝐽𝑟2 0.05 K
-1

 

𝐽𝑇1 550 
o
C 

𝐽𝑇2 720 
o
C 

𝑃𝑝 0.867 − 0.014(nm−0.5)√𝐿 

𝑃𝑠 0.27 − 0.0024(nm−0.5)√𝐿 

𝑃𝑓 0.0976 − 0.0009(nm−0.5)√𝐿 

𝑃𝑟1 −0.0077 + 0.0015(nm−0.5)√𝐿 

𝑃𝑟2 0.0225 + 0.0003(nm−0.5)√𝐿 

𝑃𝑇1 275 
o
C 

𝑃𝑇2 555 
o
C 

𝑔2 6.443 

𝑔3 0.0225 K
-1

 

𝑃𝑝
𝛾
 0.3 

𝑃𝑠
𝛾
 0.9 

𝑃𝑟1
𝛾

 0.01 K
-1

 

𝑃𝑇1
𝛾

 710 
o
C 
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