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Abstract

This paper presents a dislocation-mechanics cyclic viscoplasticity model which incorporates
the key physical micro-mechanisms of strengthening and softening for high temperature
deformation of 9Cr steels. In particular, these include precipitate and grain boundary
strengthening, low-angle boundary dislocation annihilation and martensitic lath width
evolution, using dislocation density as a key state variable. The new model is applied to P91
steel across a range of strain-rates, strain-ranges and temperatures in the range 400 °C to 600
°C, for power plant header applications, to demonstrate the effect of key microstructural

parameters on high temperature low cycle fatigue performance.

1. Introduction

The rapid transition in operation of fossil fuel power plants from base-load to flexible loading
mode and the drive to higher temperatures, to accommodate renewable energy sources and to
reduce COz emissions, has led to increased importance of creep, fatigue and oxidation in the
design of next generation plant. Advanced materials, such as tempered martensitic-ferritic
9Cr steels, are a common material of choice for heavy section boiler components due to (i)
their high creep strength at high temperatures as a result of a precipitate- and solute-
strengthened hierarchical microstructure, (ii) their enhanced oxidation and corrosion
resistance, primarily due to the relatively high Cr content, (iii) a favourable coefficient of
thermal expansion and (iv) relatively low cost compared to other candidate materials, such as
Ni-based superalloys. However, due to the diversity and severity of current and future
loading conditions, there is a requirement to reliably predict the life of components under

more demanding flexible operation at higher temperatures.
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The microstructure of 9Cr steels is hierarchical in nature, consisting of prior austenite grains,
packets, blocks and martensitic laths. This hierarchical microstructure and the key
strengthening mechanisms in 9Cr steels are illustrated schematically in Figure 1. Blocks are
the smallest region demarcated by high angle grain boundaries (HAGBs) with dislocation
substructures of low-angle boundary (LAB) martensitic laths located within the block
structures. It is widely documented that the strength of the lath microstructure is inversely
proportional to the lath width, w, [1,2]. In turn, although not to the same extent as the laths,
the HAGB microstructure provides a Hall-Petch type contribution to yield strength, as well as
strengthening via the retardation of dislocations and pile-up formation at HAGBs [3]. In the
unaged microstructure, two main precipitate types are present; (i) M23Cs carbides dispersed
along boundaries and (ii) MX type carbonitrides distributed throughout the microstructure.
M23Ce carbides initially have a typical diameter in the region of 50 to 130 nm [1,2], with a
volume fraction of approximately 2 % [2]. The nano-scale MX carbonitrides, primarily
present in the form of VN and NbC particles, are thermally stable particles with a typical
diameter of 10 to 50 nm [2,4-6]. Solid solution strengthening exists predominantly in the
form of Mo and W solutes.

High temperature fatigue test programs on 9Cr steels [7-13], typically carried out at high
strain-rates (relative to plant operation conditions [13-14]) in the range of 0.01 %/s to 1.0
%l/s, exhibited a significant cyclic softening effect. Sauzay and co-workers [15,16] have
established that this effect is primarily related to the loss of the lath microstructure and a
concomitant reduction in dislocation density. Barrett et al. [17,18] showed that a significant
strain-rate effect occurs for P91 at 600 °C, although the effect is negligible for temperatures
of 500 °C and less. This strain-rate effect has also been observed in other 9Cr martensitic-
ferritic steels, such as P92 [11] and MarBN [19], at temperatures in excess of 550 °C.

Under high temperature loading conditions, microstructural degradation is the key contributor
to failure. The complex nature of the microstructure, coupled with the harsh loading
conditions, results in microstructural evolution in such steels. The mean lath width increases
with increasing cycles under high temperature fatigue [11,20], in conjunction with thermal-
and strain-dependent coarsening of precipitates [21,22]. Subgrain formation under low cycle
fatigue (LCF) has also been observed for a CLAM 9Cr steel at 550 °C [22]. Under creep
deformation, the precipitate microstructure also coarsens; new precipitates form at the
expense of solutes and the hierarchical lath microstructure transforms to a more equi-axed

subgrain dislocation substructure liable to subgrain coarsening, leading (effectively) to a new
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microstructure with reduced creep and fatigue performance. This results in a considerable
reduction of vyield strength and hence, leads to increased plasticity at geometric
discontinuities such as weldments, in particular. The role of oxidation is also critical, with the
LCF life reduced by at least 50 % in air atmospheres [23] compared with vacuum
environments [24] at high temperatures in EUROFER 97, for example. To account for the
effects of these complex mechanisms of deformation and microstructural degradation on next
generation power plants, effective and efficient material models for constitutive behaviour
and life prediction, at the component level, are required.

A wide range of phenomenological models exist for the constitutive behaviour of such
materials, including the Chaboche unified cyclic viscoplasticity model [25,26], the two-layer
viscoplasticity model [27,28] and the MATMOD model [29]. To predict the strain-rate effect
of such materials under high temperature fatigue, a hyperbolic sine modelling methodology
was incorporated in a modified Chaboche framework [17,30] and the MATMOD model [29].
The hyperbolic sine formulation represents a more mechanistic approach to defining the
inelastic strain-rate [31] and has been successfully applied to a range of materials under creep
[32-35] and fatigue [36,37]. For 9Cr steels, Barrett and co-workers [19,30] have shown that
the hyperbolic sine function enables reliable interpolation and extrapolation from higher
strain-rates in laboratory tests to the intermediate and lower strain-rates relevant to flexible
operation of power plants [13].

Although 9Cr steels have a high creep strength, softening due to microstructural degradation
remains a key limiting factor for these materials under fatigue. Thus, there is a requirement to
predict this microstructural degradation and its effect on the constitutive behaviour. For LCF
and thermo-mechanical fatigue of P91 steel, Li et al. [38] have recently presented a crystal
plasticity (CP) model based on measured EBSD microstructures. However, this meso-scale
(block level) model does not incorporate lath and precipitate geometry, although a lath-
precipitate micro-mechanical model for P91 for room temperature monotonic behaviour has
also been presented [39]. The dislocation-mechanics approach of Giroux and co-workers
[11,23] incorporated subgrain width as a key variable for cyclic softening and strengthening
in P92 and EUROFER 97 alloys. However, CP can only simulate a very small region and is
very time-consuming and computationally intensive for design purposes. Physically-based
macro-scale models have been developed for creep: the power law model of Spigarelli [40],
the dislocation-mechanics approach of Magnusson and Sandstrom [41] and the continuum

damage mechanics approach of Oruganti et al., [42], for example, have all been applied to
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9Cr steels. However, such models do not account for LAB dislocation annihilation and cyclic
softening. Sauzay and co-workers [15,16] have developed a theoretical model for the
mechanism of cyclic softening in 9Cr steels based on a dislocation-mechanics model for LAB
dislocation annihilation. Fournier et al. [43] recently developed a self consistent
homogenisation model incorporating the LAB dislocation annihilation model of Sauzay and
co-workers to predict cyclic softening in a 9Cr alloy at 550 °C, with a kinematic back-stress
due to the evolution of the lath microstructure. However, this model omits the key
strengthening mechanism provided by the M23Ces and MX precipitates. The previous work of
Barrett et al. [44] represents an initial step to incorporating precipitate strengthening within a
dislocation-mechanics unified cyclic viscoplasticity model. However, this model does not

simulate grain boundary (GB) strengthening or lath evolution from a physical basis.

Owing to the hierarchical microstructure of 9Cr steels and the complex interactions of
various strengthening mechanisms, a modelling methodology incorporating the complete set
of key strengthening mechanisms and evolutions of the microstructure under fatigue at high
temperatures is required. The approach presented here accounts for this microstructural
degradation via the development of a microstructure-sensitive material model at the macro-
scale based on a dislocation-mechanics framework and the evolution of a set of key
microstructural parameters. Thus, the focus of the current paper is to extend the work of
Barrett et al. [44], to modify the hyperbolic sine flow rule to a more physical definition,
based on Helmholtz free energy and activation volume, and to include (i) a more physical
definition of lath widening, (ii) HAGB strengthening due to the formation of dislocation pile-
ups, (iii) an enhanced definition of the precipitate strengthening mechanism accounting for
the distribution of carbides along GBs and MX carbonitrides throughout the microstructure
and (iv) modelling the evolution of both edge and screw dislocations. This paper also
includes application of this model to the evolution of the microstructure under isothermal
cyclic (strain-controlled) loading conditions for a P91 steel in the 400 °C to 600 °C

temperature range.

2. Modelling Methodology

The dislocation-mechanics material model is developed based on a set of key microstructural
variables, identified from the primary mechanisms of strengthening in 9Cr steels (e.g. see

Figure 1) and the important role they play in cyclic viscoplasticity and creep deformation.



This framework is predicated on the evolution and degradation of the material microstructure

during cyclic viscoplasticity or creep, such that the inelastic strain-rate is defined as:

6 = 1(d, wA.c.p), &

where dg is block width, w is lath width, 4 is precipitate spacing, c is the concentration of
solutes and p is dislocation density.

2.1. Adislocation-mechanics framework for 9Cr steels

At sufficiently large deformation rates, such as in the present paper, diffusional creep
mechanisms are insignificant. In this case, the dislocation-mechanics framework is based on
the mechanism of dislocation glide, whereby a dislocation will glide (undergo inelastic slip)
due to a local thermal activation event [45]. For alloys with obstacles dispersed throughout
the microstructure, a mobile dislocation will continue to glide on a given slip plane until it
becomes immobilised or annihilated. Under such conditions, the inelastic slip-rate can be

defined using Orowan’s equation [46]:
7 = pbv, ®)

where 5 is mobile dislocation density, b is the magnitude of the Burger’s vector (0.248 nm

for b.c.c. alloys) and v is the dislocation glide velocity. The inelastic slip-rate can be related
to the macro-scale strain-rate via the Taylor model [47]:

ZLU )

where M is the Taylor factor (2.9 for b.c.c. alloys) and n is the number of active slip systems.
The number of active slip systems required to define the deformation-rate in the Taylor

model is 5. The glide velocity can be defined in terms of Gibbs Free energy, AG, as [48]:

v:ﬂexp(— kAB?J 4)

where A is a constant, kg is Boltzmann's constant and T is absolute temperature. The pre-
exponential constant, A, is related to solid solution strengthening mechanisms [49,50] and

the frequency factor [31,51,52]. The Gibbs free energy is defined as:



AG = AF —7 AV, (5)

where AF is the Helmholtz free energy (the activation energy for dislocation glide in the
absence of an applied stress), zv is the viscous shear stress, related to the macroscopic viscous
stress, ov, via the Taylor factor (ov = Mz,), and AV is activation volume. In Equation (5), the
term AV represents the work generated by the stress field. Thus, for cyclic deformation, the

inelastic strain-rate is defined as:

& = Aexp(_kgl_: ]sinh[i/lvé\é jsgn(a—ab), (6)
where A is the pre-exponential viscous constant, o is stress and ov is kinematic back-stress.
The use of a hyperbolic sine formulation in Equation (6) allows both forward and backward
activation events to be considered [31] and allows for reliable extrapolation and interpolation
across a broad range of strain-rates in 9Cr steels due to the mechanistic nature of the
hyperbolic sine formulation [30,53]. The kinematic back-stress accounts for long-range
dislocation interactions and is incorporated to capture the observed Bauschinger effect in 9Cr
steels. As discussed by Keller et al. [54], the kinematic back-stress for 9Cr steels consists of
partial back-stresses associated with (i) precipitates, (ii) grain boundaries and (iii) dislocation
cells. Thus, the kinematic back-stress is defined as:

0,=0,+0,+0,, (7)
where oy is the back-stress due to particles, og is the back-stress due to HAGBs and ow is the
back-stress due to the dislocation substructure. The viscous stress (thermal component of

stress) is the difference between the applied stress and the athermal stress components

(isotropic and kinematic), defined for uniaxial loading as:

o, =|a—ab|—af,y°, (8)

where 6y%° is the isotropic cyclic yield stress, defined as:

o =Mz, +1,), ©)

y

where 1o is the yield stress contribution associated with obstacles such as precipitates, solutes

and grain boundaries and zq is the contribution of dislocation density to cyclic yield strength,



quantified using the Taylor hardening equation [55-57], such that the cyclic yield strength can

be defined as:
o) =M (ro + al,ub\/; ), (10)

where a1 is a material constant and x is shear modulus. As the primary focus of the present
study is to predict the effect of the key cyclic softening mechanism (LAB annihilation) on the
evolving cyclic yield strength, it is assumed here that 7o is a constant, e.g. independent of

dislocation density. Thus, the rate change in oy™° is:

- cyc (Xll,lb
6 =M-=F=)p.
y 2\/;:0 (11)

2.2.  Precipitate hardening in 9Cr steels

The bowing out of dislocations pinned at precipitates has been observed in TEM studies for
both creep and fatigue deformation of 9Cr steels [6,11]. As the dislocation bows out of
position between the pinning precipitates, a dislocation annihilation process will occur in a
similar manner to that of a Frank-Read source, resulting in dislocation loops being left around
the precipitates. The formation of dislocation loops around precipitates in 9Cr steels has been
observed in the work of Shrestha et al. [58] and Ye et al. [59], for example. The kinematic
back-stress is a result of the stress field generated by dislocation loops being deposited
around precipitates as pinned precipitates bow out of position. This stress field, in turn,
increases the resistance to motion for the next dislocation and hence, generates a kinematic
back-stress [53]. As pinning of dislocations occurs at both M23Ce and MX precipitates [6], a
rule of mixtures approach, similar to that of Magnusson and Sandstrom [41] and Estrin et al.
[60], is used to account for the different precipitate microstructures at the boundaries and

matrix material (lath interiors), such that the kinematic back-stress is:
ap = (fw + fg %—p,BND + (1_ fw - fg kp,INT , (12)

where fw and fg are the volume fractions of the LAB and HAGB regions, respectively, and
opeND and op,inT are the precipitate induced kinematic back-stress components at GBs and
lath interiors, respectively. An enhanced Fisher-Hart-Pry (FHP) model [61] is developed here

to include (i) an inter-particle spacing term more representative of the spacing observed in



9Cr steels, as described in more detail in Appendix A, and (ii) cyclic deformation [44], as
well as the kinematic back-stress due to the formation of Orowan loops around precipitates.

The modified FHP back-stress is thus defined here as:

Y2 Y2
Gy = Oony| L+ 2.48{MJ f.3/4[gi“nM j +3.00 MK f”[‘gmM j , (13)

J.€q J,€q
Oorj Oorj n

where the subscript j represents different microstructure regions, namely the GB (j = BND,
including both LABs and HAGBS) or lath interior (j = INT) regions, oor,j is the associated
Orowan stress, fjeq i the equivalent associated volume fraction of precipitates in region j and

K is a constant, defined as [61]:

1( v
K —1+E(E], (14)

where v is Poisson’s ratio. The time evolution of Equation (13) is thus:

Y2 3/4
K2 2
G, = {1.24M (6"”” ) i, 309 M 32 lhsn(o - o, ), (15)
n [Peye n

where p is the accumulated effective inelastic strain-rate and peyc is the accumulated effective
inelastic strain accumulated during the load reversal. The Orowan stress is defined as:

lis]
UOr,j = M¢/1_1 (16)

]

where ¢ is the obstacle strength coefficient and 4; is the mean obstacle spacing. From Figure
1, the mean spacing of obstacles at the GBs and in the lath interiors takes into account the
assumption that MX particles are distributed throughout the microstructure and the M23Ce
carbides are dispersed along GBs only. Defining the number density of M23Ce and MX
particles on the slip plane as Nc and Nm, respectively, the total number density of obstacles

along the boundary is thus N, = N_+ N_ . Following a similar geometric argument to that
of Maruyama et al. [1], the mean inter-particle spacing of obstacles is taken as inversely

proportional to the square root of the number density of obstacles, 4, =]/,/NJ. , such that the

mean obstacle spacing at the boundaries and within lath interiors are defined as:



| A2AL
I T 17a
e (Vi ke (172)

At = A (17b)

where 1m and Ac are the mean inter-particle spacings of the MX carbonitrides and M23Cs
carbides, respectively. It is assumed here that excess Mo, i.e. Mo which does not form solutes
contributing to solid solution strengthening, forms Mo23Cs carbides dispersed along
boundaries. Although the carbides along boundaries are typically dominated by the Cr23Cs
carbides, these precipitates are treated here as one family of precipitate and hence, their
spacing is quantified using a mean inter-particle spacing approach. A similar approach is
taken with the MX carbonitrides, in which the primary precipitate types are NbC and VN

particles. The mean inter-particle spacing is defined as [62]:

3 T
/1k=1.2\fE k wherek = ¢, m, (18)

fk,eq

where r is particle radius, feq IS the equivalent precipitate volume fraction and the subscripts
¢ and m denote M23Cs carbides and MX carbonitrides, respectively. In Equation (18), the

factor 1.2 represents the spacing of a critical pair of precipitates for dislocation pinning [63]
and the term /3/2 converts the mean square planar radius to the mean square volumetric

radius, for evaluation of inter-particle spacing based on the volume fraction of precipitates
[61]. In the present work, it is assumed the MX carbonitrides are distributed uniformly
throughout the microstructure. Thus, the equivalent volume fraction of MX carbonitrides is
the measured volume fraction of particles, i.e. fmeq = fm. However, as presented in Figure 1,
the M23Ce carbides are assumed to be dispersed along GBs only, such that the equivalent

carbide volume fraction is:

foeg = <. (19)



2.3. Back-stress at high-angle grain boundaries

HAGBs retard the motion of dislocations due to the formation of dislocation pile-ups at
HAGBsS [3,64], as illustrated schematically in Figure 2. This results in a localised back-stress

given by [65]:

:Mb,un

g g
agdg

g (20)

where og is a material constant with a value of 1/2 and ng is the number of dislocations in the
pile-up. The block size, dg, is used to represent the mean distance between HAGBs. From

Equation (20), the evolution of kinematic back-stress due to dislocation pile-ups is:

_ Mb dgng _ngdg
a dy

(21)

0-9

g
As dislocations of opposite sign can interact at grain boundaries, not all dislocations at the
boundaries are available to contribute to the back-stress presented in Equation (21). Hence,
the probability that a dislocation contributes to grain boundary strengthening is [66]:

P, =1-—2 (22)

where n; is the number of sites available for a dislocation to contribute to the dislocation

pile-up. Thus, the modified Sinclair model for cyclic deformation of Bardel and co-workers

[67] gives:

. M . n, . ’
n = — .
9 b n; son(é,, ) i 23)

where lg is the mean spacing between slip lines and the quantity lg/b is the number of
dislocations required, geometrically, to generate deformation. The block regions do not
coarsen significantly under high temperature fatigue and hence, dq is assumed to remain

constant.
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2.4. Kinematic back-stress due to dislocation substructure

As discussed by Keller et al. [54], a back-stress is generated in 9Cr steels due to the existence
of a dislocation cell network (martensitic lath LAB dislocation substructure).This back-stress
is a function of (i) martensitic lath width, w, (ii) angle of misorientation, @, and (iii) density of
LAB dislocations, pw. The model of Li [68,69], is used to describe the back-stress due to the

dislocation substructure as:

My [0.456h

o, =
1-v\ 27w

(24)
where v is Poisson's ratio, 6 is the angle of misorientation between LABs and w is the
martensitic lath width. Thus, the rate change in of kinematic back-stress due to the dislocation

substructure is:

Y2 : .
My (O.45bwj W — AW 5)

" 1-y\ 276 W

2.5.  Dislocation density evolution

The overall density of dislocations, p, consists of the mobile dislocation density, 5, and

immobile dislocation densities along LABs, HAGBs and within lath interiors, pw, pg, and pi,

respectively, such that the overall density of dislocations is:
p:ﬁ-l_ prw+fgpg+(1_ fw_fg)pi' (26)

The density of dislocations varies as a function of time, due to growth, annihilation and
immobilisation processes. The growth of mobile dislocations is assumed to occur due to a
Frank-Read source [70], as presented schematically in Figure 3a to Figure 3d. This complex
mixed dislocation configuration is modelled here based on the assumption that the Frank-
Read source is considered to be made up of edge parts, with a Burgers vector perpendicular
to the dislocation line direction and screw parts, characterised by a Burgers vector parallel to
the dislocation line direction, as illustrated in Figure 3e. The Orowan equation [46] is used to
model the growth of mobile dislocations, assuming that half are of edge type and half of

screw type:
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... 2 pM

Pe =P =p @7)

where Less is the active slip length, the mean free path travelled by a dislocation before it is
annihilated or immobilised. The subscripts e and s denote edge and screw type dislocations,

respectively, such that the total mobile dislocation density is p = p, + p, . For materials with

a LAB dislocation substructure, Les is approximated as the lath width, w [71].

Consumption of mobile dislocations is attributed (here) to (i) mutual annihilation of mobile
dislocations, (ii) LAB dislocation annihilation, (iii) dipole dislocation formation and (iv)

formation of locked dislocation configurations.

Mutual annihilation of two mobile dislocations will occur if two edge (or screw) mobile
dislocations of opposite sign and anti-parallel Burgers vector are present within a critical area
for annihilation (see Figure 4a). Following an approach similar to the work of Roters et al.
[62] and Hosseini et al. [72], two mobile dislocations of opposite Burgers vector and
velocity, v, will move a total distance of 2vdt towards each other during a time increment, dt,
before being annihilated, if both dislocations lie within a critical distance for annihilation, ye
for edge (or ys for screw) dislocations. As the annihilation event consumes two mobile edge

(or screw) dislocations, the reduction rate of mobile edge (or screw) dislocations is:

. -2
P =4Y, m%k where k = e, s. (28)

For edge dislocations, ye is set at a constant value of 6b [15,16] and ys is given by the

following expression [73]:

b
y, =4

21T

, (29)

where 7 is the critically resolved shear stress, assumed here to be 7 :alyb\/; .

LAB dislocation annihilation follows a similar mechanism to mutual annihilation. However,
as LAB dislocations are immobile, only one edge (or screw) mobile dislocation will travel a
distance of vdt to interact with the LAB dislocation within the critical annihilation distance,
as illustrated in Figure 4b. Thus, LAB dislocation annihilation occurs when a mobile

dislocation of anti-parallel Burger’s vector is present within a critical area for annihilation. As

12



only one edge (or screw) mobile dislocation is annihilated during each event, the contribution
to reduction of mobile dislocation density is:
S pM ﬁkpk,w f

pk_kbn = we

p

(30)

There is a concomitant loss of LAB dislocations, assumed here to be the key mechanism for
loss of the LAB structure, such that the decrease in LAB dislocation density is:

.- pM ﬁkpk,w

D=y, e 31
Pux = Y« bn 5 (31)
Dipole dislocations are mobile, but do not accommodate plastic deformation [62,72], and
become immobilised on reaching a HAGB. The formation of a dipole configuration is
illustrated in Figure 4c for an edge configuration, with the critical distance for dipole
generation defined as [72,74,75]:

\/§by

l67r(1— v)1: ’ (32)

ydip ~
where ¢ is defined using a Taylor dislocation hardening model as a,ub+/p, + p, . A model

similar to that for mutual annihilation can describe the formation of dipole dislocations, such

that the rate of reduction in mobile dislocation density is:

- Yaip = Ye ) PM pZ
pe—diP:4( dpb )pn %

(33)

The generation of screw dipole dislocations is possible [72] but due to the large value of ys,

the rate of reaction tends to be quite small and hence, their generation can be neglected.

Locked dislocation configurations can form due to the processes highlighted in Figure 5,
leading to the immobilisation of dislocations. As edge-edge (or screw-screw) immobilisation
of two mobile dislocations cannot take place on the same slip system, the number of active
slip systems in this process is (n-1)/n [72]. Immobilisation via dislocation lock formation in
all other processes can occur on all slip systems. Thus, the loss of mobile dislocations due to

dislocation lock formation is:
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- p; pM e :
p; =%?’p7[4(n—1)pj+2pk+pj+pk] where j, k =e, s, (34)
where y; is the critical distance for locked configurations to form and pe and ps are the density

of immobile edge and screw dislocations respectively, defined as:

p; == f, — 1, )oi; + Fupu; + Fohy wherej=e,s. (35)

In the current paper, the evolution of immobile dislocation density only considers LAB
dislocation annihilation, the dominant mechanism during cyclic deformation in 9Cr steels.
Hence, the densities of immobile dislocations at HAGBs, pg, and lath interiors, pi, are

assumed to remain constant during high temperature LCF.

2.6.  Modelling the martensitic lath microstructure

Laths (and subgrains) are regions separated by arrays of LAB dislocations with an angle of
misorientation of less than 5°. LABs interact with the motion of mobile dislocations due to
the high number of boundaries [76], resulting in (i) formation of dislocation entanglements
(e.g. locked configurations), (ii) LAB and mobile dislocation annihilation or (iii) Orowan
strengthening via the presence of M23Cs carbides dispersed along LABs. The key parameters
used here to define the structural integrity of the dislocation substructure are lath (or
subgrain) width, shape and angle of misorientation with a neighbouring lath. Hence, to
simulate the contribution of the lath structure to the constitutive behaviour of the material, a
relationship between the lath width, shape and angle of misorientation is developed. In 9Cr
steels, martensitic laths contribute to yield strength [77,78] and control the evolution of
dislocation density by defining the mean free path travelled by a dislocation before it is
annihilated or consumed [71]. Long-term (creep) transformation of the lath microstructure to
a more equi-axed subgrain structure and simultaneous coarsening is not considered here,

since the focus is on shorter-term cyclic deformation.

The widening of laths during cyclic loading is defined here as lath coalescence, as the
boundary between two adjacent laths does not move but is annihilated to form a single lath
configuration. Thus, to simulate cyclic softening of 9Cr steels, i.e. increasing lath width with
decreasing LAB dislocation density [15,16], w is defined as [11]:

14



, (36)

where « is the fraction of annihilated LABs and wo and pw, are the initial lath width and LAB
dislocation density, respectively. The density of LAB dislocations consists of both tilt and
twist boundaries, effectively arrays of edge and screw dislocations, respectively [79]. The
number of LAB dislocations per metre of boundary, Aw, is [80]:

A =

w

e
2, (37)
where @ is the angle of misorientation between adjacent laths. The quantity 4w is converted to
dislocation density per unit area via the following process. Assuming that a LAB is only one
dislocation wide [81], the LAB dislocation density is:

14,P

_ w'w
Pw =75

2 A,

(38)

where Py and Ay are the lath perimeter and lath boundary surface area, respectively, and the
factor %2 ensures that a given boundary is only accounted for once. The spacing between two
LAB dislocations, s, is the reciprocal of Aw. The initial spacing of LAB dislocations defines
the width of the LAB region. An idealised lath geometry, based on TEM observations
[11,15], is defined in Figure 6. Using this geometry, the perimeter is 4w(X1+X2+X1) and the
lath boundary surface area is 4s,(W(X, + X, + X;)—5,/2), such that the density of LAB

dislocations is:

1 wiX, + X, +X
Dy = — ( 1 2 3) 1

2s SO(W(X1+X2+X3)—SZOJ (39)

where so is initial LAB dislocation spacing (width of LAB) and defined as b/6. Using
Equations (37) and (39), the angle of misorientation between adjacent laths is:

g _ P’ [20W(X, + X, + X, )-b]
Orw(X, + X, +X,)

(40)

Such that the rate change in angle of misorientation between neighbouring laths is defined as:
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oy 3 o
62", b [pr pww} (41)

O (X, + X, +X,) W’

The volume fraction of LABs is also defined using the geometry of Figure 6. Defining the

dimensions Lk = Xkw, the LAB volume is:
Vw:|-1L2L3_(L1_So)(|-2_So)(l-s_so)’ (42)

such that the volume fraction of LABS is:

fo =——. (43)

3. ldentification of material parameters

The proposed material model is applied to a P91 steel tested under strain-controlled
conditions at temperatures of 400 to 600 °C. The P91 steel used in this study is an ex-service
(ES-P91) material extracted from a power plant after 36,168 hrs service and 65 start-up and
shut-down cycles. Although ex-service, the material was only subjected to subcritical
conditions below 485 °C when in service and was removed from service for operational
reasons only. Hence, it is assumed that the ES-P91 material has negligible microstructural
degradation and minimal creep damage and is comparable to an ‘as received’ P91 alloy. The
chemical composition of the P91 steel is presented in Table 1. The material underwent a two
stage heat treatment process of normalisation for 0.5 hrs at 1050 °C followed by tempering at

765 °C for 1 hr prior to service.

Figure 7 illustrates a flowchart for implementation of the uniaxial set of equations in a non-
linear solution scheme. The identification process for material parameters follows a step-by-
step methodology, with the majority of material parameters identified using mechanistic
approaches and physical values. The primary steps in this process are identification of the (i)
elastic, (ii) viscous, (iii) precipitate and solute, (iv) HAGB strengthening and hierarchical

microstructure and (v) dislocation density material parameters.

3.1.  Cottrell's stress partitioning method and identification of the elastic constants
The temperature-dependent Young's modulus, E, is identified from the slope of the initial

elastic region of the first cycle and Poisson's ratio, v, is assumed to be 0.3 throughout.
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Cottrell's stress partitioning method [82] is employed to define the initial cyclic yield stress,
oy,0™°, and the evolution of the cyclic yield stress via consideration of the stress response
during a dwell test and determination of the thermal and athermal components of stress.
Figure 8 depicts application of Cottrell's method to the initial cycle for the P91 steel of the
current study at a temperature of 600 °C with a dwell period of 120 s. From Figure 8, the

cyclic yield stress, oy™°, and the kinematic back-stress, on, are defined as:

o9 = Tma — 0w "0, (449)

oy = Tne ¥ (44b)

where omax IS the maximum stress (point B) and o is the reversal yield stress (point D) for the
initial cyclic. The temperature-dependent Young's modulus and initial cyclic yield stress are

presented in Table 2.

3.2. Determination of viscous constants and activation volume from dwell tests
The pre-exponential viscous constant, A, Helmholtz free energy, AF, and activation volume,
AV, are identified from stress relaxation test data. The activation volume can be defined in

terms of the temperature-dependent engineering strain-rate sensitivity parameter, m(T) [83]:

Mk, T

(T

At higher applied strain-rates, the hyperbolic sine constitutive formulation of Equation (6)

AV

(45)

can be replaced by an exponential equation of the form:

where a(T) is the temperature-dependent viscous constant. The required parameters, a(T) and
m(T), are identified by defining the inelastic strain-rate, ¢, , stress, ¢, and viscous stress, ov,
at discrete points along the hold period of a stress relaxation test, as described in Appendix B.
The identified temperature-dependent constants for a(T) and m(T) are presented in Figure 9,

with the identified values of m(T) using this fitting procedure in close agreement with values
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for 9Cr steels presented in the literature [84]. From Equation (46), the natural logarithm of
a(T) is:

In(e) = In(A) - — . (47)

Thus, plotting In(«) against 1/T allows for the determination of the Helmholtz free energy,
AF, and pre-exponential viscous constant, A, from the slope and intercept, respectively. For
the P91 alloy of the present study, this is illustrated in Figure 10, where the identified AF
value of 5.95x107%° J (corresponding to a thermal activation energy of 358.4 J/mol.K) is in

good agreement with published values [42].

3.3.  Precipitate strengthening material parameters

The parameters related to the precipitate induced kinematic back-stress are precipitate radius,
rk, volume fraction, fx, and the obstacle strength coefficient, ¢. For cyclic loading at higher
applied strain-rates, it is assumed here that rx and fx remain constant. The mean radii and
volume fractions of the M23Cs carbides and MX carbonitrides are obtained from the work of
Abe [2], as presented in Table 3. The Orowan stresses and mean obstacle spacing related to
M23Cs and MX particles are determined using Equations (16) and (18), respectively, as
presented in Table 3. These values are consistent with previously reported values by Abe [2].
From the work of ljiri et al. [85], the obstacle strength coefficient is in the range of 0.59 to
0.8, with a value of 0.6 corresponding to the predicted spacing values presented in Table 3.

3.4. HAGB strengthening and hierarchical microstructure constants

Once the precipitate strengthening parameters have been identified, the HAGB strengthening
parameters of ng” and lg are fitted to experimental data, ensuring good correlation with (i)
kinematic back-stress as identified from Figure 8 and (ii) stress-strain data under the
calibration conditions. From this fitting procedure, the constant ng” is assumed to have
temperature-dependence to obtain a best fit with experimental data. The identified
temperature-dependent constant, ng", is found to be proportional to the ratio of the shear
modulus at the current temperature to the shear modulus at room temperature raised to the
power of % (i.e. (uo/u)V?). The justification for a temperature-dependent ng" is based on the

assumption that the energy required for a dislocation to penetrate a HAGB is reduced at

18



higher temperatures, i.e. the critical stress for penetration of the HAGB by the lead

dislocation in the pile-up is reduced with increasing temperature.

The grain size parameters of dg, wo and 6o are identified from published data [16,86] and
EBSD measurements [87]. The identified values of dg, wo and 6o are 4.0 um, 0.4 um and
1.96°, respectively, consistent with previously-reported data typical ranges for P91 alloys,
e.g. [1,2,4,6,86].

3.5. Identification of dislocation density material constants

The required dislocation density parameters are determined from previously published
microstructural data. The initial mobile dislocation density, s, is taken as 1.6x10** m?,
utilising the TEM measurements by Sauzay and co-workers [15,16]. Based on the idealised
geometry of Figure 6, with X1=4.0 and X>=X3=1.0, the initial LAB dislocation density, pw,o, IS
found to be 9.52x10% m (using Equation (39)), which is consistent with the findings of

Magnusson and Sandstrém [41]. The density of HAGB dislocations is assigned a value of

10 m. Assuming that the boundary region width is the product of n; and the mean spacing

of HAGB dislocations, determined as s, =1/ \[p, , fy is given by:

gy -y o Mg, g o g, -y )

0 Y,Y,Y,d?

(48)

where Y (k = 1 to 3) are the characteristic lengths of the block geometry (similar to Xk of
Figure 6). It is assumed here that the blocks are equi-axed, i.e. Yk = 1.0. The initial density of
the lath interior immobile dislocations, pio, is assigned a value of 1.0x10' m=2, based on the
assumption that the material is initially in a relaxed state [41]. The final unknown parameter
in the dislocation density evolution equations, yi, is identified as b using a best fit to
experimental data for cyclic softening, and is consistent with previous work [62,72]. The

complete set of temperature-independent material parameters are presented in Table 4.
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4. Results and discussion

4.1. Comparison with LCF data

Figure 11 presents the model predicted stress-strain comparison with experimental data for
the calibration conditions of a strain-rate of 0.1 %/s and applied strain-range of +0.5 %. Close
agreement is obtained with the experimental data in general, particularly for the effects of
cyclic softening, a key aspect of the present work. The comparison with stress relaxation
presented in Figure 12 is also reasonably close across all temperatures, highlighting the
importance of the physically-based hyperbolic sine approach used in the current study. The
ability of the model to predict the evolution of maximum and cyclic yield stress is presented
in Figure 13, where good agreement with the data is obtained for temperatures of 400 °C and
600 °C. The results of Figure 13 reflect the ability of the dislocation-mechanics modelling
framework, controlled by the evolution of martensitic lath width, to capture the cyclic

softening behaviour in 9Cr steels.

The model is validated against P91 test data for a range of strain-rates and strain-ranges
distinct from the calibration conditions. The results are presented in Figure 14 for the initial
and softened states across multiple strain ranges at a temperature of 400 °C, with results of
similar quality obtained at 500 °C and 600 °C. Figure 15 compares the predicted stress-strain
response at strain-rates of 0.033 %/s and 0.025 %/s for the initial and 600" cycles. Figure 16
shows the predicted athermal (kinematic back-stress and cyclic yield stress) and thermal
(viscous) components of stress for the initial and 300" cycles at 600 °C. The large component
of viscous stress is consistent with the large reduction in stress during a dwell period at 600

°C (e.g. see Figure 12a).

4.2.  Prediction of microstructural evolution under cyclic loading in 9Cr steels

The effects of cyclic loading on the evolution of microstructural parameters, such as lath
width and mobile dislocation density, are also investigated, including comparisons against the
rather limited microstructural data available for cyclic deformation. Figure 17a shows a
comparison of the predicted evolution of lath width, with measured data [16,86] for a
temperature of 600 °C. The predicted values show significantly more growth than the
measured data of Hyde et al. [86], although there is very good agreement between the model

and the final measured value of 1.5 pm when compared with the data of Sauzay et al. [16].
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The evolution of mobile dislocation density is presented in Figure 17b; the final predicted
value is in close agreement with that of Sauzay et al. [16], highlighting the ability of the
material model to predict the evolution of mobile dislocation density. The initial loss of
mobile dislocations for 600 °C (i.e. during cycle 1), is quite large. This may be attributable to
the choice of the parameter, yi, and the omission of immobile dislocation density evolution,
although a rapid initial decrease of dislocation density has been observed for the creep
deformation of 9Cr steels [88]. Figure 18 shows the predicted effect of initial lath width on
evolutions of LAB and mobile dislocation densities. Although a significantly higher LAB
dislocation density is predicted throughout, the key effect is the more sizeable reduction of
mobile dislocation density for the coarser lath case, illustrating the benefits of a fine initial

lath microstructure.

The small effect of temperature on the cyclic evolution of lath width (as predicted in Figure
19a) is expected due to the small effect of thermal aging on lath widening at temperatures of
600 °C or less [89]. This highlights the importance of plastic deformation on the LAB
dislocation annihilation process under flexible power plant operating conditions. Note that the
cross slip mechanism for immobile dislocations has been omitted from the present study,
assuming that dislocation glide is the dominant mechanism for dislocation annihilation.
Figure 19b shows the predicted effect of temperature on the dislocation density evolution for
temperatures of 400 °C, 500 °C and 600 °C. An overall trend of a loss of mobile dislocations
is predicted, consistent with experimental observations [11,15,16] and indicative of cyclic
softening. A higher rate of mobile dislocation density reduction and hence, a higher rate of

cyclic softening, is predicted at a temperature of 600 °C, consistent with experimental data.

4.3.  Effect of key microstructure parameters on constitutive behaviour

This section describes the results of a sensitivity study of the effect of key microstructural
parameters on the constitutive behaviour of P91 steel using the validated model, including the
effect of precipitate diameter and volume fraction, lath shape, and the effect of initial block
size. These microstructural parameters, which are sensitive to the heat treatment process and
thermal aging, directly affect the key strengthening mechanisms for both fatigue and creep
loading, and hence, play an important role in the high temperature performance of P91 steel.
The predictions are discussed in relation to the plastic strain-range, a key variable in many
fatigue damage models [90] and it should be noted that this type of microstructural study is
difficult to conduct experimentally.
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The predicted effects of (initial) radii of MX and M23Ce precipitates on the hysteresis loop for
the 1000 cycle at 600 °C are shown in Figure 20. Smaller precipitates (for a constant volume
fraction) are seen to give a material of higher strength as expected, due to the increased
number of obstacles to impede dislocation motion. The predicted effect of precipitate volume
fraction is illustrated in Figure 21, demonstrating that an increased volume fraction of
precipitates causes a harder response due to decreased mean inter-particle spacing. The
predicted changes in plastic strain-range are of the order of 5 % for MX carbonitrides and 7

% for M23Cs carbides, for both particle radii and volume fraction investigations.

The initial block size of 9Cr steels is dependent on the heat treatment process and longer hold
times and higher temperatures result in a coarser microstructure. In the model developed
here, the effect of block size is taken into account via the back-stress for dislocations
accumulating at HAGBs (see Equation (21)). The model predicts that coarser microstructures
give a softer response (reduced stress-range), as illustrated by the result presented in Figure
22. The decrease in stress-range for increasing initial block width gives an increased plastic
strain-range for strain-controlled loading conditions. This, in turn, can be expected to reduce
LCF life, assuming that strain-life response is independent of block width and highlights the
requirement to optimise heat treatment for creep-fatigue loading conditions.

Martensitic laths are commonly considered to be the key source of high strength in 9-12Cr
steels. In the current work, it is assumed that martensitic lath width controls the evolution of
dislocation density by (i) LAB dislocation annihilation, (ii) representing the physical length-
scale for the mean free path of a mobile dislocation before it is annihilated or consumed [71]
and (iii) quantifying the volume fraction of LABs. The effect of lath shape on the constitutive
behaviour and predicted plastic-strain range for the 1000 cycle, at a temperature of 600 °C,
is presented in Figure 23a. The lath shapes investigated have geometric coefficients of Xk =
(4,4,1), Xk = (4,4,1), corresponding to elongated laths and Xk = (1,1,1) corresponding to more
equi-axed subgrains, similar to the subgrain model of Giroux [11]. For an applied strain-
range of +0.3 %, a 19 % increase in plastic strain range is observed for the (1,1,1) equi-axed
subgrain structure when compared to the case with geometric coefficients of (4,4,1). This
significant increase in plastic strain-range results in increased LAB coarsening and hence, a
higher rate of cyclic softening, as illustrated in Figure 23b. The results of Figure 23 highlight
the importance of the initial lath microstructure on the cyclic plasticity fatigue performance
of 9Cr steels. It is concluded here that it is key to mitigate subgrain formation during heat

treatment, welding and creep deformation. Subgrains form due to over-tempered martensite

22



[88,91] or via creep-fatigue deformation with martensitic lath to subgrain transformation
[54].

From the present microstructural evolution predictions and comparisons with measured
microstructural data from the literature, it is clear that cyclic deformation can have a
detrimental effect on structural integrity of P91 and similar materials. In particular, the initial
rapid decrease of dislocation density, concomitant with a rapid increase in lath width, leads to
a much coarser microstructure over a relatively small number of cycles. This coarser
hierarchical microstructure results in a material with a significantly reduced creep strength.
This highlights the requirement for modelling of material microstructure evolution in fatigue-
creep and creep-fatigue studies and design. Due to the potential short time to fatigue crack
initiation in 9Cr steels [90], the effects of the formation of micro-cracks at point defects such
as M23Cs and MX precipitates cannot be omitted and this can be exacerbated at high
temperatures by their potential contribution to the coalescence of creep voids along
boundaries. This motivates the inclusion of HAGBs and dislocation pile-up formation in a

microstructure-sensitive macro-scale material model [5].

5. Conclusions

This paper presents a dislocation-mechanics unified cyclic viscoplastic constitutive model for
9Cr steels. The model incorporates the key microstructural parameters within a strain-rate
sensitive framework, including a physically-based kinematic back-stress incorporating the
effects of (i) M23Ces and MX precipitate strengthening and (ii) formation of dislocation pile-
ups at high-angle grain boundaries, and dislocation density based cyclic softening. The key

conclusions are:

e The initial martensitic lath width is predicted to control the degree of cyclic softening.

e Martensitic lath coalescence due to the loss of the low-angle boundary microstructure
is predicted to be severe for initial cycles. This is anticipated to have a significant
effect on thermo-mechanical performance.

e There is a requirement for long-term thermal (and strain-dependent) stability of
precipitates and it is important to maintain a minimum block width during heat
treatment, within the hierarchical microstructure, for high temperature cyclic
deformation.

e The microstructural model is capable of predicting the strain-rate effect via the

variable strain-rate sensitivity of the hyperbolic sine formulation.
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Due to the complex hierarchical microstructure of 9Cr steels, it is important to
represent the multiple physically-based strengthening and softening mechanisms to
accurately predict the effects of heat treatment and thermo-mechanical phenomena on
constitutive behaviour.

Materials with an equi-axed subgrain microstructure are predicted to have a higher
rate of cyclic softening compared to a martensitic lath microstructure.
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Nomenclature

Parameter Symbol Parameter Symbol
Pre-exponential constant A Taylor hardening coefficient o1
Magnitude of Burger’s vector b GB material constant ag
Solute strengthening coefficient B Inelastic slip y
Solute concentration c Inelastic strain €in
Block width dg Helmholtz free energy AF
HAGB volume fraction fq Gibbs free energy AG
Precipitate volume fraction fi Activation volume AV
LAB volume fraction fw Lath angle of misorientation 0
Material constant K Fraction of LABs annihilated K
Boltzmann constant ks Inter-particle spacing A
Mean spacing between slip lines Iy LAB dislocations per metre Aw
Dislocation mean free path Lett Shear modulus u
Strain-rate sensitivity parameter m Poisson’s ratio v
Taylor factor Mobile dislocation density P
Number of active slip systems n HAGB immobile dislocation density Pg
Number of sites for dislocation pile-ups Ny gs;c]t;ii;terior immobile dislocation Pi
Number density of precipitates N; Applied stress o
Accumulated effective inelastic strain p Kinematic back-stress Ob
?fﬁﬁ?f;i&e?e\e,fefg;ﬁive inelastic strain Peyc Dislocation pile-up back-stress oy
Precipitate radius r Orowan stress oor
Dislocation spacing Sk Precipitate back-stress op
Absolute temperature T Dislocation substructure back-stress Ow
Dislocation line tension TL Viscous stress oy
Dislocation glide velocity v Cyclic yield stress oy©
Lath width w Shear stress T
Lath characteristic length coefficient Xk Friction shear stress 70
Block characteristic length coefficient Yk Dislocation shear stress Td
Critical annihilation distance Yk Solute shear stress Tss
dcirsi:g,iilti%ist?;ccfsfor formation of yi Viscous shear stress v
Viscous stress constant a Obstacle strength coefficient )
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Appendix A: Derivation of the modified FHP model for cyclic deformation of 9Cr steels

Considering the dislocation pinned at two particles in Figure 24 and bowing out of position
under an applied shear stress, z, equilibrium of forces at an arbitrary point P along the bowed

out dislocation gives:

T, =(r -7, DR (A1)
where Ty is the dislocation line tension, R is the radius of curvature of the bowed dislocation

and zm is the stress due to both particles, defined as [61]:

o N,
Tm :Tm,1+fm,2 = K(E ZE rs,zi (A2)

where Ni and rs; are the number of loops around and mean square planar radius of particle i,
respectively, and R; is the distance from particle i to the arbitrary point P of the bowed out
dislocation. Thus, normalising Equation (Al) with respect to the Orowan stress, or, the

equilibrium condition becomes:

A_T ya (A3)
2R 7, ) Zia
where ¥ is 2Ri/1 and:

@, = 2KN, L (A4)

AZ
It is assumed here that all particles are spherical in shape with equal dimensions, and hence,
provide equal strength across all slip planes. Furthermore, due to this assumption of uniform
distribution and size, the number of dislocation loops around any two arbitrary particles will

be equal. Thus, following the work of Hart [61], an empirical solution to Equation (A3) is:

T

=1+2¢"? +2¢ (A5)

2-Or

The number of dislocation loops, N, around a given particle can be related to glide strain as
[61,92]:

N=—7, (A6)

where ry is the mean volumetric radius of the particle and yin is inelastic slip. The mean

volumetric radius is related to the mean square planar radius as [61]:
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o= (A7)

If the distance between a critical pair of particles is 1.21, where | is the mean spacing between

particles, then the critical mean inter-particle spacing is defined as:

1=121

G (A8)
where f is the volume fraction of particles. Thus, the term ¢ becomes:
_BHK Y g K
(I 3 To,» 13 yin _154 TOr f )/in (Ag)

and the back-stress term is:

Or Or

12
T=1, {1+ 2.48[ﬂJ 4, ) + 3.084 1 3/%} (A10)

Using the Taylor model to convert to the macro-scale yields:

Oor Oor n

12 Y2
o, =00 {1+ 2.48(Mj f3/4[%j 13,09 MK ¢ ﬂ} (A11)
Appendix B: Estimation of the inelastic strain-rates under stress-relaxation conditions

The inelastic strain-rate and viscous stress during stress relaxation are identified using the
following process. In the present work, it is assumed that oy relaxes during the dwell period
from a maximum value at to (point B), to a minimum value of approximately zero at point C
(see Figure 8). To omit the effects of experimental noise during the calculation of the time
derivative of inelastic strain, the stress during a dwell period is redefined using a polynomial

fit as a function of log(t):
o =a, +a, log(t)+a,[log(t)]’ +a,[log(t)[’, (B1)

where a; are the constants of the polynomial and t is time. Equation (B1) is similar to the
expression of Takahashi [93], with the final term added to give an improved fit during the
initial stages of stress relaxation. Applying Hooke's law and taking a time derivative gives the

inelastic strain-rate as:

__(a,+2a,[log(t)]+ 33, flog (1)) ©2)

" EtIn(10)
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As the fit of stress is not well defined at to, the inelastic strain-rate at to is defined by fitting a
polynomial of t for the hardening region of the monotonic curve, such that the stress and

inelastic strain-rate are defined as:

o=y +hbt+bt? +bt?, (B3)
2
i i (b, + 2b2|t5 +30,t )’ &0

where bj are the polynomial constants for the monotonic hardening region.
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Tables
Table 1: Chemical composition of the ES-P91 steel in wt%. The balance Fe.

Al C Cr Mn Mo N Nb Ni P Si \Y
0.007 0.1 8.48 042 094 0.058 0.073 0.19 0.013 0.26 0.204

Table 2: Temperature-dependent material parameters.

T (°C) E (GPa) 6y0”° (MPa) m (-) ng (-)
400 185 190.7 0.014 15.6
500 165 154.3 0.027 121
600 139 108.1 0.082 8.82

Table 3: M23Cs and MX precipitate parameters for P91. The Orowan stress is calculated at room temperature,
with a shear modulus of 90 GPa.

) . Volume Spacing (Eqg. Orowan stress
Particle Radius [2]

fraction [2] 18) (Eq. 16)
M23Cs 25nm 2.0% 259.8 nm 149.9 MPa
MX 10 nm 0.2% 328.6 nm 118.2 MPa
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Table 4: Temperature-independent material parameters for 9Cr steel.

Parameter Symbol Value Source
Pre-exponential constant A 1x10% st Present work
Block width dg 4.0 um SEM [16]
Mean spacing between slip lines Il 300 nm Present work
Initial lath width Wo 400 nm EBSD, TEM [87]
Lath pharacterlstlc length X1, Xo, X3 411 Assumed
coefficients
Block characteristic length
coefficients Y1, Y2, Y3 1,1,1 Assumed
Critical annihilation distance for
edge dislocations Ye 6b nm [15.16]
Critical distance for formation of

: . yi b nm Present work
dislocation locks
Taylor hardening coefficient a1 0.2 Assumed
Helmholtz free energy AF 5.95x101° ] Present work
Initial lath angle of misorientation to 1.96° EBSD [87]
Obstacle strength coefficient ¢ 0.7 [85]
Poisson’s ratio v 0.3 Assumed
Initial mobile dislocation density Po 1.6x10% m2 TEM [16]
HAGB immobile dislocation 15 2
density Py 1.0x10" m [41]
Lath interior immobile dislocation P, 1.0x10% m-2 [41]

density
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Figure 1: Hierarchical microstructure and key strengthening mechanisms in 9-12Cr steels.

Figure 2: Mechanism of dislocation pile-up formation at a high angle boundary.
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Figure 3: Multiplication process via Frank-Read source: (a) initial dislocation configuration, (b) at maximum
stress, (c) continuation of loop expansion under decreasing stress, (d) mutual annihilation of segments ‘C’ and
‘D’ via overlap and (e) a simple model consisting of edge and screw dislocations.
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Figure 4: Schematic representation of (a) mutual dislocation annihilation, (b) LAB dislocation annihilation and
(c) dipole dislocation formation.
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Figure 5: Formation of locked configurations for (a) edge-edge, (b) screw-screw, (c) edge-immobile edge, (d)
screw-immobile screw, (e) edge-screw and (f) edge-immobile screw.
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Figure 6: Representative model for the LAB microstructure. The shaded regions represent the LAB regions.

33



Define material parameters:
E, v, 0y0% n, M, ay, b, i, 1,

dgy agy Igy ng*y Pos pg,Or pi,Ov WO:
B0, Yer Y1, Xi, Yi, M, A, AF, Kg

Define test conditions:
defdt, £epp, Neye

Evaluate initial quantities:

3
2 e Initialise variables:
= XIXZXSWS’(Xlwo’b/go)(xzwu’b/'goxxswo’b/go) p’ o, o-ycycy Ob» 0-9’ O_P’ W, & Eely
o X, X, X W5 &in

_ 1(&)2 Wy (X, + X, + X))
b (WO(X1+ Xz + Xa)_b/zgu)

f

Viscoplastic
ielding?

no

Inelastic deformation:

dp=0
)
Microstructural quantities:
dog=0
do, =0
dp=0
dpw=0

Update microstructural variables:
p=p+dp
Pu=Putp,
p=p+ fupy+ fopy +l- 1, — £, )
W= WoPuo
Pu
f = Lll-zl-x’(l-i’so)(l-z’su)(l-s’su)
i LbL

Strain- Update macro-scale quantities:
controlled? t=t+At; 0 =0tAc
Define test conditions:
do /dt, 20,55, Neye
Inelastic deformation: Update precipitate quantities:
—AF) . (o,AV 1272 b
dp = Aexp| —— |sinh| —— [dt = | Lefm : =M¢p—
P Xp[ KT ] [MkﬁT) o v G )
Evaluate microstructural quantities:
M2l n
do, = 9112 dps -
K agdgb{ n, sm(éin)] psn(-o3)
oo K P £ M2K
do,; = 1.24M[°’+J 17+3.ogT“ 72 dpsan(o—o,,)
oy
(2 5 _ ~ o dpM
dp, ={77p7.k(4yk/1k = YiPrw fu ’4(yk - Ymp)/’k - Y\(4(n ’l)/fk +ZI’J + P +[)J))}p7
w5 bn
dpM By
Aoy = Vi L%
no 5
Update macro-scale variables:
OpeND = TpBND +dap‘BND
Op Nt = Op Nt Jrda'p‘w'r
B L S M I Evgluate {ncrement in
’ o o —> inelastic strain:
% =030, Aéin = Apsgn(o-op)
doy*=M b dp
2Jp
no
oy =0y +do}* Simulation

end?

Output results

Figure 7: Flowchart of the main processes in the uniaxial model.
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Figure 8: Identification of the components of stress from the initial cycle in a dwell test at 600 °C using
Cottrell's method.
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Figure 11: Comparison of the experimentally-measured and predicted evolutions of stress-strain response for
temperatures of (a) 400 °C, (b) 500 °C and (c) 600 °C under calibration conditions of an applied strain-range of
+0.5 % and strain-rate of 0.01 %/s.
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Figure 12: Comparison of the measured and predicted (a) stress relaxation response as a function of time at
temperatures of 400 °C, 500 °C and 600 °C and (b) stress-strain response at 500 °C. The applied strain is £0.5
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Figure 13: Comparison of experimentally observed and model predicted maximum and cyclic yield stress
evolution as a function of cycles in P91 steel at temperatures of (a) 400 °C and (b) 600 °C, applied strain-range

of £0.5 % and strain-rate of 0.1 %/s.
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Figure 14: Comparison of the measured and predicted stress-strain response for an applied strain-rate of 0.033
%l/s for (a) the initial and (b) half life cycles at 400 °C across strain-ranges of +0.3 %, £0.4 % and +0.5 %. The

dotted lines represent experimental data and the solid lines are the model predictions.
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Figure 15: Comparison of the measured and predicted stress-strain response at 600 °C for applied strain-rates of

(@) 0.033 %l/s and (b) 0.025 %ls.
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cycle and (b) 300" cycle at 600 °C, applied strain-range of +0.5 % and a strain-rate of 0.1 %/s.
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Figure 17: Comparison of predicted microstructural evolution with measured data at 600 °C for (a) martensitic
lath width (test data of [16,86]) and (b) mobile dislocation density (data of [16]). The applied strain-range is
+0.5 % and a strain-rate of 0.1 %/s. Note that the experimental testing of Sauzay et al. [16] was carried out at
550 °C.
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Figure 18: Predicted cyclic evolution of mobile dislocation density (mobile) and low-angle boundary dislocation
density (LAB) at 600 °C in P91 steel for different initial lath widths. The applied strain-range is £0.5 % and a
strain-rate of 0.025 %/s.
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Figure 19: Predicted effect of temperature on (a) martensitic lath width and (b) mobile dislocation density with
cyclic evolution. The applied strain-range is £0.5 % and a strain-rate of 0.033 %i/s.
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Figure 20: Predicted effect of varying the mean square radius, ri, of (@) Mx3Ce carbides and (b) MX
carbonitrides for the 1000" cycle in P91 steel at a temperature of 600 °C. The strain-rate is 0.025 %/s and the
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Figure 21: Predicted effect of volume fraction, fx, of (a) M23Cs carbides and (b) MX carbonitrides for the 1000™
cycle in P91 steel at a temperature of 600 °C. The strain-rate is 0.025 %/s and the strain-range is +0.3 %.
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Figure 22: Predicted effect of varying the block width in P91 steel for the initial cycle at 600 °C. The strain-rate
is 0.1 %/s and the strain-range is £0.5 %.
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Figure 23: Predicted effect of lath shape at 600 °C on (a) stress-inelastic strain response for the 1000™ cycle and
(b) maximum stress and lath width evolution as a function of cycles for an applied strain-range of +0.3 % and a
strain-rate of 0.033 %/s.

43



Dislocation '
bowingout

R,
Orowanloop

A/2

A/2

R < e
i
i
i
i
i
i
i
i
i
i
I
i
i
i
i
i
i
i
i

Figure 24: Schematic representation of a dislocation pinned at two particles.
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